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Preface 

Over the past decades, nanocrystalline (nc) materials have become a main source of interest 

due to their interesting features in comparison to the equivalent in bulk. 

In this work, two metals in particular will be investigated: palladium and nickel. In the case of 

Pd, it has been known as an ideal model system to study the effect of hydrogen (H) 

absorption due to its fast and reversible hydriding kinetics. Since hydrogen energy 

technology is an promising upcoming field, especially in an era where replacing fossil fuels 

has become a global priority, Pd can form a good starting point since it has a high sensitivity 

and selectivity with respect to hydrogen and can release hydrogen at room temperature, 

which can also contribute to sensing and purification applications. However, due to the high 

market price of Pd, an affordable alternative such as Ni is required for bulk-fabrication. 

Advanced transmission electron microscopy techniques have been used in the present work 

to reveal the elementary processes at the nanoscale both in as-deposited and hydrided nc 

thin films. Special attention was also paid to unravel the influence of the mobility, nucleation 

and interaction of extended crystal defects on the mechanical response of the films. 

Regarding the films discussed in the thesis, the hydriding as well as the measurements of the 

internal stress have been performed by the IMAP group of the Université catholique de 

Louvain in Louvain-la-Neuve. For the most part, they also produced the thin films. A few 

samples were provided by the MNE department of Pennsylvania State University. All 

advanced transmission electron microscopy results were gathered with in-house equipment. 

 

 

Organization of the thesis: 

Chapter 1 shows an overview of crystal defects such as stacking faults, dislocations and twin 

boundaries and a general description of the plasticity mechanisms in nanocrystalline face 

centred cubic metals. 

Chapter 2 provides details on the sample preparation method of the nanocrystalline metals, 

followed by a summary on the construction of the TEM samples with the focused ion beam 

technique and an explanation of the used TEM techniques to characterize the thin films. 

Chapter 3 presents a micro- and nanostructure characterization of hydriding-induced effects 

on Pd and the influence of these defects on the plasticity mechanisms of the films. 
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Chapter 4 gives a proof of concept on creating several Pd thin films with varying grain size as 

sole parameter to differentiate intrinsic from extrinsic effects during deformation. 

Chapter 5 displays the characterization of Ni thin films that were deposited at varying Ar 

pressures and for which the stress.thickness product results measured during sputter-

deposition were explained based on observations made with TEM. 
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Voorwoord 

Over de afgelopen decennia verwierven nanokristallijne materialen een grote hoeveelheid 

aandacht, voornamelijk dankzij hun interessante eigenschappen in vergelijking met de bulk. 

In dit werk werden twee metalen in het bijzonder onderzocht: palladium en nikkel. Pd staat 

gekend als ideaal modelsysteem om het effect van waterstofabsorptie te bestuderen dankzij 

zijn snelle en omkeerbare hydrateringskinetica. Omdat waterstoftechnologie een beloftevol 

opkomend veld is, voornamelijk in een tijdperk waarin de vervanging van fossiele 

brandstoffen een wereldwijde prioriteit wordt, kan Pd een goed startpunt vormen dankzij 

zijn hoge gevoeligheid en selectiviteit voor waterstof en omdat deze bovendien waterstof 

kan vrijlaten op kamertemperatuur, wat kan bijdragen tot sensor- en filtratie toepassingen. 

Echter, vanwege de hoge kostprijs van Pd, is een goedkoper alternatief zoals Ni nodig voor 

bulk processen. In dit werk werden geavanceerde transmissie-elektronenmicroscopie 

technieken gebruikt om op nanoschaal de elementaire processen te onderzoeken, zowel in 

de originele als in de ge(de)hydrateerde nanokristallijne dunne films. Er werd ook extra 

aandacht besteed aan het ontrafelen van de invloed van de mobiliteit, nucleatie en 

interactie van kristaldefecten op de mechanische reactie van de films. Voor de films 

besproken in deze thesis werd zowel de hydratering als de meting van interne stress 

uitgevoerd door de IMAP groep van de Université catholique de Louvain in Louvain-la-

Neuve. Zij hebben ook het leeuwendeel van de beschreven dunne films geproduceerd. 

Enkele specimens werden voorzien door de MNE afdeling van de Pennsylvania State 

University. Alle gevorderde transmissie-elektronenmicroscopie resultaten werden verzameld 

met eigen apparatuur. 

 

Organisatie van de thesis: 

Hoofdstuk 1 toont een overzicht van kristaldefecten zoals stapelfouten, dislocaties, 

tweelingsgrenzen en een algemene beschrijving van de plasticiteitsmechanismses in 

nanokristallijne kubisch vlakgecentreerde metalen. 

Hoofdstuk 2 voorziet details over de specimen preparatie methode van de nanokristallijne 

metalen, gevolgd door een beknopte omschrijving over de constructie van TEM specimens 

met behulp van de gefocusseerde ionenstraal techniek en een uitleg over de gebruikte TEM 

technieken om de dunne films te karakteriseren. 

Hoofdstuk 3 presenteert een micro- en nanostructurele karakterisatie van waterstof-

geïnduceerde effecten in Pd en de invloed van deze defecten op de plasticiteitsmechanismes 

van de films. 
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Hoofdstuk 4 geeft een proof-of-concept over de creatie van verschillende Pd dunne films 

met een variërende korrelgrootte als enig onderlinge verschil om een onderscheid te kunnen 

maken tussen extrinsieke en intrinsieke effecten tijdens deformatie. 

Hoofdstuk 5 toont een karakterisatie van Ni dunne films die gedeponeerd werden met 

variërende Ar druk en de stress.dikte waarden die gemeten werden tijdens sputter 

depositie, waarna de resultaten hiervan verklaard werden op basis van observaties gemaakt 

met TEM. 
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1.1 Hydrogen 

Global warming has been looming with an increasing threat on the wellbeing of our planet. 

Aside from natural greenhouse gases, it has been confidently proven that the dominant 

causes of the observed warming since the 1950s are due to human influence. Therefore, in 

an attempt to slow down the climate change, a lot of attention has been focused towards 

alternative energy sources other than the classic fossil fuels. Hydrogen, or more specifically 

H2 gas, holds an incredible potential in energy related technology. It is the primary source of 

the stars’ nuclear fusion process converting hydrogen into helium. Here on Earth, where 

hydrogen is the third most abundant element available, there are several candidates that 

could harvest this valuable resource. One example is the building of nuclear fusion centrals 

to replicate the Sun’s energy production process. The leading project in this is ITER, which is 

being built at this very moment in the south of France, and should produce the first plasma 

by 2025 for a netto energy production of 450 MW –and this is only the testing facility. A 

more day-to-day example are hydrogen powered vehicles, in which the only produced 

exhaust would be pure water. In this category, likewise the case for electric cars, a few 

models start to trickle into the public market, and a widespread consumption is expected in 

the nearby future. 

Hydrogen has a high self-ignition temperature (510°C) in comparison to other fuels, where 

for example in gasoline this ranges from 228 to 501°C depending on the grade. Furthermore, 

hydrogen is more energetic per gram than natural gas, which is the most energetic fossil 

fuel. On top of that, since hydrogen is the lightest element, it disperses rapidly in the 

atmosphere. The downside of this low mass combined with a high diffusivity is that it is 

difficult to store. Even more, when compressed in concentrations between 4% and 90% in 

volume, hydrogen becomes highly flammable1. This in particular is particularly important 

since burning hydrogen is nearly invisible. These problems require extra attention since it 

arises serious concern about safety issues, such as storage, transport and safe handling. For 

now, there is no standard storage method available aside from sturdy stainless steel- and 

composite tanks2,3. For the development of more delicate applications and to improve 

general safety, it is important to investigate more into detail the potential materials for 

efficient storage, purification and detection of hydrogen gas. By processes such as 

physisorption and chemisorption, other alternative storage systems have been suggested, 

such as complex metal hydrides4–8, nanotubes3,9–13 and transition metal hydrides14,15. For the 

latter, after repeated hydrogen absorption and desorption, the metals have been reported 

to become more brittle3. This embrittlement has been attributed to a permanent change in 

mechanical properties and has been studied in detail with the absorbed hydrogen still 

present in the metal-hydrogen system. On top of that, recent works focus on the mechanical 

properties of the metal matrix after desorption2,3,16–20, especially for Palladium (Pd) and Pd-

based alloys due to their reversible hydriding behaviour in which the hydrogen gas 

absorption and desorption occurs in ambient conditions. Unfortunately, Pd cannot be 

utilized in bulk since the current market price is comparable to gold and thus is restricted to 

thin film technology at most, e.g. relevant for membrane technology for gas separation. 
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However, the knowledge obtained from Pd can be extended towards cheaper metals with 

similar properties, such as Nickel (Ni). Therefore, Pd has also been used as a starting point 

for a clear separation between material intrinsic and hydriding induced effects. 

 

1.2 Palladium 

1.2.1 General properties 

Discovered in 1803 by Wollaston, Pd first originated as a side product in an attempt to purify 

Platinum (Pt). Aside from crude Pt, Pd can also be mostly retrieved from copper-nickel 

sulphide ores21. Palladium has been named after the asteroid Pallas, which was originally the 

name of the daughter of the Greek god Triton, son of Poseidon. The element falls within the 

VIII group of transition elements and belongs to the Ni subgroup and has a face centred 

cubic (fcc) crystal lattice structure. In 1866, it was found by Thomas Graham that Pd can 

absorb high amounts of H2 gas and that this gas can diffuse with a high selectivity through Pd 

membranes at a rate which is magnitudes higher compared to the diffusivities of other 

gases, which implies that Pd can be used as a hydrogen purifier21. Thus, the great potential 

of Pd as purification and sensing application in hydrogen related technology becomes clear. 

Aside from reversible hydride formation22, the high natural selectivity and sensitivity for the 

adsorption of hydrogen could contribute to a hydrogen purity of 99.99999%. Combined with 

the ability to release hydrogen at room temperature, Pd can be applied as an environment-

friendly hydrogen purifying alternative in comparison to energy-consuming techniques, such 

as electrolysis of water or the gasification of hydrocarbons. Furthermore, Pd has relatively 

low activation energy to create hydrogen single atoms from breaking H2 molecules, and can 

also be used as a surface catalyst for the adsorption of hydrogen23. 

 

1.2.2 Physics of the Palladium-Hydrogen interaction 

During Pd hydriding, the metal film will go through several phases as a function of the 

increasing H/Pd ratio. At low concentrations, hydrogen atoms will partially occupy the 

interstitial octahedral lattice sites in the fcc structure retaining the so-called α phase. As long 

as the H/Pd atomic ratio does not exceed 0.017 (1.68 at% H) at room temperature24, a value 

referred to as αSSmax, the lattice will remain in the α phase although the cell parameters will 

expand slightly from 3.889 Å to 3.895 Å. Above αSSmax, a second phase known as the β-phase 

with a lattice constant close to 4.025 Å16 will be introduced and where most of the 

octahedral sites are occupied while still maintaining an fcc structure due to the ordering of 

the hydrogen atoms. As long as the H/Pd ratio remains in between αSSmax  and 0.60 (37.6 at% 

H), where the latter is referred to as βSSmin, the two phases will co-exist inducing local volume 

expansions. Once exceeding βSSmin, the α-phase will disappear completely, rendering the 

structure in a pure β-phase; thus the hydrogen will be occupying most or even all interstitial 

sites. In one unit cell, a maximum of 4 H atoms can be stored once every octahedral position 



Chapter 1 

4 

 

is occupied. This is visualized in Figure 1.1a, while the phase transition diagram as a function 

of the hydrogen partial pressure and the temperature25,26 is shown in Figure 1.1b. 

 

Figure 1.1: (a) Schematic illustration of the hydrogen atoms (orange) occupying the 
octahedral sites in the Pd fcc lattice (purple)27. (b) H/Pd phase diagram24. 

 

When the lattice is completely in β-phase, the initial volume has expanded by 

~10%2,16,22,23,25,28,29. If the material is constrained mechanically, such as by lying on a thick 

substrate, the dilation can generate extremely high overall compressive stresses in the 

material.  

The solubility of hydrogen gas in Pd as stated in the previous paragraph is valid for bulk Pd. 

For thin films and nc Pd, it has been reported by Y. Li and Y.T. Cheng that the minimum 

hydrogen solubility in the β-phase decreases to 0.4326 (from 0.6), while the maximum 

hydrogen solubility in the α-phase increases to 0.02 (from 0.008). 

This implies that bulk Pd has a wider miscibility gap for hydrogen in Pd in comparison to nc 

and/or thin Pd films30,31. Regarding nc metals, these are defined with a maximum grain size 

of 100 nm and contain therefore a high density of grain boundaries (GBs). Since the GBs can 

act as hydrogen trapping sites in the Pd microstructure, the high density of GBs are 

considered as at the origin of the changes in solubility of hydrogen gas in nc Pd32. Other 

defects could also trap hydrogen atoms, such as vacancies and dislocations23. Even the 

thickness of the film plays a role in the hydriding behaviour32; with decreasing film thickness, 

it was reported that the miscibility gap narrows due to a decrease of βSSmin and a likewise 

increase of αSSmax
33. From these arguments, it becomes clear that the initial microstructure 

and dimensions of the thin film affect the hydriding behaviour; this will be further discussed 

in detail in following sections. 

When hydrogen atoms are introduced in Pd without nanoscopic gaps, they will occupy the 

interstitial lattice sites and will act as scattering points for electrons, causing an increase in 

the net electrical resistivity of the films. On the other hand, due to the structural swelling of 
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Pd caused by hydrogen loading, any present nanoscopic gap could close up and result in a 

decrease of the net resistance of the system34,35. The total change in electrical conductivity 

depends on the concentration of absorbed and/or ambient amount of hydrogen. This 

principle can be utilized by sensors to detect the presence of hydrogen if the volume fraction 

ranges between 5% and 100%. However, in order to be able to detect 100% of hydrogen gas 

by volume, Pd needs to be modified by adding alloying elements such as Silver (Ag) and Ni as 

this will extend the single phase region in the metal-hydrogen phase diagram21. 

The structural changes in the hydrogen loaded Pd lattice may cause a change in the 

mechanical properties of nc Pd due to the generation of dislocations in the matrix. The 

repeated exposure of hydrogen to sensors could thus lead to an interruption of the electric 

circuitry and a lowering of the sensing cell’s sensitivity and proficiency, thus shortening the 

device’s lifetime36. It is therefore important to characterize the nc Pd in-depth before and 

after hydriding to predict and further improve the named applications. 

Before going into detail on the post-hydriding effects that induce microstructural changes, it 

can help to understand how the Pd-H kinetics work, which is based on the interaction of the 

gaseous hydrogen molecules with the metal surface37. First, the free molecules are adsorbed 

on the surface and dissociated into individual hydrogen atoms by dissociative chemisorption. 

These adsorbed atoms start to diffuse in the bulk metal along a minimum energy path 

towards available positions in the Pd structure to form the hydride phase by occupying 

mainly the octahedral interstitial sites in the fcc Pd lattice32. This process is displayed 

schematically in Figure 1.2. 

The hydriding mechanism in materials is influenced by different parameters, such as defect 

size and concentration, nature of the precipitates and grain size37, which in turn are effected 

by the synthesis technique, the pre-hydriding treatment and the hydriding method. 

Therefore, the preparation method needs to be controlled delicately since the procedure 

can inflict a specific kinetic behaviour during the hydriding of nc films and powders. In case 

of the Pd used in this work, the same preparation method, which will be discussed in section 

2.1.3.1, was maintained for all samples to maintain uniformity. 

 

Figure 1.2: Schematic illustrating the absorption process of hydrogen in Pd38. 
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1.3 Nickel 

1.3.1 General properties 

Although used unintentionally for millennia as part of an alloy in weaponry, coins, and other 

metallic artefacts, Ni was first truly isolated and characterized as a stand-alone element in 

1751 by the Swedish chemist, Axel Cronstedt. Nickel's name comes from the Saxon term 

'Kupfernickel' or Devils' Copper. Even after this discovery, Ni is still rarely used in pure form 

and mostly to enhance other metals such as iron and copper to produce a superior alloy. 

Applications range from mobile phones, batteries and, on a smaller scale, MEMS chips. 

Regarding the latter, Ni is a popular component due to its remarkable mechanical properties 

and is easily deposited using sputtering, evaporation and electroplating processes. Even 

more, the magnetic properties can make it very useful in magnetic MEMS devices39. 

 

1.3.2 In comparison to Palladium 

As was implied in chapter 1.2.1, Ni belongs to the same VIII group of transition elements as 

Pd and has an fcc structure as well, although the unit cell is smaller with a lattice parameter 

of 3.52 Å. 

While Pd is considered an ideal model system to study hydriding kinetics, it is from an 

economic standpoint not feasible to use for hydrogen applications in bulk. An interesting 

alternative which is taken into consideration is Ni. In the Earth’s crust, Nickel is more 

abundant by a factor of 5600 (84 mg/kg of Ni to 0.015 mg/kg for Pd)40. Furthermore, when 

comparing spot prices, Ni can be acquired for €9.7 per kilogram while Pd, at the time of 

writing, has topped even gold (€36172.71/kg) as the most precious metal with 

€37320.89/kg. 

Similar to Pd, Ni has an α- and β phase depending on the absorbed H concentration. Shizuku 

et al. 41 have measured a Ni-H phase diagram which has a comparable shape as the Pd-H 

diagram shown in Figure 1.1, but with the critical point located at Tc≈633°K and a pressure of 

pc(H2)   1.4 GPa41. However, at room temperature, Ni cannot dissolve more than 0.0014 at% 

naturally, thus requiring an external stimulus. Stoichiometric Ni hydride can be formed at 

25°C when minimally 6 kbar of gaseous hydrogen is applied. This process reverses when the 

pressure drops under 3.4 kbar42. An externally applied force is required due to the activation 

energy for the dissociation of H2 at the surface and to penetrate the H atoms in the bulk. For 

the latter, an energy barrier of 100 kJ/mol needs to be bridged while the surface energy is 

depending on the crystallographic Miller index of that surface. For a Ni(100) crystal surface, 

the barrier is 52 kJ/mol, 46 kJ/mol for Ni(111) and the Ni(110) plane has the lowest 

activation energy at 36 kJ/mol. Furthermore, the desorption temperature for surface-bound 

hydrogen is also a function of the crystal plane; for example, NiO(110) crystal surfaces lose 

hydrogen between 230-430 K while the same effect occurs on Ni(111) between 320-380K42.  
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Regarding the effect of hydriding on the mechanical properties of Ni, it has been proven 

both experimentally43 and through molecular dynamics (MD) simulations44,45 that the 

introduction of hydrogen in Ni increases the work hardening capacity, although 

simultaneously Ni hydride has a lower ductility in comparison to pure Ni. This forms a serious 

issue for high-temperature applications of Ni and Ni-based alloys since these are susceptible 

to environmental elements such as hydrogen, oxygen or water vapour where hydrogen 

embrittlement becomes part of the degradation process44. 

It is thus evident that the hydriding process in Ni is significantly more complex than Pd, but 

still interesting from a scientific and economical viewpoint. In this thesis, some results will be 

shown on hydriding nc Ni using an electrochemical procedure, as will be detailed in chapters 

2 and 5. 

 

1.4 General introduction to extended crystallographic defects  

As was stated in previous sections, the behaviour of the microstructure depends heavily on 

the occurrence of intrinsic defects. On top of that, the mechanical properties of crystalline 

materials are strongly influenced by the nucleation of crystal defects and their interaction 

with other defects including structural interfaces, such as dislocations and grain boundaries. 

In this chapter, a brief overview is provided for the defects that could occur in the 

microstructure of Pd. 

 

1.4.1 Dislocations 

Dislocations are one-dimensional defects which occur within a crystal structure and are 

usually generated whenever stress is applied. It is due to the movement of dislocations 

under stress that slip and plastic deformation can occur within the structure. Thus, it is 

evident that their presence affects the different properties of the materials, especially the 

mechanical and electrical characteristics. A dislocation can easily be recognized as a single-

line disruption running through an entire grain or even the whole sample, and the two 

dislocation types classically distinguished are screw and edge dislocations and which can be 

described using the principals of a Burgers circuit with accommodating Burgers vector. In a 

defect-free crystal, when drawing a closed (Burgers) circuit from atom to atom, the shape of 

the circuit will be at least a closed parallelogram (opposite sides are equal and parallel) or 

higher in symmetry. In an attempt to draw this around a dislocation, a gap will emerge due 

to the caused disruption in the crystal lattice; the length and direction of the vector that is 

required to close the loop again is referred to as the Burgers vector. The screw dislocation 

has a Burgers vector parallel to the line of the dislocation, while the edge dislocation’s 

Burgers vector is perpendicular to the dislocation line. Schematic representations46 are 

displayed in Figure 1.3. In many cases, however, a dislocation has a mixed edge-screw 

character. 
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Figure 1.3: (a) Schematic illustration of a closed Burgers circuit around an edge dislocation 
with vector CD as the Burgers vector. (b) Screw dislocation with accommodating Burgers 

circuit. 

 

In an fcc structure, the shortest Burgers vectors for dislocations are of the type <001> and 

1/2<110>. The energy of a dislocation is proportional to the magnitude of the Burgers vector 

squared (b²). This indicates that <001> dislocations have twice the energy in comparison to 

1/2<110>, which implies that <001> dislocations are energetically less favourable, making 

them rarely observed in fcc materials. Regarding the 1/2<110> dislocation, it is referred to as 

a lattice dislocation since the 1/2<110> vector is a translation vector. Furthermore, the glide 

of this dislocation leaves the crystal structure undistorted. However, it is possible that the 

lattice dislocations can split in Burgers vectors shorter than 1/2<110>; these newly formed 

dislocations are referred to as partial dislocations since these cannot be lattice vectors, 

which in turn implies that the glide of partial dislocations in the initial {111} planes will leave 

an imperfect crystal behind. 

Partial dislocations can occur in two types in the fcc structure: Frank Dislocations (FD) and 

Shockley Partial Dislocations (SPD). The FD has a Burgers vector of 1/3<111>, i.e., 

perpendicular to {111} planes, which means that these dislocations cannot move under 

applied stress since the Burgers vector of a FD has no component in any of the {111} glide 

planes and are therefore called sessile dislocations. On the contrary, SPDs have a Burgers 

vector of 1/6<112>, which is in the (111) slip plane, thus allowing slip and making these 

dislocations glissile46. 

As stated at the beginning of this chapter, dislocations can be generated due to the plastic 

deformation of metals. Some other sources are the formation of internal stress in thin films 

during the deposition process on a substrate, irradiation-induced, electrically inflicted, etc. 

Another possible origin is during the (de)hydriding process of thin films, where dislocations 

accommodate the lattice mismatch between the original crystal matrix and the nucleated 

hydride phase32. It is well-known that hydrogen atoms consider dislocations as preferential 

pathways47.  
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Furthermore, due to the strong interaction between the hydrostatic stress component of 

hydrogen atoms and the tensile strain field of an edge dislocation, hydrogen atoms can 

interact heavily with dislocation cores48, which implies that edge dislocations can act as 

hydrogen trap. The edge dislocation core was characterized as a vacancy-like defect with a 

dislocation-H interaction energy of about 0.4 eV32. On the other hand, screw dislocations 

have a weak interaction between the dislocations’ shear stress components and the 

hydrostatic stress component of the introduced hydrogen atoms32. 

It was shown by using chemical potential-concentration isotherms for Pd thin films with 

dissimilar dislocation densities that within the low hydrogen concentration range a strongly 

enhanced hydrogen solubility was revealed46,49. 

 

1.4.2 Grain boundaries 

When the crystal structure is continuous to all edges of the sample, it is referred to as a 

monocrystalline solid or single crystal. Polycrystalline materials contain multiple grains with 

varying size and orientation and can be categorised depending on the average grain size: 

micro crystallites (mc) contain grains larger than 1 µm, ultrafine grains (ufg) range from 100-

1000 nm in size while grains smaller than 100 nm are defined as nanocrystalline (nc). 

The interface that lies between two same-phase grains is called a grain boundary (GB), which 

is defined as a two-dimensional defect. The grains in polycrystalline material can be 

differentiated by their difference in crystallographic orientation. To determine this 

difference, the coordinate system of one grain is superimposed on the other by rotating 

around the common axis [uvw] of both grains (Figure 1.4). The rotation angle is referred to 

as the misorientation angle and serves as a characteristic of the intermediate GB. 

 

Figure 1.4: Schematic representation of superimposing one grain (red) onto the other 

(black); in this example, the [111] direction is the common axis (blue) and the rotation angle 

is 60°. 
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GBs are typically divided in two categories, depending on the misorientation angle between 

the two adjoining grains: low angle (LAGB) and high angle GB (HAGB). The LAGB is 

characterized by an accommodating array of equidistant dislocations. For the HAGB, these 

dislocations start to overlap making them no longer individually distinguishable. The 

transition from LAGB to HAGB is material dependent50, but mostly set between 13-15°. 

As will be detailed in section 1.5, the grain size influences heavily the active deformation 

mechanisms. It has been suggested through in-situ TEM work on Pt51 and MD 

simulations52,53 that with decreasing grain size, the dominant deformation mechanism shifts 

in the nanocrystalline regime from full dislocation activities to partial dislocation 

mechanisms since it is well-understood that it becomes difficult to retain dislocations and to 

allow normal dislocation movement when grains become smaller54,55. Due to this full 

dislocation obstruction, it has been proposed that the main deformation mechanism shifts 

from dislocation movement to GB mediated processes. Several deformation mechanisms are 

correlated to GB mediated processes, such as grain rotation, sliding and creep. These 

thermally activated mechanisms use atomic migration via diffusion along GBs56–58 and will be 

discussed briefly here51. 

Stress-induced grain rotation can occur by GB diffusion59 and movement of GB 

dislocations60. By aligning the grains’ longest axis in the tensile stress direction, the system 

produces the largest possible strain. For example, it was observed by Shu et al.51 that during 

straining, a GB of 18.9° experienced an increase of dislocations and a decrease in average 

dislocation spacing, leading to an increase of angle from 18.9° to 25.1°. They have also 

proven that although grain rotation may have a major contribution to the plastic 

deformation at the initial deformation stages, it cannot become the main plasticity 

mechanism at high strain levels due to geometrical limitations (i.e., the maximum attribution 

of grain rotation to applied stress is turning 90° around its own axis at most).  

Aside from rotating, stress-assisted creep can deform a grain by atomic migration and is also 

the mechanism associated with grain growth. In a real crystalline structure, there are 

locations where atoms can be removed from or added to61. In equilibrium, the chemical 

potential of these sources and sinks is equal everywhere. However, when applying stress, a 

difference in chemical potential arises which is the driving force for the diffusion between 

sources and sinks. For atoms, these locations can be dislocations, GBs or free surfaces. This 

diffusion can take three possible routes: migration along GBs (Coble creep), through the 

lattice (Nabarro-Herring creep) or through surface diffusion51,62. 

Lastly, the grains can achieve a similar increase in strain by sliding along each other to align 

with the tensile load. The strain rate is controlled by the rate of stress-induced atomic 

diffusion along the GBs51. Due to the constraint on grain rotation, both sliding and creep 

have been suggested as the main deformation mechanisms at extremely small grain sizes51. 

More details on the plasticity mechanisms in nanocrystalline metals will be discussed in 

section 1.5. 
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With decreasing the grain size, the GB density increases. Many of the absorbed hydrogen 

atoms will be trapped at GBs since these boundaries are known as low-energy sites for 

hydrogen atoms32. These two arguments were the main attributes to explain the narrowing 

of the miscibility gap, which was observed during the hydriding of nc Pd specimens with a 

mean grain size of 10 nm63. 

 

1.4.3 Twin boundaries 

Another kind of two-dimensional defect is the TB which can be formed either during a 

layers-deposition process, during annealing or due to the deformation of the sample. In an 

fcc crystal, the most dominant occurring TB is on the {111} type plane where on either side 

the normal ABCABC stacking mirrors. This mirror relation is visible in the [110] zone as 

shown in Figure 1.5, which shows two coherent TBs (CTBs) along the    ̅   plane. In this 

representation, each spot corresponds to an atomic column parallel to the viewing direction. 

The angle between the TB plane and the     ̅  plane (i.e., the other edge-on close packed 

plane) in this [110] zone is 70.53°. When a region is enclosed by two parallel TBs, this area is 

named a twin, while the exterior domains are part of the matrix. 

 

Figure 1.5: Visualization of two {111} TBs along the [110] viewing direction, showing the 

mirrored ABCABC atomic stacking. 

 

Just like any other unconstrained system, the structure will try to aim for an energetically 

favourable configuration. The atoms will be positioned in an optimal distance from one 

another, with well-defined bond lengths and angles depending on the elements involved. 

When introducing a TB, if this defect can maintain a mirror-like symmetry without adjusting 

bond lengths or angles, we refer to this boundary as a CTB. Even more, when both regions 

intersect on this boundary in a specific orientation relationship it is referred to as a 

Coincident Site Lattice (CSL) boundary.  
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In this geometric construction, periodically a lattice point of both twin lattice sides coincide 

in the same position along the TB line, in which this periodicity n is expressed as Σn. Σ3 and 

Σ5 CSL boundaries are shown as an example in Figure 1.6. In an fcc structure, the most 

common occurring kind is the Σ3 CSL coherent {111} twin boundary, which is generated by a 

60° rotation around the <111> direction as shown in Figure 1.6. 

 

Figure 1.6: Schematic representation of a Σ3 (left) and Σ5 (right) CSL twin boundary. Note 

that the dashed lines do overlap with all crossed CSL points, but on top of that only with the 

lattice points from one side. 

 

Another variant of a TB is the incoherent TB type. For a coherent TB, the coincidence occurs 

along a single crystallographic plane. However, whenever the TB plane deviates from any 

lattice plane, it is referred to as an incoherent TB since the special orientation relationship is 

lost. Another way for a TB to lose coherency is due to the accumulation of dislocations inside 

or at the vicinity of the TB plane. 

It is still under discussion what the effect is of twins on the hydriding mechanism of metals in 

general. Danaie et al. observed an improvement of the hydriding kinetics in their Mg 

powders and it was suggested that the twins can possibly act as high diffusivity pathways for 

hydrogen64. On the other hand, some reports declare that the twins could act as hydrogen 

traps65, although this has been disputed as well. 

Even though the hydriding debate is still ongoing, twins play an important role on the 

mechanical behaviour of the material. Another key property, which also affects the twinning 

behaviour, is the stacking fault energy which is described in the next section. 
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1.4.4 Stacking fault energy 

When the twin region in Figure 1.4 is only one or two atom planes thick, the interface is 

referred to as a stacking fault (SF)66,67. The latter is a planar defect and characterizes the 

disruption of the perfect crystallographic stacking. If energetically favourable, it can be 

generated by the glide of partial dislocations discussed in chapter 1.4.1; this configuration 

yields a so-called extended dislocation. From the regular ABC stacking, a SF can occur in two 

ways: either intrinsic (ISF) which implies a missing close packed plane (i.e., ABCACABC with a 

removed B plane) or extrinsic (ESF) where an extra plane is introduced, yielding for example 

ABCBABC, i.e., with an extra B plane. In case of the ISF, the defect runs along a single close 

packed plane while the ESF appears over two atomic layers (Figure 1.7). In case there is a 

systematic sequence of SFs, again a twin region will be introduced. 

 

Figure 1.7: Schematic illustration of the formation of intrinsic and extrinsic SFs via glide of 
SPD (bs=a/6<112>). 

 

When stress is applied to the material, a leading partial dislocation glides and leaves a SF 

ribbon behind while the trailing partial removes the SF. This will result in a total slip vector of 

1/2<110>. The existence and width of a SF ribbon is determined by the opposing forces 

working on this SF, such as the attractive surface tension force of the SF versus the repulsive 

force between the leading and trailing partial dislocations. This balance is defined as the 

stacking fault energy (SFE) which is the energy per unit area of the SF. This SFE affects the 

twinning behaviour and plasticity mechanisms during deformation68. Furthermore, the SFE is 

inversely proportional to the SF width and it is well-known that with increasing SFE, the 

occurrence and formation of deformation twinning and SFs in coarse-grained and nc fcc 

metals decreases. 

Following from simulations and experimental results, it is clear that the SFE as defined above 

is insufficient to fully encompass the behaviour of twins in different materials. Stronger 

concepts are the generalized planar fault energies (GPFEs) which comprise the character of 

plastic deformation of nc materials more significantly68,69. The GPFE is a sum of three 

components: γutf is the unstable twin fault energy, γisf is the intrinsic (stable) SFE while γusf is 

the unstable SFE.  
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The latter is the energy barrier dictating if the movement of a leading partial dislocation can 

initiate the homogeneous nucleation of a SF within the perfect lattice. The formation of a 

trailing partial to create a dissociated dislocation with a SF in between is determined by the 

energy barrier proportional to the ratio of γusf/γisf, which is in essence the definition of the 

intrinsic SFE. Regarding the unstable twin fault energy, this is the energy barrier for the 

nucleation of leading partials in successive {111} planes (i.e., forming a twin nucleus) in the 

fcc crystal66. For fcc metals, ab-initio calculations can create the GPFE curves by simulating 

the sliding of two semi-infinite crystals along a [112] direction on a {111} plane. An example 

from Ni, which has a high SFE (≈120-130 mJ.m-2), is shown in Figure 1.8. This implies that 

during deformation, SFs are unlikely to form by slip of partial dislocations. This has been 

contradicted by molecular dynamics (MD) simulations and experimental work on nc Ni which 

have shown that the formation of SFs and deformation twins is viable67. When stress is 

applied to Ni, a high amount of resolved shear stress could overcome the lattice resistance 

for moving a dislocation (i.e., the Peierls-Nabarro stress) and form a SF by an induced leading 

partial dislocation. For the trailing dislocation, the barrier for nucleation and movement is in 

function of the energy difference γusf–γisf. Thus, the explanation for the formation of the SFs 

in Ni is due to the nucleation and slip of leading partial dislocations without the presence of 

the trailing partial to remove the disruption in the lattice afterwards. On top of that, the 

unstable SFE is close in value to the unstable twin fault energy, which implies that 

deformation twins can also be formed due to the slip of the leading partial dislocation across 

existing SFs to create a twin nucleus, even though Ni has a high SFE. 

 

 

Figure 1.8: Schematic plot showing the GPFE curves of Ni67. “a” is the lattice constant, γutf is 
the unstable twin fault energy, γsf and γusf are the stable and unstable SFE, respectively. 
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Aside from the created SFs and deformation twins by slip of leading partials, the grain size 

can also have a strong influence of their formation during applied stress. When the material 

has an unstable twin fault energy higher than the unstable SFE, no twinning will occur below 

a defined grain size due to the high required stress for the nucleation and movement of the 

twinning partial dislocation. Extended SFs can still be formed if the applied stress is high 

enough for the emission of leading partial dislocations. 

After this required intermezzo, twins will be discussed in further detail in the following 

sections. 

 

1.4.5 Deformation twinning 

The origin of deformation twinning has been discussed in the previous section, namely by 

the nucleation and slip of partial dislocations on successive planes. Due to the equal Burgers 

vector of all these partial dislocations, a macroscopic strain is induced to accommodate the 

imposed strain on the crystal. Due to the glide of the partials on successive planes, a part of 

the grain is sheared into a new shape; a schematic representation is displayed in Figure 1.9. 

A kink in the GB is created at the TB yielding an angle of 141°. Note that this is twice the 

angle between two {111} close packed planes, as was shown in Figure 1.5. 

 

Figure 1.9: Schematic representation of deformation twinning on the upper part of a 

spherical-shaped grain68. b1 represents the Burgers vector equal on all sheared planes. 

 

In an fcc cubic structure, there are three equivalent SPDs on every slip plane. On the <111> 

slip plane, it is possible for twinning partial dislocations to glide due to their Burgers vector 

of 
 

 
<112>. An example is displayed in Figure 1.10a, where the (111) is considered the slip 

plane, yielding the three SPDs as b1 = Bδ = 
 

 
   ̅ ̅ , b2 = Aδ = 

 

 
  ̅  ̅ , and b3 = Cδ = 

 

 
  ̅ ̅  . 
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The ABC lettering refers to the eponymous stacking sequence in fcc structures. It should be 

noted that the mentioned partials’ Burgers vector can also have an inverse direction: -b1, -b2, 

and -b3, which are the red arrows in Figure 1.10b. Due to the disruption (i.e., the SF) caused 

by the glide of partial dislocations, the position of the atoms will be shifted, the amount and 

direction of the shift determined by the orientation and magnitude of the Burgers vectors. 

The shift can therefore be described as an ABC permutation67. By example, Figure 1.10c 

displays the formation of a four-layered twin due to this stacking sequence shift. The normal 

sequence is shown in column 1, while the following columns shift accordingly due to the 

glide of the partial dislocation with Burgers vector b1. In case of the second column, the 

formation of the ISF shifts the atoms from B to C positions, thus inducing a missing B-layer of 

atoms. In column three, continuing from the previous layer, the nucleation and slip of the 

partial dislocation causes the creation of two-layered extrinsic SFs, which are considered as 

nanotwins. As the successive planes induce further slip with the same partials, the twin 

region expands. In case of column 5 in Figure 1.10, a four-layered twin has formed. In case of 

other mechanics, the shift is induced by a mixture of different partial dislocations, causing 

the lattice to shear in different directions and thus inducing a small macroscopic strain67,70. 

 

Figure 1.10: (a) Burgers vectors (b1, b2, and b3) on the (111) slip plane. (b) Top-down view of 

an ABC stacking with the mentioned Burgers vectors projected on the (111) plane. (c) 

Schematic showing the sequential shift in each column by the slip of b1, inducing the 

creation of a (nano)twin region67. 
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1.4.6 Movement of the {112} incoherent twin boundary 

Aside from Σ3 CSL {111} coherent TBs (CTBs), another typical occurring TB is known as the Σ3 

{112} incoherent TB (ITB) which is perpendicular to one of the {111} planes. When a twin is 

present within a grain, but not fully extending towards the GB, a Σ3 {112} ITB separates the 

twinned region from the matrix as shown in Figure 1.11. 

 

Figure 1.11: Schematic illustration of a twinned region in an fcc matrix. The twin borders are 

two parallel Σ3 {111} CTBs (red) and a perpendicular Σ3 {112} ITB (blue). 

 

This Σ3 {112} ITB has been characterized in numerous studies, both experimentally20,71–76 and 

by simulations77–79. Furthermore, it has been observed that the mechanical behaviour of 

nanotwinned metals can be affected due to the incoherent nature and presence of glissile 

dislocations at the twin/matrix interfaces. Depending on the direction of applied shear 

stress, Σ3 {112} ITBs can migrate, causing twin expansion or detwinning71. It was postulated 

by Idrissi et al. that during deposition of nc Pd, it is possible that GBs can dissociate in low 

energy Σ3 {112} ITBs bounding two parallel Σ3 {111} CTBs to lower the total excess energy of 

these GBs71. 

 

1.4.7 Annealing twinning 

When annealing a material at relatively high temperatures, two typical processes are 

observed: grain growth and the formation of annealing twins80. Similar to deformation twins, 

annealing twins are formed through the slip of partial dislocations on successive planes to 

create consecutive SFs. Since there is no applied stress involved during annealing as there 

was for deformation twins, a different initiation mechanism needs to be found.  

Several studies have been performed in an attempt to explain the formation and growth of 

annealing twins through simulated models. Two of these models, which are sometimes 

combined into one encompassing model, are based on growth accidents or the nucleation of 

twins by SFs or fault packets70,80. For the first model, it is assumed that atoms move from the 

shrinking grains to the growing grains during grain growth.  
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During the growth, {111} steps are introduced in the GB to form the annealing twins. The 

latter model assumes that the annealing twins originate from the existence of SF packets in 

the structure, which in turn are attributed to fault formation (pop out) on ledges from the 

GBs. It has been proven through studies on Ni that GB migration is the cause for the 

formation of the annealing twins. The density of migrating GBs depends on its driving force, 

which is associated with the curvature of the GB. This driving force is inversely proportional 

with the radius of the curvature, which can be quantified by the amount of {111} steps inside 

the boundary80 (Figure 1.10). These steps, also referred to as facets or ledges, increase per 

unit area with decreasing curvature radius. 

A schematic illustration of the formation of annealing twins is presented in Figure 1.12 using 

a stair-like GB. As grain I grows, the step MNRQ moves upwards while the plateau PQRS 

moves towards the right to line up with the lower segment LMNO. In both grains, the 

stacking sequence of {111} planes is ABCABCA, while assuming that the atoms are in C 

position in the MNRQ step. When the migration is complete, i.e., in this example when PQRS 

has aligned with LMNO, the migrated volume becomes unfaulted. Due to growth accidents 

however, it is possible that the atoms above the newly formed step plane are in the B 

position instead of A position, which implies the creation of an intrinsic SF or a one-layer 

thick annealing twin. The probability of growth accidents is proportional with the GB 

velocity. If faulting occurs on multiple successive {111} planes, wider annealing twins can 

form80. 

 

Figure 1.12: Illustration of grain growth with a stair-like step (MNRQ) along a GB. Due to GB 

migration, grain II shrinks for the benefit of grain I80. 
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1.4.8 Growth twins 

Before any treatment is performed on the film (i.e., annealing or deformation), it is possible 

to create twin structures during deposition of the material. Near-perfect and large twins are 

often created which can even span the entire length of the grains. Growth twins have been 

successfully produced with pulsed electrodeposition81–83 and sputter deposition84–88 in a 

variety of nc metallic bulk samples and layers of Ag, Cu, stainless steels, Pd and Ni. All these 

studies show that the presence of growth twins induced an improvement of the 

strength/ductility ratio or a higher resistance against plastic localization. Since the formation 

of growth twins has a low threshold in metals with low and moderate SFE, several studies 

have been focused on such materials like Cu81–84 (Figure 1.13) and stainless steels85–88. For 

that reason, high SFE materials with nc structure have gained little attention although the 

presence of twins could influence the hydriding kinetics of these films significantly. B. Wang 

et al.89 used two methods based on physical vapour deposition (PVD) to induce growth twins 

in nc Pd films: sputter deposition and electron beam (e-beam) evaporation. Technical details 

on both deposition methods can be found in their work89. Using bright field (BF) TEM, it was 

found that the sputter-deposited sample had nearly no growth twins, while in the e-beam 

film more than 20% of the nanograins contained growth twins90. The main difference in 

between the two types of film is that the sputtered sample has a strong <111> texture, 

similar to the examined sputter deposited and highly twinned Cu and stainless steel films88–

95, while the e-beam film contains no dominant texture.  

 

Figure 1.13: (a) Bright field and (b) high resolution TEM image of twins in Cu. The inset white 
line tracks the twinned planes. Image adapted from Zhang et al.84. 
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The two main points extracted from this work are that a) the texture influences the growth 

twin occurrence and b) the formation of growth twins is not only dictated by the SFE, as was 

assumed from the observation of nanoscale growth twins in stainless steels and Cu92. Since 

growth twins were discovered in Pd, which has a high SFE (130-180mJ.m-2), a different 

formation mechanism was selected based on GB migration, as proposed by Gleiter92, Ashby 

and Harper91. The model describes the splitting and subsequent GB segment migration, 

which leaves two CTBs behind. Furthermore, grain growth could also induce a decrease in 

the interfacial free energy of the GBs causing twin formation93. Both models suggest that 

GBs and triple junctions are preferable twin formation points since the GB energies are 

reduced through orientation changes. On top of that, the presence of a high twin density 

inside the grain leads to a lower average GB excess energy in comparison to a twin-free grain 

of similar size. 

In conclusion, the occurrence of growth twins in non-textured Pd films can be attributed to 

the formation and glide of twinning dislocations from high energy GBs94–99. 

 

1.4.9 Effect of growth twins on mechanical properties of nc Pd films 

Before proceeding, a few technical terms need to be defined: 

 Strain hardening capacity: the ability of metals to harden under plastic deformation. 

 Ductility: the capacity of metals to deform plastically, without damage or even plastic 

localization. 

 Forest hardening: starting from pre-existing dislocations, extra dislocations start to 

stack on top during plastic deformation, increasing the difficulty for new dislocations 

to move across, thus hardening the material. 

 Frank-read source: This mechanism involves applying shear stress on the slip plane 

containing a pinned dislocation, which causes successive closed dislocation loops 

through the exerted force100. 

Thin metallic films are often paired with a weak ductility due to a very low strain hardening 

capacity. This low ductility is attributed to a lack of forest hardening in the nanosized grains. 

Other present imperfections, however, such as TBs, can also act as barriers as well as 

sources for dislocations, thus increasing the ductility and strength of the nc films. Kobler et 

al. have investigated the correlation between the initial and final twin density after 

deformation in nc Pd films using TEM101. Their results show that the initial twin density has 

an influence on the mechanical response of the film. For an initial high twin density, the 

twins were decreasing during deformation. This behaviour was vice versa for an initial low 

twin density. Idrissi et al.90 reported on strain hardening in deformed Pd thin films with an 

average grain size of 30 nm. They observed the interaction between nanotwins in nc Pd and 

extended dislocations, causing the creation of Frank sessile dislocations close to these TBs. 

The accumulation of these sessile dislocations significantly decreases the TB coherency.  
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This deformation mechanism partially explains the perceived high strain hardening, as the 

accumulation of Frank dislocations stored at the twin/matrix interface probably increases 

the capacity of the TBs to stop the gliding dislocations90. 

From the last few sections, it has become abundantly clear that TBs have a significant effect 

on the plasticity mechanisms of nc materials. Another major influence is the grain size, which 

will be discussed in detail in the next section. 

 

1.5 The Hall-Petch effect 

1.5.1 General behaviour 

Nanocrystalline materials are receiving more attention within the past few years due to the 

tendency of research groups and industry to minimize various systems, such as in robotics 

and electromechanics102. In general, it was established that the grain size is inversely 

proportional with the strength. This relation was originally formulated by Hall103 & Petch104, 

which is expressed as: 

          
 

     (1.1) 

with    the yield strength, d the mean grain size and    the internal stress (i.e., friction) 

opposing dislocation motion which is, just like the strengthening coefficient k, a material-

dependent constant; both    and k can be determined experimentally. The yield strength is 

defined as the elasticity limit of a material before the applied stress starts to deform the 

sample plastically. 

Coarse-grained materials seem to follow this Hall-Petch relation well and the strengthening 

mechanism was at first explained by a pile-up of dislocations at the GBs105. This argument 

becomes more unlikely for small grains (i.e., in the nc regime) since the grains cannot 

contain multiple lattice dislocations. Due to a lack of Frank-Read sources, the dislocation 

nucleation and accommodation inside nc grains is limited to the GBs106. Therefore, the GBs 

in nc materials contain a much higher density of dislocations in comparison to GBs in mc 

films. Furthermore, due to the change in slip planes between two grains and the high density 

of GBs, the dislocation motion becomes obstructed. Thus, as the Hall-Petch equation 

implied, the yield strength is inversely proportional to the grain size. A higher stress will 

generate more propagating dislocations on the same slip plane until they are repelled by the 

pre-existing dislocations near the GB. With increasing stress, this process ends either by the 

transmission of the leading dislocation through the GB or by the activation of another source 

in an adjacent grain. This trend continuous until the activated deformation mechanisms 

shifts. When the grains size becomes as small as roughly 40 nm, the most dominant 

mechanism shifts from dislocation-slip to GB mediated processes, such as GB rotation, 

sliding and creep discussed in section 1.4.1.  
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As this dominant plasticity mechanism shifts, the yield stress will decrease again after 

reaching a maximum dc as shown in Figure 1.14. This decreasing trend is referred to as the 

inverse Hall-Petch relation. Note that GB mediated processes are not necessarily restricted 

to the nc regime, as was proven recently by Idrissi et al. in ufg aluminium107. 

 

Figure 1.14: Schematic of the materials strength as a function of grain size, showing the 
transition from normal to inverse Hall-Petch relation105. 

 

Although this Hall-Petch distribution is roughly valid for most fcc metals and widely 

accepted, there are still some points of discussion. First, the critical grain size dc is material 

dependent via parameters such as the SFE, TB density, etc. Considering that usually only a 

finite amount of experiments with different grain sizes can be conducted, a full curve such as 

shown in Figure 1.14 can only be accomplished theoretically. Second, due to the current 

limitations of the TEM equipment, it is still unclear what the exact mechanisms are in 

extremely small grains, i.e., roughly in the 1-20 nm regime. Finally, as a consequence of the 

previous two statements, several studies show contradicting suggestions on which 

mechanism is the most dominant at certain grain sizes. For example, high full dislocation 

activity has been reported108 in nc Ni, which is in contradiction to other studies where only 

partial dislocations have been observed both in Al and Ni52,109,110. On the other hand, in high 

SFE metals such as Al, the emission of a leading partial from a GB is followed by a trailing 

partial, thus creating a full dislocation52,68,106,108–114. 
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1.5.2 Extrinsic versus intrinsic size effects 

Another important influence that makes the mechanical properties of materials deviate from 

the bulk sample originates from the so-called size effect. This effect is divided in two types: 

intrinsic and extrinsic. Regarding the intrinsic size effect, microstructural changes are 

induced by microstructural length scales, such as the grain size discussed in the previous 

section. The extrinsic size effect on the other hand is caused by dimensional constraints. The 

mechanical properties of small-scale materials depend on their external geometric sizes, as 

has been observed in the mechanical testing of these samples115. In thin films, where the 

thickness is typically much smaller than the width and length of the sample, it is expected 

that the size constraint will have a more significant influence on the mechanical properties 

rather than the microstructure115. For example, the density of dislocations influences the 

plastic flow in the material (intrinsic size effect). In small-scaled samples however, the 

maximum achievable length that the dislocation sources can reach is limited by the 

dimensional constraints (extrinsic size effect), which in turn affects the nucleation process 

and ultimately the strength of the examined material. 

Therefore, the mechanical properties observed in small-scale materials are often a balance 

between the external sample size and the microstructural length scales. Since the plasticity 

mechanisms can diverge heavily from the bulk properties based on these two factors, the 

sample preparation of small-scale samples becomes an important step for mechanical 

testing. Depending on the experiment, either one or both effects need to be controlled 

consistently to ensure a reliable result; an example of this on Pd thin films will be further 

discussed in Chapter 4. 

 

1.5.3 Influence of twins 

As stated before, the deformation mechanisms and mechanical properties in nanotwinned 

nc materials are affected by the presence of TBs (or GBs), since these can change the 

dislocation storage capacity67. In nanotwinned metals, this behaviour has been attributed to 

the TB-dislocation interactions as deformation mechanisms. It has been reported by Idrissi et 

al. that the presence of coherent growth nanotwins can significantly improve the 

strength/ductility balance in Pd thin films with an average grain size of 30 nm90. Using TEM 

analysis, dislocation pile-up against TBs has been identified as the principal mechanism of 

plastic deformation. In comparison to the grain interior, the TBs can sustain much more 

shear strain. It has been reported numerically116,117 and experimentally118 that under high 

stress dislocations can propagate across the TB; this transmission will result in remaining 

defects on the TBs. 
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Initially, twins are often coherent (especially valid for growth- and deformation twins, but 

not necessarily for annealing twins). It was observed by Zhu et al. that in nanotwinned Cu 

during deformation, coherent TBs become incoherent119. Using atomistic simulations on TB-

dislocation interactions, their experimental observation of the high ductility was explained 

by the increased amount of incoherent TBs inducing hardening in the thin film. It was also 

concluded that TBs can play a double role, both as obstacle for dislocation transmission and 

as a source/sink for dislocations. 

Furthermore, on top of all mentioned arguments, it will be shown in this thesis that 

hydrogen can add an extra influence on the twinning/detwinning behaviour of Pd thin films 

under applied stress, thus also affecting the mechanical behaviour of the Pd thin film. This 

will be discussed in detail in Chapter 3. 

 

1.5.4 Grain boundary mediated processes 

As stated a few times before, GB mediated processes such as grain rotation, sliding and 

creep become more prominent than dislocation-based mechanisms with decreasing grain 

size. A change in deformation mechanism has been observed in nc materials in multiple 

studies with grains of ~10nm114,120. 

GB sliding and rotation of grains have been simulated67,68,111–114 and observed67,101,116–119,121–

124 in numerous occasions in mc and nc materials. According to Zhu et al., dislocation 

movement or atom shuffling is required for GB sliding to maintain geometric 

compatibility119. Another possible deformation mechanism in nc materials is grain 

coarsening. It has been reported that grain growth has occurred under stress125, which can 

be explained by the high density of GBs and because nc materials are not thermodynamically 

stable. Another way for grains to merge, is when due to rotation adjacent grains start 

aligning in the same crystallographic orientation, where the intermediate GBs are replaced 

by high density dislocation areas, softening the materials as a result126.  

Many aspects of these deformation mechanisms are still unclear, despite extensive research 

performed on nc materials67,101,127,116–119,121–124 both through MD simulations and 

experiments including in-situ TEM. In recent years, one of the main focus points involves GB 

mediated processes with grain rotation in particular. During in-situ TEM, bright and/or dark 

field (BF/DF) TEM can be applied to characterize grain motion (see also Ch. 2.2.2.2). For 

instance, Hattar et al.124 performed in-situ TEM tensile deformation on ufg Al which revealed 

bend contour motion (i.e., inclination fringes in bright/dark field TEM), which was partially 

attributed to grain growth and grain rotation. Wang et al.128 used nanobeam electron 

diffraction combined with in-situ tensile deformation to characterize grain growth/rotation 

in nc Ni. These results show that during deformation, grain rotation-induced grain 

coarsening is an effective method for small crystallites to accommodate plastic 

deformation124,128–132. 
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Although this BF/DF TEM method has proven to be a powerful tool to characterize in-situ 

such GB mediated processes, careful analysis is required to distinguish rotation of individual 

grains from the tilting of the entire sample, referred to as rigid body motion. This separation 

can be made based on observations in global versus local changes in the film’s diffraction 

contrast107. A second method is to investigate and compare the crystallographic texture and 

grain size distribution with Automated Crystal Orientation Mapping (ACOM) TEM before and 

after deformation, which will be discussed in Chapter 2 in further detail. 

In the present chapter, numerous deformation mechanisms have been discussed and which 

are shown schematically in Figure 1.15. In this thesis, a dedicated study to unravel these 

mechanisms has been performed on nc metals using in-situ TEM. For Pd, two different 

investigations have been executed: first, in trail of the work accomplished by Amin-ahmadi38, 

in-situ deformation has been conducted on nc Pd thin cross-sections of thin films before and 

after hydriding. In the past, the study of the effect of hydrogen on the mechanical properties 

and microstructure has been focused on bulk coarse-grained Pd3,16,133,134. However, as was 

highlighted several times in this chapter, the deformation mechanisms in bulk can strongly 

differ from those in nc materials and taken all stated hydrogen-defect interactions into 

account, it is clear that most or even all defects present in the crystal structure play an 

important role in the hydriding kinetics of the material. While Amin-Ahmadi reported on the 

existence of hydrogen-induced defects in these nc thin films, this thesis studies the effects of 

these induced defects on the plasticity mechanisms. 

Second, a novel sample preparation method was used to create a grain size gradient in Pd 

freestanding thin films with identical thickness. This will allow the creation of several 

samples for in-situ deformation with varying grain sizes, even though the preparation 

method is identical to all specimens. This work could become a stepping-stone to resolve 

some of the major issues discussed in this section on the difficulties to distinguish the 

transition between GB mediated processes dislocation-induced activity, and the preparation 

method could even be extrapolated to similar nc metals. 

Finally, Chapter 5 is devoted to the hydriding mechanics in nanocrystalline Ni. The difficulties 

will be highlighted since Ni has significantly more complex hydriding behaviour in 

comparison to Pd. 
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Figure 1.15: Schematic representation of possible deformation mechanisms in nc metals38,69. 
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2.1 Preparation of the thin films 

2.1.1 Sputter deposition 

There are several efficient methods available to produce ufg and nc materials for research 

purposes or even on an industrial scale. In this thesis, for both Pd and Ni, the used 

deposition technique was sputtering which is a physical vapour deposition (PVD) 

application135. For this method, the used deposition material (usually a solid or liquid source) 

is placed inside a vacuum chamber and connected to a radio frequency (RF) or direct current 

(DC) power supply; the latter method is displayed in Figure 2.1. In doing so, the target 

becomes negatively charged making it the cathode in the system. The substrate on which 

the material needs to be deposited is placed on the opposing side of the cathode and will 

function as the anode. This anode can be biased positively or negatively, electrically floating, 

grounded, cooled, heated or a combination of these135. 

After pumping the chamber to vacuum state, an inert gas such as argon is introduced. This 

increases the gas pressure, ranging between a few and 0.13 mbar. By applying a voltage 

across the anode and cathode, the inserted gas becomes ionized (plasma), which includes 

the creation of free electrons and positively charged argon ions. When these highly 

energetic ions hit the target, the surface releases a plume of sputtered atoms that will 

redeposit upon the opposing faced substrates. 

Since sputtered atoms are highly energetic, the deposited films usually have a high density. 

However, due to this high energy, the temperature in the substrate increases, which could 

alter the morphology and structure of the deposited film. As was implied above, the 

temperature of the substrate can be controlled and unintended heating can be avoided 

while also the adhesion of the sputtered material on the substrate could be improved. 

Furthermore, the gas pressure can be adjusted depending on the deposition requirements, 

such as controlling the internal stress in the deposited film. 

In general, sputtering can be categorized into three variations: 

1) DC sputtering involves applying a constant current between cathode and anode and 

is represented in Figure 2.1. 

2) Magnetron sputtering uses strong magnetic and electric fields to limit the charged 

plasma close to the cathode (Figure 2.2). In the magnetic field, the free electrons will 

move along a helical path which will create more ionizing collisions with the 

sputtering gas. The extra ions lead to increased deposition rates. 

3) RF sputtering is applied to produce non-conduction materials, such as oxides. The 

electric field direction between cathode and anode is changed at a high rate to avoid 

charge build-up on insulating targets. 
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Figure 2.1: Simplified schematic of DC sputtering (after M. Ohring135). 

 

 

Figure 2.2: Simplified schematic of magnetron sputtering, showing the magnetic field lines as 
dotted lines. 

 

Currently, magnetron sputtering has become the preferred technique. Keeping the electrons 

close to the target increases the efficiency of the initial ionization process and creates 

plasma at lower pressures, which in turn reduces energy losses from sputtered atom – gas 

collisions and limits background gas incorporation in the growing film. All samples discussed 

in this thesis were created with magnetron sputtering, although the specimens presented in 

Chapter 4 require extra treatment to create freestanding films. 
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2.1.2 Freestanding films: etching and lithography 

Performing quantitative mechanical testing inside the TEM was proven to be difficult for a 

long time due to the extremely small specimen chamber. On top of this, the sample needs to 

be electron-transparent and have a uniform cross-section. Two modern examples of in-situ 

nanomechanical testing will be discussed in this thesis: nanoindentation (section 2.3.2) and 

micro-electromechanical systems (MEMS). In the latter, the examined material is deposited 

directly on a MEMS chip and made freestanding through etching136. Figure 2.3 shows the 

fabrication procedure, where a silicon-on-insulator (SOI) wafer is used as a basis. A positive 

photoresist layer is deposited and shaped to a certain pattern with a photo-mask, so that the 

sequential step of Deep Reactive Ion Etching (DRIE) removes only non-masked parts of the 

silicon layers. Etching with hydrofluoric (HF) acid was used to etch the SiO2 layer and oxygen 

plasma to remove the photoresist afterwards. This method allows the fabrication of thin 

freestanding film specimens with precise dimensions integrated with actuators and sensors, 

as will be detailed in Chapter 4. 

 

Figure 2.3: Fabrication process steps for the in-situ TEM tensile/fracture testing chip. (a) A 
photoresist film is deposited on the backside of the SOI wafer to (b) make TEM holes with 
DRIE. (c) A sputter-deposited layer of Pd and positive photoresist patterned with a photo-

mask. (d) DRIE etching, followed by (e) HF etching. (f) Etching Si to make the Pd film 
freestanding and oxygen plasma was used to remove the photoresist136. 
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2.1.3 Hydriding cycle 

As was clarified in the first chapter, the hydriding method depends on the materials 

characteristics. Here, the exact preparation technique used in this work will be specified for 

both metals. 

 

2.1.3.1. Pd hydriding procedure 

Due to its easy and reversible hydriding mechanism, it is sufficient to bring the Pd layer in 

contact with the H2 gas mixture at room temperature to induce the adsorption procedure. In 

this work, Pd thin films are deposited on a thick Si substrate and placed in a vacuum 

chamber. When a low pressure has been reached, H2 gas is inserted into the chamber. It is 

well-known that the interaction between Pd and dissociated H2 induces a volume 

expansion28,137. However, since the Pd thin layer is constrained by the underlying substrate, 

compressive stresses will develop within the Pd layer. These stresses can be measured 

indirectly by tracking the changes in the surface curvature of the sample. For established 

commercial hydrogen gas sensors138–141, it is common to use optical sensors in combination 

with an incident laser beam to track changes in reflection or refraction in a thin film 

geometry142,143. Delmelle et al.28 developed a multi-laser setup with a CCD camera for a 2D 

monitoring of the curvature during hydriding with a high spatial and time resolution, since 

the positions of multiple reflected lasers will be detected simultaneously (Figure 3.1). The Pd 

thin films used in this thesis were made with this technique and the hydriding kinetics were 

discussed in detail by Amin-Ahmadi et al.19 Further details are also provided in Chapter 3. 

 

2.1.3.2. Ni hydriding procedure 

As was discussed in section 1.3.2, the hydriding behaviour of Ni is significantly more complex 

in comparison to Pd. The two most common methods to form Ni hydride are under high H2 

pressure42 or through electrochemical hydriding, where the latter was used on the Ni 

samples in this thesis. After magnetron sputter-depositing Ni on a Si substrate, the deposited 

film is attached to the anode of an electric circuit and submerged inside a container in a base 

or acid electrolyte (Figure 2.4). A current is applied to the thin films to induce the hydrogen 

evolution reaction (HER). Depending on the performed experiment, either the voltage or 

current can be controlled as an input in the system; the accommodating other parameter 

(respectively current or voltage) can be measured through the reference electrode, which is 

referred to as a reversible hydrogen electrode (RHE)144,145. Compared to standard hydrogen 

electrodes, an RHE can be placed directly in the electrolyte since its measured potential does 

not change with pH144. Next to the anode, a window is installed in the wall of the container. 

Aimed towards this window, a laser setup is placed with an accommodating CCD detector. 

The laser is focused on the Ni film during the HER, tracking any changes in the surface.  
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If the curvature of the sample changes during the reaction, the laser will be reflected off-

angle, which can be detected by the CCD. These curvature changes can be used as an 

indicator for the stress evolution in the thin film during the HER. Further details are provided 

in Chapter 5. 

 

Figure 2.4: Schematic representation of the electrolyte container, showing the reference 

electrode, anode and cathode (counter electrode). 

 

2.1.4 Focused Ion Beam 

Transmission electron microscopy (TEM) experiments are based on the interaction between 

the sample and a beam of electrons that are transmitted through said sample. If the sample 

is too thick, for reasons that will be discussed in more detail in section 2.2, this interaction 

will result in an image of poor quality. Therefore, a preparation method is required to safely 

extract and thin a representative piece of the prepared thin film to investigate the materials’ 

microstructure properly. In this work the Focused Ion Beam (FIB) method will be applied on 

all examined samples; FIB is a widely used method for the preparation of nanoscale 

materials, such as thin films, nanoparticles, etc. 

For the ion source in a FIB, gallium (Ga) is typically used because of its low vapour pressure 

and low melting point (~30°C). By applying a negative potential between the Gallium-based 

ion source and an extraction electrode, a refined focused ion beam is used to interact with 

the surface of the material where it can remove atoms or atom clusters. At the same time 

the material will emit secondary electrons, which are collected by a detector to produce an 

ion-mode image146. This ion-generated imaging mode is usually combined with a scanning 

electron microscopy (SEM) column for a “dual-beam” setup. This type of FIB-SEM instrument 

can thus simultaneously provide flexible micromachining and high-resolution imaging. The 

electron and ion beam have a cross-section point on the sample and are aligned with an 

intermediate angle of 52°, which is schematically displayed in Figure 2.5. 



  Materials and Methods 

33 

 

When using a low current on the ion source, the ion beam mode can be used without 

damaging the examined material. At a higher current, the momentum of the ions can 

overcome the surface binding of the bound materials’ atoms, resulting in sputtering and 

thinning the specimen. Furthermore, if the instrument is equipped with a gas-injection 

system (GIS), the ion beam or electron beam can be used to deposit elements from the 

inserted gas (usually Pt) on the surface of the sample (Figure 2.5). In a modern FIB-SEM 

machine, an Omniprobe is present to handle and move the sample to a TEM support after 

removing the sample from the thin film. 

 

Figure 2.5: Schematic illustration of a dual-beam FIB–SEM instrument, including the GIS and 

Omniprobe. 

 

In this work, an in-house dual beam FIB/SEM Helios NanoLab 650 from Thermofisher 

Scientific was used to prepare the FIB samples. The Helios is equipped with a field emission 

gun (FEG) high resolution SEM, a Ga+ ion source, an Omniprobe and a GIS needle as Pt 

source. The preparation steps will be explained using the figures displayed in Figure 2.6. To 

protect the sample from FIB-induced damage, a protective Pt layer is deposited by 

assistance of the electron and/or ion beam on the region of interest (ROI) as shown in Figure 

2.6a. Since the ion beam has a higher kinetic energy than the electron beam, the first Pt 

layer is deposited with the electron beam before using the ion beam accommodated Pt to 

ensure minimal damage to the specimen. Next, using the ion source, the area surrounding 

the Pt protected region is removed. By tilting the stage to angles close to 52°, the ROI can be 

cut out in a wedge-shape (Figure 2.6b, c). By welding the Omniprobe to the remaining 

lamella, the sample is removed using the “lift-out” technique (Figure 2.6d, e). As a basis for 

the FIB sample, a copper support is often used (Figure 2.6f, g) onto which the lamella is 

welded by Pt deposition. Before welding, a wedge has been removed from the Cu support 

(Figure 2.6g, h) across which the sample will be mounted. Finally, the mounted sample is 

thinned and cleaned using low-energy Ga+ ions (Figure 2.6h). Without the cut wedge, the 

Ga+ ions could induce backscattering of Cu atoms from the support on the sample, thus 

contaminating the thin film. 
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Figure 2.6: Preparation steps to make a cross-sectional FIB sample for TEM. The tip on which 

the sample is placed is shown in (g,h) and indicated in (f) with a white arrow. 

 

Although this description is valid for most prepared FIB samples, a special variation will be 

detailed when discussing the Push-to-Pull chip (section 2.3.3). 

 

2.2 Transmission electron microscopy 

2.2.1 Introduction 

Although it is not certain who the original inventor was of the iconic light microscope, it was 

established to be invented in 17th century Europe. Over the following centuries, this 

microscope was further improved, pushing the limits of magnifying objects within the visible 

spectrum. However, despite the advances in science and technology, the laws of physics will 

place a limit on the capabilities of conventional light microscopy. The resolution R is defined 

as 

  
     

      
       (2.1) 

with λ as the wavelength of the radiation, β as the semi-angle of collection of the magnifying 

lens and μ as the refractive index of the viewing medium147. For visible light, for which the 

average λ is 550 nm, the best resolution would be around 300 nm. Although this is a 

significant improvement on the natural resolution of our eyes (~0.1-0.2 mm), it is not 

sufficient to distinguish atoms (~0.1 nm). To resolve this resolution problem, de Broglie’s 

particle-wave duality can be applied; an electron beam with energy E can be considered as a 

wave by the (simplified) relation147: 
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√  
       (2.2) 

In this case, the unit for λ is “nm”. For an electron beam of 300 kV, this results in a 

wavelength of ~2 pm. Regarding the resolution R, the medium in a TEM is vacuum which 

implies that the refractive index μ is always equal to 1. Furthermore, it can be approximated 

that sinβ≈tanβ≈β since the reflection angle of the electron beam is very small. For β=0.02 

radians (5 degrees), the theoretical resolution at 300kV becomes 60 pm. However, this 

resolution cannot be reached perfectly due to the aberrations of the microscope’s lenses. In 

modern aberration-correcting TEM microscopes, the theoretical achievable resolution is 70 

pm in scanning TEM (STEM) mode. In order to apply this principle, the first TEM was 

developed in the 1930’s by Ernst Ruska and Max Knoll. Instead of using light and physical 

glass lenses, electrons and electromagnetic lenses were applied to achieve a similar 

microscope system, as displayed in Figure 2.7. At the top, the electron beam is generated by 

the present electron source at a high accelerating voltage (~80-300kV); this source evolved 

in time from a thermionic LaB6 or tungsten filament to a more modern FEG system. The 

electron beam travels downwards to the sample through a system of apertures and lenses. 

The first two condenser lenses in the system (C1 and C2) will mainly control the shape of the 

beam, i.e., resulting in a sharply focused or quasi-parallel beam on the sample. C1 and C2 

lenses are used to project the source on the next lens in line, which is the upper objective 

lens. The latter is also known as C3, since it is used to obtain a parallel beam at the specimen 

plane. After passing through this illumination stage (Figure 2.8), the electron beam interacts 

with the sample and transmits through the specimen stage to yield an enlarged projected 

image in the image plane of the material’s inner structure. 

 

Figure 2.7: Cross-sectional schematic illustration of a conventional transmission electron 

microscope147. 
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Right below the specimen stage, the second objective lens collects the transmitted electrons 

to create an image (real space) in the image plane (Figure 2.8a) and a diffraction pattern (DP) 

from the reciprocal space in the back focal plane (Figure 2.8b). To project the image on the 

screen, the intermediate lens is adjusted to make the object plane of this lens overlap with 

the image plane of the objective lens. For the DP, the intermediate lens is altered to 

intersect its object plane with the back focal plane of the objective lens. 

 

 

Figure 2.8: Basic schematic representation of TEM in either (a) imaging mode and (b) 

diffraction mode, depending on if the imaging system focuses respectively on the image 

plane or on the diffraction plane in the back focal plane. Image after D. Keller148. 

 

The schematic illustration provided in Figure 2.8 is an oversimplified representation of a 

(modern) TEM. In most cases, many extra projection lenses are used for better flexibility and 

larger magnifying ranges. 

After close to a century of further development, there are two main approaches to improve 

the resolution in a TEM: one method is to increase the accelerating voltage, following 

equation (2.2); higher electron energy also ensured that more information was transmitted 

through thicker samples. Up until the 1970s, stronger microscopes were widely used that 

could reach voltages up to 1-3 MV147. Unfortunately, these machines were very bulky, up to 

two stories in height and were ineffective for more beam-sensitive samples, aside from 

irradiation effect studies. Therefore, more attention was shifted towards the second, more 

elegant method: improving the lens aberrations to get closer to the theoretical resolution. 
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All TEM techniques are based on the interaction between the accelerated electrons and the 

specimen under investigation. This reaction can be without or with energy transfer, 

respectively named ‘elastic’ and ‘inelastic’ scattering. This thesis will focus mainly on two 

techniques that make use of elastic scattering: High Resolution (HR) TEM and Automated 

Crystal Orientation Mapping (ACOM) TEM. In this chapter, both will be explored in more 

depth. 

 

2.2.2 Diffraction 

As was implied in the previous section, the TEM can yield both a real-space image and a DP. 

Considering the electron beam as a wave, the phase and amplitude will change due to the 

interaction with the specimen during transmission. Since this scattering will induce a phase 

difference, both constructive and destructive interference will occur in the transmitted 

electron wave which forms the base for electron diffraction (ED). This interference is 

material dependent and can be explained using Bragg’s law: 

               (2.3) 

with d as the spacing of the atomic planes, θ is the reflection angle of the incident electron 

beam with wavelength λ, and n is an integer number. This equation dictates the occurrence 

of constructive interference when the difference in travel distance between two scattered 

electrons on successive planes equals a multiple of the wavelength; this is depicted in Figure 

2.9, with k0 as the incoming wave vector and k1 as the scattered wave vector. 

 

Figure 2.9: Schematic representation of Bragg’s law. 

Bragg’s equation can be translated to reciprocal space through: 

             (2.4) 
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where   represents the diffraction condition vector with a length corresponding to: 

| |  
 

 
        (2.5) 

Furthermore, this vector can be used to understand the construction of the DP. 

The reciprocal lattice can be visualized by a 3D array of points, where each point is 

associated to a particular reflection. On this array, a theoretical sphere with radius 1/λ can 

be placed which is referred to as the Ewald sphere; this sphere can be used as a geometrical 

construction to identify the spots that satisfy the Bragg equation and will appear in the DP. 

Since electrons have a small wavelength (with the example from earlier, ~2 pm at 300 kV), 

the radius of the Ewald sphere becomes large (~10-12 m), making the sphere’s surface 

relatively flat, increasing the amount of possible reflections cutting the Ewald sphere. Even 

more, due to the finite size of a crystal, the reciprocal lattice points have a certain elongated 

form depending on the sample’s shape rather than the dimensions of an infinite point; these 

elongated points are named relrods (Figure 2.10) and are strongly elongated perpendicular 

to the foil shape for a flat and thin film. Therefore, it is easier to intersect with the Ewald 

sphere, even if the Bragg condition is not exactly satisfied. The actual intensity depends on 

the distance between the relrod’s centre and the Bragg condition. This distance can be 

quantified by a vector s, and is referred to as the deviation parameter or excitation error 

(Figure 2.10). 

 

Figure 2.10: Schematic representation of the Ewald sphere cutting through relrods 
(highlighted in red). The vector s represents the excitation error. 

 

As mentioned before, the reciprocal lattice is a 3D array of points, which means that the 

Ewald sphere can cut through relrods on several planes. The reciprocal lattice planes 

perpendicular to the incident beam direction are termed “Laue zones”. The plane shown in 

Figure 2.10 corresponding to the incidence point is called the zeroth-order Laue zone (ZOLZ). 

Any other Laue zone is referred to as higher-order Laue zone (HOLZ), as shown in Figure 

2.11. 
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Figure 2.11: (a) The Ewald sphere cutting through several reciprocal lattice planes and (b) the 
resulting diffraction pattern, showing the ZOLZ and HOLZ. 

 

For the electron waves that satisfy this Bragg law of a particular series of planes, these will 

appear in the back focal plane of the objective lens as a reflection in the resulting DP (Figure 

2.12). The distance between these diffracted spots and the central spot (i.e., the transmitted 

beam that did not diffract inside the sample) represents the reciprocal of the planar distance 

of the crystal lattice. These distances and angles in between diffracted and central spots can 

be used to find the crystal orientation. Therefore, the DP is a very common and powerful 

tool in TEM to investigate and identify several characteristics of the material, such as the 

symmetry, lattice parameters and degree of crystallinity. This is frequently used to 

determine the full crystal structure of a specimen by indexing its DPs, obtained by tilting the 

sample into several different orientations. On top of that, DPs can be used for phase 

recognition and determining the orientation of individual grains, as will be detailed in section 

2.2.4. 

 

Figure 2.12: Example of a simulated Pd diffraction pattern along the [100] direction. The spot 

in the middle is the direct (non-diffracted) beam, while the others are diffracted spots 

reflecting from several different atomic planes. Two of these reflections were indexed and 

used to identify the zone axis [100]. 
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To limit the electron beam exposure to the area of interest, thus yielding a DP solely from 

the selected region, a selected area (SA) aperture can be inserted (Figure 2.8b). This method 

is named selected-area electron diffraction (SAED). 

 

2.2.3 TEM imaging 

2.2.3.1. Bright field and dark field imaging 

Based on the discussed constructive/destructive interference of the transmitted electron 

wave through the sample, the phase and amplitude will change depending on sample 

thickness, orientation, etc., thus influencing the contrast of the projected image. In this 

section, two contrast-based TEM methods will be discussed: bright field (BF) and dark field 

(DF) imaging. While the SA aperture is used to select a specific region in real space, the 

objective aperture can be inserted in the back focal plane of the objective lens to select a 

diffracted spot (DF image) or the central spot (BF image). This implies that the projected 

image will only show information from that selected spot. For BF imaging mode (Figure 

2.13a), this will result in a bright background (no interference) and a sample with darker 

regions, as Bragg’s law is satisfied in these latter areas and the corresponding diffraction 

spots are blocked by the inserted objective aperture. On the contrary, when selecting a 

diffracted spot (Figure 2.13b) by displacing the objective aperture, the regions fulfilling 

Bragg’s law for that specific spot will appear bright. 

Off-axis electrons can cause astigmatism and high aberration, thus the size and position of 

the objective aperture directly influences the resolution147. To gain high quality images, DF 

mode can be replaced by centred DF (CDF). For this mode (Figure 2.13c), the objective 

aperture remains centred on the optical axis. By tilting the incoming beam at an angle 

opposite and equal to the scattering angle, the electron beam of the reflection of interest 

will become parallel to the optic axis. 
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Figure 2.13: Schematic representation of (a) BF mode by using an objective aperture to 

select the central beam, (b) DF mode by moving the objective aperture towards the selected 

diffracted spot and (c) CDF mode by keeping the objective aperture centred but tilting the 

electron beam to bring the selected diffracted spot to the optical axis147. 

 

2.2.3.2. High Resolution TEM 

When using a larger objective aperture size, the electrons from multiple spots can interfere 

to form a direct image of the atomic structure, referred to as a high resolution (HR) TEM 

image. Due to this interference, the contrast in the image is influenced by the difference 

between the phases of the electrons leaving the sample. Any additional phase shift 

introduced by lenses in between the sample and the viewing screen could alter the final 

image. Therefore, lenses with minimal aberrations are required for HRTEM. 

The phases of the electron waves are not directly recorded in the interference pattern, only 

the resulting amplitudes from the interfering electron waves. Depending on the chosen focal 

value of the objective lens, the phase changes accordingly and is converted into an 

amplitude-based image in the image plane. This conversion can be expressed with the phase 

contrast transfer function (CTF): 

                              (2.6) 

with u as the reciprocal lattice vector, A(u) corresponds to the aperture function, E(u) is the 

attenuation of the wave for higher u (E(u) is also referred to as the envelope function) and 

χ(u) describes the aberrations of the microscope147. A typical CTF(u) is displayed in Figure 

2.14, which shows that the function becomes zero at u=0. At a large value of u, information 

with a spatial frequency or periodicity corresponding to that value of u will appear in the 

image due to strong transmission. 
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Figure 2.14: Schematic representation of the contrast transfer function (CTF). The undamped 

CTF is displayed as a dotted line, the dashed line represents the symmetrical envelope 

damping function while the full line shows the resulting damped CTF. 

 

The envelope function E(u) determines the maximum transmitted spatial frequency, i.e. the 

information limit of the microscope. However, the objective aperture will cut off all 

scattered electrons above a certain angle, which is described by the aperture function 

A(u)147. If only the spherical aberration coefficient Cs and defocus of the objective lens (Δf) 

are taken into account, the aberration function χ(u) can be written as: 

     
 

 
   

             (2.7) 

with λ as the electron wavelength. The CTF can further be optimized by introducing a 

negative value Δf to balance the effect of spherical aberration, which is known as the 

Scherzer defocus: 

               
 

 .     (2.8) 

When using this defocus correction, the electron beams at the exit plane of the sample and 

up to a certain spatial frequency will have a similar phase, which is shown as the plateau in 

the CTF (Figure 2.14). Thus, the optimum defocus depends on λ (i.e., on the accelerating 

voltage) and the spherical aberration Cs. So after adjusting the defocus and using the 

objective aperture to cut off the strong oscillating part of the CTF corresponding with the 

high index spots, HRTEM images can be acquired with atomic resolution when the crystal is 

oriented into a zone axis; an example is shown in Figure 2.15. 
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Once the HRTEM image is acquired, a Fast Fourier Transform (FFT) pattern can be created 

from (a region of) the image. The FFT pattern has a high resemblance with the diffraction 

pattern as the FFT represents the 2D slice through reciprocal space. It is therefore possible 

to use the FFT pattern to identify the orientation and crystal symmetry of a nanograin 

(Figure 2.15), as an alternative to SAED since the latter technique is limited by the smallest 

SAED aperture in the microscope (typically ~200 nm)147. 

 

Figure 2.15: Example of a HRTEM image, taken from a Pd thin film. The images on either side 
represent the FFT of the region pointed towards. 

 

2.2.4 Automated Crystallographic Orientation mapping (ACOM) TEM 

2.2.4.1. Introduction 

For single crystal materials, determining the structure’s characteristics is relatively easy using 

SAED and HRTEM. Unfortunately, these techniques also have some limitations, especially in 

the nanocrystalline regime. As stated in the previous section, the maximum amount of 

unrequired information that can be filtered out from the projected image is determined by 

the smallest available SAD aperture. When two or more grains are selected, all reflections 

from these grains will appear in the DP, making characterization more complex. 

Furthermore, orienting a specific nc grain for HRTEM becomes virtually impossible due to 

the interfering signal from neighbouring nc grains (Figure 2.16). 
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Figure 2.16: Evolution of the crystallization in an olivine structure. The images were taken at 

the crystallization temperature (~850°C), after (a) 30 seconds, (b) after 3 minutes and (c) 

after 10 minutes. With time, more nanograins start to crystallize. Since all crystals have the 

same lattice parameters, but are rotated randomly, a ring-shaped pattern starts to form. 

 

One method to characterize nc materials is to use automated crystallographic orientation 

mapping (ACOM) TEM. By scanning the sample with a narrow focused electron probe, it is 

possible to generate a full map with diffraction information in each pixel149. In this manner, it 

is possible to retrieve a spot diffraction pattern (SDP) from a single nc grain with a spatial 

resolution of ~nm. Note that the goal of this technique is not to retrieve new crystal 

symmetry information; the basic characteristics are required as an input to index the 

collected SDP map, which will be detailed in section 2.2.4.2. 

The principle is very similar to the electron backscatter diffraction (EBSD) technique150 in 

SEM. In SEM, the electrons are backscattered into a detector rather than passing through 

the film, as with TEM. For both techniques, the basic idea is similar: gain a map with 

diffraction information in each pixel to create orientation maps, a statistical analysis of grain 

size, texture, misorientation, etc. However, the field of applicability differs. 

For EBSD, the sample size is typically ~µm-mm regime and used on thick samples. Due to this 

thickness, large quantities of electrons are incoherently scattered and can be Bragg 

diffracted147. This will result in a Kikuchi pattern, which resembles a DP but with entire lines 

crossing in between crystal planes. Although EBSD is a robust method for large samples with 

multiple grains, the spatial resolution is limited to ~9 nm at best151. Furthermore, since the 

data collection is based on backscattered electrons, the sample is required to be thick and 

beam-resistive due to the high probe current (1-50 nA). Moreover, the quality of the Kikuchi 

patterns strongly depends on the surface roughness of the sample. 
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Figure 2.17: (a) Example of a Kikuchi map of an fcc metal and (b) the schematic 

representation of (a) with indexed Kikuchi lines147. 

 

ACOM TEM, on the other hand, is quite the opposite: depending on the used beam settings, 

a spatial resolution of ≈1 nm can be achieved. The technique works best on materials that 

are still thin enough for the transmission of electrons (≤ 200 nm) and can be used on beam-

sensitive materials with an average screen current of ~145 pA. Unfortunately the scale of the 

recordable map is within a few micrometres at most, but which is still sufficient for most 

TEM samples, especially nc materials. 

 

2.2.4.2. In comparison to other orientation mapping TEM techniques 

ACOM TEM has already been compared to SEM, to where the main conclusion was to use 

TEM over SEM when studying truly nc and/or beam-sensitive materials. However, there are 

several other TEM techniques that can be used for orientation mapping (OM). Here, a brief 

discussion will be provided152. 

Depending on the microscope settings, both Kikuchi lines (incoherent scattering) and spots 

(coherent scattering) can become visible in the DP. Transmission Kikuchi patterns (TKPs) 

have a high orientation resolution152 depending on the sharpness of the Kikuchi lines. The 

advantage to this technique is that TKPs seldom has problems with 180° orientation 

ambiguities due to the angular sensitivity, but on the downside quickly blurs out due to 

lattice defects, even becoming worse with increasing defect density.  
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Furthermore, due to the difference in scattering behaviour between a thin foil and a bulk 

material (as detailed by S. Zaefferer152), a number of interpretation problems makes the 

technique much more complicated to process compared to the robust EBSD technique, and 

therefore little effort has been put in the development of automated TKP. 

A second option would be to use SAED with a focused beam instead of parallel illumination, 

creating convergent beam electron diffraction (CBED). Due to the focusing of the beam, the 

primary electrons enter the specimen under a range of different directions; the resulting DP 

will therefore not consist of sharp spots but of disks with a diameter proportional to the 

convergence angle of the electron beam. In comparison to SAED, CBED has a high lateral 

resolution due to the converged beam (approximately 10 nm beam size at minimum). 

Furthermore, since CBED is relatively insensitive to lattice defects compared to TKP, it can be 

used more reliably for OM in structures with high defect densities. 

Making the condenser aperture and probe size smaller, the convergence angle will shrink to 

typically 1/5 or 1/10 of the Bragg angle, renaming the technique to small CBED (SCBED)152. 

Decreasing the convergence angle implies that the disks will shrink to finely confined spots, 

similar to a SAEDP. These patterns are referred to as micro- or nano-beam diffraction 

patterns as they are created by a finely focused electron beam. By combining this SCBED 

technique with a scan over the material, the ACOM TEM maps used in this thesis are 

achieved. The main disadvantage of this technique as mentioned before is the low angular 

resolution, inducing 180° ambiguities. This does not outweigh the many advantages of this 

technique and the most common solutions, precession among others, have been discussed 

in the previous section. 

For the moment, the only decent competitor to ACOM TEM is the use of 4D-STEM153. Using 

the elastically scattered electrons originating from the spot illuminated by the STEM probe, 

similar Bragg spot indexing can be applied. For the moment, this method is relatively new 

and still requires development, especially in post-processing since no dedicated indexing 

software for this kind of data has been developed yet. 

 

2.2.4.3. Precession: quality versus quantity 

Ideally, the electron should only diffract once within the crystal structure before contributing 

to the DP; this is referred to as kinematical diffraction. However, with increasing sample 

thickness, the likelihood increases that an electron scatters multiple times. Since the 

rediffracted beam will still comply with Bragg’s law, two main disturbances occur in the DP: 

first, the intensity of existing reflections changes unevenly compared to the kinematical 

result. Second, depending on the crystal symmetry, some reflections cannot exist due to the 

reflection conditions of the accompanying space group of the material. However, due to 

dynamical diffraction, a reflection can occur as the sum of two allowed reflections (Figure 

2.18). 
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Figure 2.18: (a) Schematic representation of dynamic scattering on atomic planes Pi and (b) 

illustration of a DP with expected (filled) and extinct (hollow) reflections, where the latter 

will appear due to dynamical diffraction. 

 

To compensate for this problem, precession can be applied on the incoming electron beam 

(Figure 2.20). Dynamical diffraction occurs mostly due to the electron beam being parallel 

with a certain zone axis. With precession, the beam will reach the sample slightly inclined 

(0.1°-3°) to reduce dynamical diffraction while simultaneously rotating around the optical 

axis at high frequency (~100 Hz). The resulting precession diffraction pattern is a sum of all 

slightly out of orientation DPs and can be considered quasi-kinematical (Figure 2.19). 

 

Figure 2.19: (a) Diffraction pattern without precession and (b) with a precession angle of 20 
mrad. Image used from Midgley et al154. 
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Precession works in two stages, each with a pair of coils. The first set of coils (scan) will 

redirect the parallel beam to make it reach the specimen inclined (defined by the precession 

angle). After passing though the sample, the second set of coils (descan) will correct the 

inclined beam back to a parallel beam for the CCD (Figure 2.20). 

 

Figure 2.20: Schematic representation of the PED setup in the electron column. 

 

Choosing the precession angle is specimen related. Generally, a larger angle results in more 

kinematical data (quality). However, this will also increase the probe size yielding a worse 

spatial resolution (quantity). When using ACOM TEM, the scanning can be combined with 

precession to improve the reliability of indexation. As a result of the reduced dynamical 

diffraction, the amount of ambiguity in orientation mapping will also be reduced: with SDPs, 

only the nearest spots close to the central beam are visible due to a low signal from the 

small probe. Therefore, because of the lack of higher order Laue zones (i.e., the reflections 

further from the central beam, diffracted at higher Bragg angles), a correct orientation 

determination becomes more challenging149,155. For example, in absence of higher order 

reflections, it becomes difficult to distinguish between two possibilities that are related by a 

rotation of 180° around the [111] axis149. This problem is partly avoidable using precession 

since it extends the detectable diffraction information, while the remaining uncertainties can 

be resolved by post-processing. Using OIM analysis, if some pixels within a whole grain 

suddenly have the opposing orientation, it can be safely assumed that the orientation of 

these individual pixels corresponds to the general orientation of that grain and will be 

corrected accordingly; other correcting methods are described in the literature155–157. 
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2.2.4.4. Experimental details 

The spatial resolution in ACOM TEM is defined by the electron beam diameter. It is assumed 

that the electron-intensity distribution of the nano-probe has a Gaussian shape, and the 

probe size is defined as the full width at half max (FWHM) of this measurable curve. To 

achieve a small probe size, several contributing factors need to be taken into account147: for 

a high convergence angle (i.e., focussing the beam with a large C2 aperture inserted), the 

spherical aberration will have the most influence. For a small convergence angle, the initial 

Gaussian shape at the gun will be the most dominant factor. For this thesis, a C2 aperture of 

30 µm and an electron spot size of 9 have been used consistently to reach an optimal probe 

size. 

Recording and indexing software were made by Nanomegas™ and incorporated into the so-

called ASTAR system. ASTAR is hardware equipment mounted on the electron microscope to 

control the mentioned external camera and to perform ACOM TEM combined with 

precession (detailed in 2.2.4.2). Since the ASTAR influences the present coils in the 

microscope, it is a universal setup applicable on most TEM systems.  

An external optical camera is placed on the viewing screen of the electron microscope to 

record the spot diffraction patterns (Figure 2.21a). Alternatively, the data can be recorded 

on a single electron detector (SED). Aside from a similar recording speed, the SED has no 

readout noise and is permanently mounted inside the microscope, inducing no distortion on 

the image (this will be addressed later on in this section). In Table 2.1 some technical values 

are presented comparing the used Stingray optical camera versus an in-house SED: the 

Merlin detector using a Medipix3 chip. The only (small) downside to switching to an SED 

combined with the ASTAR would be the initial synchronization, since the scanning speed 

needs to match the recording speed. 

 

Name Stingray Merlin 

Type of camera Optical SED 

Image size (pixels²) 144 x 144 256 x 256 

Dark noise (counts with no beam) yes No 

Recording speed (highest quality) 100 ms/frame 2 ms/frame 

Recording speed (fastest) 10 ms/frame 0.411 ms/frame 

Recording speed (standard) 40 ms/frame 0.822 ms/frame  
(with 64 grey levels) 

Grey levels 256 16 777 216 (max) 

Bit depth range 8-14  1-24 

Table 2.1: Comparison between the technical values of the Stingray camera and the 
Medipix3 chip. 
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As briefly stated before, the crystal structure characteristics (lattice parameters, space 

group, etc.) need to be known in advance. A database is made with all potential SDPs that 

the structure can create. The experimental map is cross-correlated with this database to 

automatically index all recorded SDPs using an algorithm developed by Rauch et al.149. The 

choice of indexation is based on the generated pattern with the strongest resemblance to 

the experimental SDP (Figure 2.21b). The indexing problem is heavily simplified by using the 

image recognition approach by searching for characteristic features. For SPDs, each recorded 

reflection can be marked by a triplet of information: (x,y) position and the intensity. Since 

the templates only contain a few tens of these non-zero points, the pattern recognition 

increases the identification rate significantly. Every SDP can be represented by an intensity 

function P(x,y) and each template i is written as a function Ti(x,y), yielding an image 

correlation index Q for each template149: 

     
∑  (     )          
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   √∑   (     )

 
   

   (2.9) 

which is also known as the Pearson correlation coefficient. It is a measure of the linear 

correlation between the two datasets P and T and the value for Q(i) can range between -1 

and +1, where -1 is a strong negative linear correlation, 0 means no linear correlation and +1 

is a complete positive linear correlation. The highest Q value yields the most likely index of 

the experimental SDP (Figure 2.21c). As can be deduced from equation 2.9, all points in the 

image for which no corresponding Ti(x,y) value exists in the template will be disregarded, 

further improving the identification rate since the total sum of approved products per 

orientation is significantly reduced. For multiphase materials, a dataset is calculated per 

separate phase and the most probable phase is indicated by the highest overall correlation 

index. 

 

Figure 2.21: (a) Example of a recorded spot diffraction pattern (SDP), (b) Indexation (red) of 

the shown diffraction pattern from (a). (c) Index map, highlighting the indexed orientation 

found in (b). 
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Depending on the material’s requirements, some of the parameters can be optimized for the 

database generation. First, the used microscope high tension needs to be provided. Since 

the electron wavelength λ is depending on the high tension, the scattering angle will also 

change due to Bragg’s equation (equation 2.3). Therefore, the scale of the projected image is 

inversely proportional to the high tension. Next, the amount of higher order Laue zones can 

be chosen. Since a small C2 aperture is often used, HOLZs are often not included in the SDP. 

It is recommended to fit as many available Laue zones as possible since this will simplify 

indexation by the software. Third, the excitation error can be set depending on the cell 

parameters of the sample. As a rule of thumb, if s is the size of the excitation error and a is 

the cell parameter, it is recommended to use 

  
 

 
       (2.10) 

And finally, the angular step size between the generated patterns can be altered. A step size 

of 1° is recommended between the generated templates to avoid overlap to some degree 

between successive templates and to keep a reasonable amount of potential candidates for 

indexation. The size of the database is mostly defined by the symmetry of the structure. 

Depending on the space group of the material, several zones can have an identical 

indexation (i.e., for a cubic material, zones [100], [010] and [001] look the same). Therefore, 

fewer unique diffraction patterns need to be generated. For a cubic structure, about 3000 

templates are sufficient to cover the range of unique indexations. Even an azimuthal rotation 

of the templates can be taken into account for an improved matching with the experimental 

data, leading to a total number of templates in the range of 106 (360° x 3000) for cubic 

materials149. 

The sample surface is used to define the orthogonal reference frame, and the grain’s 

orientation is placed relatively to this frame (Figure 2.22a). Since ACOM TEM maps resemble 

EBSD maps, the same standard orthogonal frame of reference will be applied with the rolling 

and transverse directions (resp. RD and TD) as the two in-plane directions and the normal 

direction (ND) as the out-of-plane axis; ND is also parallel with the microscope’s optical axis. 

The ACOM TEM related results in this thesis are usually viewed along the normal direction, 

unless explicitly mentioned otherwise. The colours shown in Figure 2.22b correspond to the 

crystal direction of each grain normal to the sheet surface. 
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Figure 2.22: (a) Orthogonal reference frame and crystal reference frame ec. (b) Colourized 
map with accommodating colour scale; the colour scaling will be explained in the next 

section. 

 

Before the automatic indexation can commence, some calibration is required by the 

operator. Depending on the microscope settings and/or calibration, the SPDs that are 

recorded can be slightly distorted. First, the theoretical camera length provided by the 

microscope and the database can deviate from the distances in the experimental SPDs; the 

templates need to be (de)magnified slightly to match the experimental data. Second, when 

using an external optical camera, the mirror reflecting the diffracted beam towards the 

camera induces a slight distortion in the image; this can be resolved by either calibrating the 

distortion on a well-known material (such as a main zone axis of Si) or by using a build-in 

high-speed detector to avoid this issue all together. Once all these calibrations are 

performed, the data can be indexed properly. 

Post-treatment of the data, cleaning, interface mapping and statistical analysis were 

accomplished with the orientation imaging microscopy (OIM) analysis software, which was 

developed by EDAX™ for EBSD in a SEM. It needs to be noted that the transfer from the 

Nanomegas to the EDAX software is not automatized and requires an extra scaling step. Due 

to a read-in mismatch, OIM will amplify all distances by a factor of 10³ since the software is 

expecting values typical to EBSD (i.e., 1nm becomes 1µm). To overcome this issue, a custom 

in-house MATLAB script was developed to rescale any distance to the correct value for OIM 

analysis. This script is added in the appendix. 

Regarding the data cleaning procedure, it consists of several steps that are commonly used 

for EBSD158 data as well. First, all amorphous regions that were included in the scan region 

(i.e., the substrate, vacuum, etc.) will be cropped out to improve the quality of the 

sequential steps (Figure 2.23a). Next, it can occur that within a well-identified grain a few 

pixels could be wrongly indexed due to similarity between generated SDPs.  
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Using neighbour orientation correlation, these isolated pixels can be corrected based on the 

average orientation indexation of the neighbouring pixels (Figure 2.23b). Other isolated 

pixels in grains can have a similar orientation as their neighbours, but a relatively low 

confidence index (CI). This can be corrected by changing this low CI to the maximum CI of 

that specific grain. No changes are made in the crystallographic orientation in this CI 

standardization method; just the CI value is upgraded. 

Even after these cleaning steps, some pixels remain that belong to no grains, yet border with 

points that do belong to grains. If the majority of these neighbouring grains belong to the 

same grain, the orientation of the point in question will be changed to match the majority 

(Figure 2.23c). Note that this step needs to be handled with care to avoid a discrepancy with 

the inherent statistics; depending on the settings, smaller grains can be virtually absorbed as 

part of a larger neighbouring grain. Even more, grains that border with the edge of the film 

can start to expand outwards, thus artificially inducing grain growth. 

Finally, it can occur that some grains are mildly bended and/or some points within the same 

grain were indexed with a slightly different orientation. To correctly identify this region as a 

single grain and to further improve the quality of the statistics, the orientation of all 

contained pixels will be averaged to a single direction (Figure 2.23d). In this thesis, all ACOM 

maps shown will have grains with a single average orientation. 

 

Figure 2.23: (a) cropped raw ACOM TEM map. (b) After neighbouring orientation correlation 
cleaning, followed by (c) confidence index standardisation (CIS) combined with grain dilation. 

CIS shows no visual difference hence it does not need a separate image. (d) Average grain 
orientation cleaning. A region that will be influenced heavily in the next cleaning step is 
highlighted by the red outline (looking closely, the slight colour gradient in the big grain 

disappears, providing a uniform colour in the grain). 
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It needs to be emphasized that this template matching strategy always results in some 

solution. To validate the correctness of the solution, another parameter is introduced: the 

reliability. It represents the safeness of indexation based on the ratio between the matching 

indexes of the two best solutions. The value of the reliability ranges between 0 (unsafe) and 

100 (unique solution), and a value above 15 is considered an index of sufficient quality. 

Logically, if the symmetry of the material decreases, more unique diffraction patterns need 

to be generated, which in turn leads to more possibilities to fit a certain SDP. Thus, it is 

common sense that the indexation reliability for fcc structures can reach 60-70 while 

monoclinic structures can get to 20-30 at best. An example of the reliability map of an fcc 

material is displayed in Figure 2.24, showing that the map was well-indexed for the most 

part. Depending on the film thickness and average grain size, several overlapping grains can 

contribute to the same SDP. Obviously the reliability decreases with an increasing amount of 

grains in the foil thickness. 

 

Figure 2.24: (a) ACOM TEM map showing the orientation of each grain. (b) Reliability map of 
(a). The reliability scales with brightness, as the darkest parts have the lowest reliability and 

vice versa for the brightest. 

 

2.2.4.4.1. Pole figures and texture 

In a polycrystalline film, depending on the deposition method and/or parameters159–161, the 

grains can have a favourable orientation and the distribution of the crystallographic 

orientation of grains is referred to as texture. The ‘strength’ of the texture is proportional to 

the degree of grains having a particular orientation; a sample in which all orientations are 

fully random has no distinct texture. The distribution of orientations can be visualised using 

a pole figure. Since pole figures can be complex to read, a short guide will be provided here. 
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As mentioned before, we use the EBSD reference frame of ND, TD and RD. In this thesis, the 

standard viewing direction will correspond to the direction of the microscope’s optical axis, 

which in turn coincides with the normal direction of the sample when the microscope’s stage 

is not tilted. The orientation of any grain can be represented as a vector within that 

reference frame. The sum of all possible vectors (i.e., any orientation the grains can be 

placed in) will yield a sphere (Figure 2.25a). 

To simplify the 3D representation of all measured orientations of the sample, the sphere can 

be projected on a plane; the resulting circle (pole figure) with all projected orientations is 

referred to as the stereographic projection (Figure 2.25b). Usually, we are interested in how 

many grains have a certain orientation along a specified viewing direction. For instance, 

inspecting the sample along the normal direction, we want to make a distribution of the 

[100] direction of all measured grains. If a certain grain has its [100] orientation parallel to 

the viewing direction, the corresponding ‘dot’ will be in the centre of the pole figure. 

Likewise, if the [100] orientation is perpendicular to the viewing direction, the projected 

point will be on the outline of the circle. 

 

Figure 2.25: (a) 3D representation of the orientation sphere in the sample’s reference frame. 
The (100) orientation of three exemplified grains are shown as colourized vectors. (b) 

Stereographic projection with the colourized vectors projected in the plane. 

 

Depending on the selected orientation, multiple dots can be generated from the same grain. 

For example, the <111> orientation for example can yield 4 dots on the stereographic 

projection as shown in Figure 2.26a. If the sample has no distinct texture, the collection of 

dots belonging to a given orientation will be uniformly distributed within the stereographic 

projection. However, depending on the ‘strength’ of the texture, the dots will agglomerate 

around a specific location in the pole figure. If multiple grains have a [111] orientation 

closely parallel to ND but are rotated differently with the ND as rotation axis, a collection of 

dots will be in the middle of the stereographic projection while a circle starts to form at 

higher angle as displayed in Figure 2.26b,c. To highlight the strongest concentrations, the 

pole figure is transformed to a contour plot, where the scaling (blue for low, red for high) 

matches the accumulation of similar orientations (Figure 2.26d). 
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Figure 2.26: (a) Projection (in blue) of the <111> orientations of a single grain on the <111> 
pole figure. (b) <111> pole figure from three different grains, each projected as a different 
colour but all have a [111] orientation almost parallel with ND. (c) Discrete plot of a <111> 

textured plot from a Pd thin film. (d) Contour plot of (c). The origin of this pole figure is from 
the Pd sample ‘L’ which will be further discussed in Chapter 4. 

 

Depending on the symmetry of the used material, this stereographic projection can be 

simplified. For instance, in a cubic material, the [100], [010] and [001] orientations are 

identical and indistinguishable. Therefore, the entire stereographic projection can be 

reduced to a section of the circle, in which only the unique orientations are represented.  

When viewing along a certain direction, each grain will have an orientation which will be 

close to parallel of this viewing direction. Instead of labelling each grain with this specific 

direction, it is more intuitive for the viewer to colourize these grains according to their 

spectated direction. The three main zone axes, as defined by the lattice symmetry 

directions162, will receive the basic colours (blue, green and red), while all orientations in 

between will be a mixture of these basic colours, depending how close they are to a certain 

main zone axis. This knowledge combined with the circle section representation of all unique 

orientations yields the triangular colour scaling for fcc structures as will be shown with each 

orientation map (Figure 2.27a). For monoclinic structures, at least half of the stereographic 

circle is required for the colour scaling. Aside from a pole figure showing the distribution for 

a specific orientation, it is also possible to make an inverse pole figure (IPF) showing the 

entire orientation distribution along a certain direction.  
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Similar to the colour scale, the IPF shows only the range of unique reflections but uses, just 

like the pole figure, a temperature scaling to indicate how all orientations are distributed; in 

the example of Figure 2.27b, the orientation is heavily <101> oriented along the normal 

direction. 

 

Figure 2.27: (a) Colour scaling used for ACOM TEM maps. (b) Example of an inverse pole 
figure with temperature scaling showing that <110> has the highest orientation 

concentration. The viewing direction corresponds to the ND. 

 

2.2.4.4.2. Grain boundary characterization 

The definition of the occurring boundaries (GBs, CSL, TBs) and misorientation angle can be 

found in Chapter 1. Using the OIM Analysis software, these boundaries can be recognized. 

For basic characterization, the difference in orientation between the grains yields the 

misorientation angle; in this manner, a misorientation angle distribution for the whole 

sample can be created. From this, special boundaries can be recognized, such as the CSL 

boundaries (as displayed in Table 2.2). 

Σ Angle [°] uvw  Σ Angle [°] uvw 

3 60 111  23 40.45 311 
5 36.86 100  25a 16.26 100 

7 38.21 111  25b 51.68 331 
9 38.94 110  27a 31.59 110 

11 50.47 110  27b 35.43 210 
13a 22.62 100  29a 43.6 100 

13b 27.79 111  29b 46.4 221 
15 48.19 210  31a 17.9 111 

17a 28.07 100  31b 52.2 211 
17b 61.9 221  33a 20.1 110 
19a 26.53 110  33b 33.6 311 
19b 46.8 111  33c 59 110 
21a 21.78 111  35a 34 211 
21b 44.41 211  35b 43.2 331 

Table 2.2: CSL label with accompanying misorientation angle and rotation axis. 

 



Chapter 2 

58 

 

One special boundary that can be distinguished is the Σ3 twin boundary; in order to 

differentiate this boundary, several conditions need to be met. First, as evidenced by Table 

2.2, the misorientation angle needs to be 60° ± 9°. The spread of 9° has been defined by the 

Brandon criteria for Σ3 {111} CSL boundaries163,164. Second, both bordering sides to the TB 

must have a common plane between a pair of {111} reflections of the two sides. For the rest 

of the thesis, HAGBs will typically be coloured in black while recognized Σ3 TBs will be blue. 

 

Figure 2.28: (a) ACOM TEM map containing several grains. (b) Blank ACOM TEM map where 
the Σ3 TB is marked in blue, while the other HAGBs are highlighted as black lines. An inset 

arrow indicates the misorientation measurement over the 60° TB. (c) Pole figure showing the 
orientations of the two grains, in the respective colour code. The black dot represents the 

common plane by an overlapping pair of {111} reflections of the two grains. 

 

2.2.4.4.3. Grain size (diameter) 

In literature, the size of grains is usually expressed in ‘diameter’. Therefore, a circular fit is 

placed on each grain (Figure 2.29). Some deposition methods induce columnar growth, 

making the grain more elliptical, thus, in the case of a cross-section sample, the diameter 

from this circular fit should be interpreted as an average between the longest and shortest 

axes of the grain, which needs be taken into consideration. 

 

Figure 2.29: Visual representation of the fitting algorithm to find the grain size diameter. 
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2.3 In-situ experiment 

2.3.1 Introduction 

Historically, TEM holders were designed to insert a sample into the TEM and tilt said sample 

in a certain orientation for characterization. Once inside the microscope, no external 

influence could alter the structure or characteristics of this sample, aside from beam 

irradiation – which was not always intentional. Nowadays, thanks to developments in 

research and technology, special holders can be made to perform in-situ experiments to 

study the behaviour of nanoscaled samples when an electric current, heating, or as in this 

case, tensile deformation is applied. 

 

2.3.2 Nanoindentation holder 

For the in-situ experiments performed in this thesis, the PI 95 TEM Picoindenter instrument 

from Bruker Inc.165 was used, which is a single tilt TEM holder equipped with a quantitative 

indenter (Figure 2.30). This nanoindentation holder allows for the direct observation of 

nanomechanical testing while simultaneously providing accurate displacement/force-time 

curves. Furthermore, the accompanying video recording interface allows for synchronization 

between TEM observations and the corresponding load-displacement datapoints. 

Aside from the holder itself and the control/recording software Triboscan, a computer-

driven control unit named the performech is used for precise adjustments of the 

Picoindenter. For coarse movement (~µm-mm regime), the holder is equipped with 

mechanical knobs while the fine displacements are controlled with a 3D piezoelectric 

actuator through the performech. In addition to these two levels of positioning, the holder is 

also equipped with a transducer for capacitive displacement sensing and electrostatic 

actuation for recording quantitative nanomechanical data. Deformation can be induced 

either by maintaining a constant load or a predetermined displacement, respectively named 

load control and displacement control. While a maximum load of 1 mN ± 3 nN can be 

reached, the maximum acquirable displacement is 2000 ± 0.02 nm. 

 

Figure 2.30: PI 95 TEM PicoIndenter holder with a close-up of the tip, showing the 

transducing indenter and the PTP device, detailed in 2.3.3. 
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2.3.3 PTP device 

Although the obvious function of the PI95 PicoIndenter holder is to compress a mounted 

sample, quantitative in-situ tensile testing can be executed using a Push-to-Pull (PTP) MEMS 

device which was designed by Bruker Inc. to work on this particular holder (Figure 2.30 and 

Figure 2.31). The PTP chip consists of moveable and fixed parts, which are connected 

through four identical springs. The sample is mounted across the 2.5 µm gap between the 

mobile and fixed part (Figure 2.31). By applying compressive force with the transducer on 

the mobile half-spherical shaped part of the chip, the separating gap with the fixed part 

widens thus stretching the sample. Currently, PTP devices are manufactured with a stiffness 

of 15, 150 or 450 N/m166. FIB is needed to transfer and mount a sample (e.g., a thin film) on 

the PTP chip. The sample is fixed with Pt deposition, preferably perpendicular to the gap in 

the sample. Once the sample is fixed on the PTP chip, it is often cut down from a rectangular 

shape to the dog-bone form, to ensure uniaxial strain in the region of interest. Meanwhile, 

this region should be exposed as little as possible to the ion beam to avoid FIB-induced 

damage. 

 

Figure 2.31: (a) SEM image of the PTP chip with the moveable part highlighted in blue. The 

mounted sample position is represented by a red rectangle, while (b) is showing this fixed 

sample enlarged. 

 

Mounting this sample on a PTP chip requires a more dedicated approach. In the regular FIB 

setup, the sample is mounted upright as shown in Figure 2.32a, while the sample can be 

evenly thinned with the Ga+ ion source by tilting the support 52° (Figure 2.26b). For a PTP 

sample, however, it requires to be mounted flat on the support. Due to the mechanical 

limitations of the Helios, a special 45° support was used as demonstrated in Figure 2.32c, d. 

The PTP device is glued to this support and tilted in order to align this chip with the 

mountable sample. Once the sample is secured to the chip, the 45° support is rotated 180° 

around its vertical axis and tilted slightly to align the ion beam with the sample (Figure 

2.32d). 
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Figure 2.32: (a) Simplified FIB orientation setup to mount a regular FIB sample. (b) Sample is 

tilted 52° for thinning with the Ga+ ion source. (c) Simplified FIB orientation setup to mount 

a sample on a PTP chip, which in turn is placed on a special 45° support. (d) 45° support is 

rotated 180° and tilted slightly to align the sample with the ion source for further thinning. 

The red dotted lines in (b) and (d) represent removed parts of the sample. 

 

It has been shown by Kang et al. that the alignment between the loading direction and 

sample axis has important implications167,168. Misalignments could lead to a complex 3D non-

uniform loading condition rather than the intended uniaxial uniform loading condition. 

Despite delicate manipulation using the Omniprobe, there are two possible misalignments 

due to imprecise mounting (Figure 2.33): transverse and rotational misalignment167,168. The 

first originates from parallel misalignment between the central loading axis of the PTP and 

the sample central axis (Figure 2.33b). For the second, rotational misalignment occurs when 

the sample central axis and/or FIB cut is not parallel to the central loading axis (Figure 2.33c). 

Due to this non-uniform condition, the mechanisms and measured values during 

deformation could be affected by slight bending of the sample. In this thesis, it is assumed 

that the loading condition was ideal without any misalignment. 
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Figure 2.33: (a) Ideal loading where the central sample axis coincides with the tensile 

direction; (b) transverse and (c) rotational misalignment168. 

 

2.3.4 Stress-strain curves 

During the tensile deformation experiment, a predetermined loading cycle is used which is 

constructed based on the experiments’ requirements. This cycle consists of three main parts: 

 Loading, linearly increasing the applied load on the sample. 

 Constant load, to study creep-induced mechanisms. 

 Unloading, linearly decreasing the applied load. 

Usually, the load is increased incrementally per new cycle or the same cycle is repeated until 

the sample fractures. 

As mentioned in section 2.3.2, the Picoindenter holder provides accurate displacement/ 

force-time curves which can be cross-correlated with the observed video recording. With 

this data, the stress-strain data can be acquired. The formula of stress is given by dividing the 

net applied load by the cross-sectional region of the sample (which is the plane 

perpendicular to the tensile loading direction). To measure the dimensions of the cross-

sectional region, the thickness of the sample can be determined either by checking after 

fracture with FIB (by removing the fractured region and tilting the sample) or less 

destructively, by using CBED; a detailed explanation can be found in the work of Honglong et 

al169. The net applied load on the sample is determined by removing the stiffness of the 

empty PTP from the total applied load170. The strain is expressed as the percentual 

stretching of the sample in the direction of the tensile deformation.  
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In Figure 2.34a, a BF TEM image shows an example of a polycrystalline sample mounted 

across the gap of a PTP chip. The edges of the gap are used to accurately track the strain 

induced in the sample. Figure 2.34b displays one cycle that was applied to this sample, 

reaching a maximum load of 180 µN which was held constant for a few minutes to look for 

creep-induced mechanisms before completely unloading the sample. Using these two 

measurements, Figure 2.34c was made from which several results can be collected 

(indicated respectively with I, II and III in the figure). First, the Young’s modulus can be 

calculated. The Young’s modulus is a measure for the stiffness of a solid material and can be 

extracted from the elastic regime, i.e., the initial slope in the stress-strain curve when the 

sample shows linear behaviour. Second, when the loading cycle reaches the plateau as 

depicted in Figure 2.34b, creep deformation can be measured. This is visible as an evolution 

of displacement during this constant-load period. And finally, when the sample is unloaded 

permanent plastic deformation resulting from the creep can be measured. The difference 

with the original unstrained sample is referred to as the plastic strain εp. 

 

Figure 2.34: (a) BF TEM image of a sample mounted on a PTP chip. The double arrow 
indicates the distance being measured as an indication for strain. (b) Load-time curve 
reaching a maximum load of 180 µN. (c) Resulting stress-strain curve. ‘I’ indicates the 

Young’s modulus based on the initial slope of the curve (highlighted with a black line), ‘II’ 
shows that during constant load, the strain is evolving (creep) and ‘III’ shows the measure of 

permanent plastic strain εp. 
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Chapter 3 

3. Effect of hydriding induced defects on the 

small-scale plasticity mechanisms in 

nanocrystalline palladium thin films 
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3.1 Introduction 

As was detailed in section 1.2, Pd is an ideal model system to study the effect of hydrogen 

absorption owing to its fast and reversible hydriding kinetics. Recently, nc Pd thin films have 

been widely used in hydrogen applications because of large surface and subsurface site 

densities and of the presence of a high fraction of GBs which can facilitate the hydriding 

process19,20. However, these layers must be thin enough to ensure high hydrogen 

permeability while remaining mechanically sound and sufficiently ductile171,172. Hydriding Pd 

induces a transformation from α to β phase, as explained in section 1.2.2. This is 

accompanied by a volume dilation, which can generate extremely large overall compressive 

stresses if the deformation is impeded by a mechanical constraint, such as in the case of a 

film lying on a thick substrate. If the hydrided material is unconstrained, large local stress 

variations can also take place if the transformation does not occur homogeneously as a 

result of the diffusion process. The large local or overall stress levels can induce severe local 

or global plastic deformation, respectively18,20,25,28,172–175. Hence, it can be expected that the 

hydriding-induced defects could play a pivotal role in dictating the elementary 

deformation/failure mechanisms and the mechanical response of the films when subjected 

to external mechanical loadings. 

In the literature, numerous experimental works have been dedicated to the study of the 

effect of hydrogen on the microstructure and mechanical properties of bulk coarse-grained 

materials2,3,16,18,134,171,176. However, although nc materials are often considered as promising 

systems with demonstrated or potential ultra-high structural performances, in-depth 

experimental investigations on the impact of hydrogen on the mechanical behaviour and the 

small-scale plasticity mechanisms can hardly be found. Because of the complexity of the 

microstructure of nc metals, the small-scale plasticity mechanisms may strongly differ from 

coarse grained metals. Indeed, in nc metals, depending on the grain size and the local stress 

state, the nucleation of leading partial dislocations from GBs or the production of 

deformation twins can be favoured over the formation of full lattice dislocations even in 

metals with a high SFE177. Furthermore, GB processes such as grain growth, GB sliding and 

grain rotation can be easily activated at room temperature101,178,179. 

Recently, Amin-Ahmadi et al. performed extensive TEM characterizations of the nanoscale 

defect mechanisms activated during hydriding/dehydriding cycles in sputtered 

nanocrystalline Pd films19. The results have shown that, despite the small grain size, local 

plasticity was mainly controlled by dislocation activity in Pd films hydrided to the β-phase. 

No clear changes of the grain size distribution and of the crystallographic texture have been 

observed. Surprisingly, a high density of Shockley partial dislocations (SPDs) and stacking 

faults (SFs) has been observed after dehydriding, indicating that the presence of hydrogen 

leads to a decrease of the nucleation energy barriers of SPDs which was confirmed using ab-

initio calculations19. Defects observed after dehydriding involved wide SFs connected to 

grain boundaries and delimited by leading SPDs, narrowly dissociated dislocations involving 

leading and trailing SPDs as well as nanosized shear type glissile SF loops.  
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Their presence in such a high SFE metal after dehydriding was attributed to large internal 

stress heterogeneities, typical of nc materials19, or to the presence of neighbouring defects. 

The presence of residual hydrogen atoms at the SPDs core or SFs, which can stabilize these 

defects after dehydriding, was excluded based on spatially resolved electron energy loss 

spectroscopy (EELS) measurements19. Also, no residual hydrogen atoms were detected on 

grain boundaries after dehydriding. In continuation of the work of Amin-Ahmadi et al.19, the 

present study is focusing on the effect of the hydriding induced SFs and SPDs on the 

nanoscale plasticity mechanisms and mechanical behaviour of thin nanocrystalline Pd films. 

More precisely, Pd films subjected to a hydriding/dehydriding cycle into the β-phase were 

characterized using nanoindentation and advanced TEM techniques including in-situ HRTEM 

nanomechanical testing and ACOM TEM. 

 

3.2 Materials and methods 

Nc Pd films were magnetron sputter-deposited at room temperature on top of a Si substrate 

with a deposition rate of 0.3 nm/s and an argon plasma pressure of 1.07 Pa until a thickness 

of 150 nm was reached. Earlier work performed on these films by Amin-Ahmadi et al.19 

shows an initial microstructure with a lateral grain size of 61 ± 20 nm, while texture analysis 

reveals a strong {111} preference normal to the film substrate. Hydriding/dehydriding cycles 

were performed in a vacuum chamber with a pressure lower than 10-6 mbar, by 

instantaneously introducing an ultra-pure Ar/H2 gas mixture to impose a total pressure of 

PH2 = 2.3 mbar or PH2 = 97.5 mbar. As such, the samples were completely hydrided to either α 

or β phase, respectively33. The internal stress was measured in-situ during hydriding with a 

high-resolution curvature measurement setup mounted on the hydriding chamber (Figure 

3.1). The surface curvature of the cantilevered sample changes due to hydrogen-introduced 

expansion, which can be monitored in real time using the position of multiple laser beams 

reflecting off the film28. After hydriding, the gas mixture was pumped out of the chamber, 

resulting in a gradual decrease of the internal stress due to room temperature dehydriding 

(Figure 3.1b). The system returns to ambient conditions. The film is then removed from the 

hydriding chamber. During hydrogen loading to β phase, the internal stress experienced by 

the film at equilibrium (~920 MPa, Figure 3.1b) is significantly higher than the macroscopic 

yield stress of the same film (~580 MPa)17 allowing the generation of dislocations and 

stacking faults3. 
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Figure 3.1: (a) High-resolution in-situ curvature measurement set-up mounted on a hydriding 

chamber and (b) typical internal stress evolution during hydriding to α (2.3 mbar) and β-

phase (97.5 mbar). 

 

After a few weeks, in order to study the effect of these hydriding induced defects on the 

hardness and Young’s modulus, nanoindentation experiments were performed under 

atmospheric conditions on the films subjected to a complete hydriding/dehydriding cycle as 

well as on reference non hydride Pd films. Thus, it can be safely assumed that most or 

potentially all the hydrogen has left the Pd films before nanoindentation and that the 

internal stress induced by hydrogen loading is fully released. These measurements have 

been performed using the continuous stiffness mode (CSM) and the high precision DCM II 

head (Dynamic contact module) with a Berkovich tip mounted on an Agilent G200 

nanoindenter. Young's modulus and hardness of the film have been determined using the 

Oliver and Pharr method180. On each sample, 16 indents have been performed, and modulus 

and hardness values were recorded at between 10 and 15 nm depth to minimize substrate 

effects. Roughness measurements using a Bruker Multimode Nanoscope 8 working in 

medium tapping mode revealed small Rq (~ 2 nm). 

ACOM TEM149 was combined with in-situ tensile testing in order to investigate the 

fundamental plasticity mechanisms of as-deposited and post-mortem hydrided Pd films. In 

the latter, special attention was paid to the role of the pre-existing hydrogen induced SFs 

and SPDs for the enhancement of deformation twinning. The PI 95 TEM PicoIndentor holder 

from Bruker Inc. with a conductive diamond flat punch indentor was used to perform load-

controlled compression. To convert the compressive force to a tensile force, the sample was 

mounted on a PTP chip (Figure 3.2a) from Bruker Inc107,166,181. A Helios dual beam FIB/SEM 

instrument from Thermofisher Scientific was used to cut the Pd thin film as cross-sectional 

samples, including the FIB deposited Pt protective layer and a part of the Si substrate. Using 

the build-in Omniprobe micromanipulator, the sample was transferred to the middle gap of 

the PTP device (Figure 3.2b) and attached with electron-beam deposited Pt.  
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In order to obtain thin Pd samples for ACOM and HRTEM, careful thinning was performed 

with FIB on the PTP. Attempts to remove the Pt top layer and the Si bottom layer by FIB 

resulted in strongly damaged Pd films. Because of the presence of these extra layers, the 

present work will thus focus on the deformation mechanisms activated in the Pd films rather 

than interpreting the relationship between these mechanisms and the in-situ measured 

load-displacement data. Figure 3.2c shows an example of a loading-unloading cycle up to 30 

µN during the in-situ experiment. In this experiment, the stiffness of the springs was equal to 

450 N/m. 

 
Figure 3.2:(a) Low magnification SEM image of the PTP chip. The FIB sample is mounted over 

the highlighted middle gap and shown in (b) at a higher magnification. (c) Load-unloading 

cycle up to 30 µN. 

 

ACOM TEM was performed in a Tecnai G2 microscope (FEG, 200 kV) from Thermofisher 

Scientific, equipped with the ASTAR system from Nanomegas. The electron probe size was 

~1.7 nm. Electron precession with an angle of 0.4° was used to minimize dynamical effects 

and facilitate the automatic indexation of the diffraction patterns155. Post-treatment of the 

data including noise reduction, statistical analysis and interface mapping was achieved with 

the orientation imaging microscopy (OIM) analysis software from EDAX. A standard EBSD 

clean-up procedure is applied to this data to correct non-indexed or mis-indexed points. 

Furthermore, grains with a low reliability (<10%) and smaller than 15 pixels were removed 

from the analysis. Finally, in-situ HRTEM tests using the PI 95 TEM PicoIndentor and the PTP 

were performed in an Osiris microscope (FEG, 200 kV) from Thermofisher Scientific in order 

to observe in-situ individual dislocation behaviour at the nanoscale. 

In order to visualize single dislocations, the imaging processing technique Geometrical Phase 

Analysis (GPA) was used. When applying a Fourier transform on a (region of a) HRTEM 

image, a mask can be utilized on the periodicity of interest. Local variations of interplanar 

distances will be highlighted as so-called hot-spots182 in generated images named local g-

maps. These maps are sensitive to small displacements in the lattice fringes in HRTEM 

images; other techniques are required for the quantification of a strain field in a 

microstructure. 
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3.3 Results and discussion 

3.3.1 Nanoindentation 

Usual rules of thumb in nanoindentation testing suggest that for a reliable measurement, 

roughness should represent less than 5 % of the indentation depth. Here, the hardness 

values are taken between 10 and 12% of the film thickness in order to avoid substrate 

effects, i.e., between 15 and 18 nm, which is a little less than the above-mentioned rule. 

Nevertheless, roughness mainly induces scatter in the measurements, which is taken into 

account by the confidence interval. Figure 3.3 shows that the conclusions are still valid 

despite of the larger scatter. Moreover, the relative position of the hardness values of the 

different samples does not change even if the hardness is considered at larger depths so as 

to fulfil the rule indicated above. 

 

Figure 3.3: Hardness-displacement curves of the nanoindentation experiments performed 

under atmospheric conditions on the films subjected to a complete hydriding/dehydriding 

cycle as well as on reference non hydride Pd films. 

 

The bar chart of Figure 3.4 compares the hardness of the as-deposited Pd film as well as of 

films hydrided at 2.18 mbar (α-phase) and 97.5 mbar (β-phase). The hydrogen loading to the 

β-phase induces a significant softening compared to the as-deposited film while no 

difference is observed for a film hydrided to α-phase. As mentioned in the introduction, TEM 

observations made by Amin-Ahmadi et al.19 revealed a clear increase of the dislocation 

density and the presence of SFs and SPDs in films hydrided to β-phase while significant 

changes of the microstructure were not detected in films hydrided to α-phase.  



  Effect of hydriding induced defects 

71 

 

The following section will thus focus on the TEM investigation of the deformation 

mechanisms activated in as-deposited and β-hydrided films. The Young’s modulus of the as-

deposited (resp. β-hydrided) film estimated by nanoindentation is equal to 9810 GPa (resp. 

839 GPa). 

 
 

 

Figure 3.4: Hardness measurements by nanoindentation in as-deposited films, films hydrided 

at 2.18 mbar (α phase) and at 97.5 mbar (β phase). 

 

3.3.2 In-situ ACOM TEM mechanical testing 

Figure 3.5a displays a BF TEM image of a FIB sample that was hydrided completely to β 

phase and mounted on a PTP chip before any deformation was performed. To study the 

effect of the tensile stress on the plasticity mechanisms, ACOM TEM maps were recorded 

before (Figure 3.5b, c) and after deformation (Figure 3.5d, e). An in-situ TEM tensile loading-

unloading cycle up to 30 µN was used. The deformation was performed in the load-control 

mode with a loading rate of 0.5 µN/s. As detailed in Chapter 2, the ∑3 TBs can be recognized 

from these maps. 
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Figure 3.5: (a) BF TEM image of a Pd FIB sample placed on a PTP chip. (b) ACOM TEM of this 
film before deformation which is also shown in (c) without colour mapping. The ∑3 TBs are 
highlighted in blue while the regular HAGBs are indicated by the black lines. (d) After 
deformation and (e) the 'blank' version of (d). A red box is drawn around the regions that will 
be discussed in more detail in Figure 3.6. 

 

Figure 3.6a and Figure 3.6b show the blank ACOM TEM maps that were highlighted in Figure 

3.5, respectively before and after deformation. Index 1 in Figure 3.6a and Figure 3.6b 

indicates the transformation of a GB into a TB which can be explained by grain rotation. This 

can be concluded both from the change of misorientation angle from 35° to 56° and from 

the change observed in the inverse pole figures (see Figure 3.6c and Figure 3.6d), where, 

after deformation, a common plane exists between a pair of {111} reflections of the two 

grains. The combination of this common plane and of a misorientation angle of 60°±9° is 

maintained for all TBs recognized with ACOM TEM, following the Brandon criteria for Σ3 

{111} CSL boundaries163,164. In the literature, nc fcc metals with a medium to high SFE tend to 

deform by twinning67. GBs could transform into TBs by grain rotation in order to minimize 

their interfacial energy. Indeed, Olmsted et al. have shown using atomistic simulations on Ni 

that Σ3 boundaries tend to have a smaller energy in comparison to other GB types183.  



  Effect of hydriding induced defects 

73 

 

In the present work, grain rotation induced twinning can be enhanced by local changes of 

the GB structure due to the accumulation of dislocations at the GB90,177. Indeed, Amin-

Ahmadi et al. have reported a loss of the coherency of Σ3 {111} CTBs in Pd films after 

hydriding/dehydriding cycles to β phase due to the storage of dislocations at these 

boundaries. β hydrides and the associated misfit dislocations are also expected to nucleate 

and to grow at GBs. The dislocations can be incorporated inside the GB (intrinsic GB 

dislocations) or accumulate near the GB forming extrinsic GB dislocations. Both features 

could affect the GB processes by changing its initial structure, orientation and energy. 

Indices 2 and 3 in Figure 3.6a and Figure 3.6b show the disappearance, after deformation, of 

nanotwins connected to GBs, leading to a bigger grain. Such behaviour can be explained by 

the nucleation and the glide of de-twinning dislocations with b=1/6 <112> at the CTB/GB 

sites67,184. It has been shown by Li et al. using atomistic simulations on nc Cu, that below a 

certain twin thickness a dislocation-nucleation controlled softening mechanism occurs due 

to the nucleation and motion of partial dislocations parallel to the twin plane184. At index 4 

in Figure 3.6a and Figure 3.6b, twin expansion due to the migration of Σ3{112} incoherent TB 

(ITB), connecting two parallel Σ3{111} coherent TB (CTB) can be clearly seen. A schematic 

illustration of this phenomenon is provided in Figure 3.6e and Figure 3.6f. Σ3 {112} ITBs can 

migrate under moderate applied stress, causing twin expansion20,71. Such behaviour could 

also explain the detwinning behaviour shown in indices 2 and 3 due to the nucleation and 

backward motion of Σ3{112} ITBs. Indeed, Σ3{112} ITBs can be formed by the dissociation of 

high energy GBs into Σ3{111} CTB and Σ3{112} ITB in order to decrease the total interfacial 

energy. It is important to note here that similar intense twinning/detwinning activity was not 

observed in as-deposited Pd films deformed in identical conditions. Such behaviour can be 

attributed to the microstructural changes in the β hydrided films including: i) changes of the 

structure/energy of GBs due to dislocation/GB interactions, which could lead to grain 

rotation induced twinning as well as the dissociation of GBs into CTBs and ITBs as shown in 

Figure 3.6. ii) the presence of the hydrogen induced SFs and SPDs that can act as preferential 

sites for twinning upon deformation. The latter was confirmed using in-situ HRTEM tensile 

testing as will be shown in section 3.3.3. 
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Figure 3.6: TB map of the Pd film hydrided to β phase (a) before deformation and (b) after in-

situ loading-unloading cycle up to 30 µN. Blue lines indicate Σ3 CSL twin boundaries while 

the black lines highlight the position of all other possible GBs. Arrows with according 

numbers were added to both figures in order to indicate changes in twinning behaviour after 

deformation. (c) Pole figures from the GB marked as index 1 before deformation and (d) 

after deformation. In each pole figure, the two colour codes of the squares represent the 

different orientations of the neighbouring grains while the black square indicates the 

common plane, wherein a pair of {111} reflections of the two grains perfectly overlap after 

deformation. (e,f) Schematic illustration of twin expansion due to the motion of Σ3{112} ITB 

in the grain with index 4, respectively. 

 

ACOM TEM was recorded in between loading cycles for both as-deposited and (de)hydrided 

Pd thin films. In Figure 3.7a-c and Figure 3.8a,b, the respective maps are shown. It was 

observed that a significant portion of the grains are involved in grain growth (GG) processes. 

The growth can be quantified by tracking individual grains. The graphs displayed in Figures 

3.7d,e and Figure 3.9 show the growth of these individual grains ranked according to their 

relative growth caused by the tensile deformation (i.e., the index of the number is 

proportional to the growth). Some grains show an increase of ~400%, while others shrink 

(negative growth percentage) due to absorption by neighbouring grains. The orientation of 

all these tracked grains remains roughly the same across all deformation cycles. 
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Figure 3.7: (a) ACOM TEM of the as-deposited Pd thin film before deformation. (b) After 30 

µN and (c) after 80 µN of tensile deformation. Selected grains are numbered to track 

individual GG. (d) GG of the numbered grains after 30 µN and (e) total GG of the numbered 

grains after 80 µN. 

 

 

Figure 3.8: (a) ACOM TEM map of the (de)hydrided Pd thin film before deformation. (b) After 
30 µN of tensile loading. Selected grains are numbered to track individual GG. 
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Figure 3.9: GG of the numbered grains shown in Figure 3.8. 

 

FIB samples usually have a thickness of 30-50 nm, which is in this case of the same order as 

the average grain size. Therefore it is not unlikely to consider that only one grain exists 

across the film thickness, providing a high degree of freedom for grain growth processes. 

This increases the probability of GB mediated processes to occur such as the one discussed 

here and in the previous section. Taking this argument into account combined with the lack 

of significant difference of GG between the two results, we believe that this growth is mostly 

due to an extrinsic size effect (i.e. sample thickness) of the FIB sample rather than hydrogen-

induced. 

 

3.3.3 In-situ HRTEM mechanical testing 

In a different sample, which was made in identical conditions as the films displayed in Figure 

3.5-Figure 3.8, HRTEM was used in between loading-unloading cycles to examine the 

changes occurring in locally observed defects. The deformation cycles were incrementally 

increased from 30 µN to 160 µN until signs of fracture started to occur. In Figure 3.10a, a 

growth nanotwin with two parallel CTBs connected to a GB can be observed in the β 

(de)hydrided sample. A widely dissociated dislocation induced by hydriding to β phase is 

indicated by white arrowheads close to the upper CTB in Figure 3.10a. As described in the 

introduction, such wide SFs have not been observed by Amin-Ahmadi et al. in as-deposited 

Pd films19. SFs were neither observed in Pd films hydrided to α phase (low H pressure)19 

which has been attributed to the small amount of hydrogen incorporated in the lattice and 

the low stress levels reached during this hydriding cycle (Figure 3.1b). During the in-situ 

tensile straining, SFs were observed to form at the CTBs (Figure 3.10b). This leads to a 

decrease of the thickness of the twin (i.e., detwinning) as can be seen in the same figure. 

CTB migration involving the nucleation and glide of new twinning dislocations at the CTB/GB 

intersection sites has been reported before67,184.  
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Such behaviour can be enhanced in the present work due to the storage of dislocations at 

GBs during hydriding to β phase as well as the presence of pre-existing hydrogen induced SFs 

(Figure 3.10a) that can act as preferential sites for the nucleation of new SFs as will be seen 

below. 

 

Figure 3.10: HRTEM images of the β (de)hydrided Pd film (a) before deformation and (b) 

after the tensile cycle up to 160 µN. A widely dissociated dislocation with a central SF and 

induced by hydriding to β phase is highlighted with white arrowheads in (a) while the FFT of 

both images is provided in their respective top left corner. 

 

The HRTEM image of Figure 3.11a shows two stacking faults (SF1 and SF2) connected to a GB 

in the Pd film hydrided to β phase, before deformation. Figure 3.11b exhibits the change of 

the stacking sequence of the {111} planes due to the presence of the single SF2 while Figure 

3.11c exhibits a local g-map showing the position of the leading partial dislocation delimiting 

this SF.  

The HRTEM image of Figure 3.11d was acquired after a loading-unloading cycle up to 160 

µN. It shows that SF1 has disappeared due to the backward motion of the SPD delimiting this 

SF towards the GB. However, SF2 transformed into a nanotwin as confirmed by the FFT 

displayed in the top right inset of the same figure. This is obtained by the successive 

formation of new twinning dislocations from the GB/SF interaction site. The difference 

between the behaviour of SF1 and SF2 is probably due to the different sign of their Burgers 

vectors with respect to the external applied stress. Using atomistic simulations Stukowski et 

al. reported that in pure Pd with pre-existing SFs softening occurs due to the nucleation of 

new partial dislocations parallel to the SF plane185. The presence of a SF decreases the 

energy barrier for twinning by facilitating the formation of a second SF in the plane 

immediately adjacent to the first SF. It is also worth noting that, although the observations 

shown in Figure 3.11 have been performed in a single grain, the effect of the hydrogen 

induced SFs and SPDs on twinning/detwinning is expected in all the grains since Amin-

Ahmadi et al. reported a high density of these defects homogenously distributed within all 

the analysed grains. 
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Figure 3.11: (a) SFs (1, 2) formed close to a GB and indicated by arrowheads. The FFT is 

shown in the inset. (b) Enlarged image of SF2 in (a), (c) local g-map of the   ̅    plane with 

an arrowhead indicating the position of the SPD delimiting SF2 as a hot spot. (d) 

Deformation twin formed from SF2 after the loading/unloading cycles up to 160 µN. Extra 

twinning reflections are highlighted with arrowheads in the FFT shown in the inset. The 

tensile axis is indicated by the double arrow in (d). The white lines in (d) indicate changes of 

the stacking sequence of the ( ̅  ) plane due to the presence of twinning dislocations. 

 

The results of the in-situ ACOM TEM and HRTEM analysis confirm that SFs and SPDs induced 

by hydriding to β phase could play an important role in the plasticity by acting as sources not 

only for deformation twinning (Figure 3.11) but also for detwinning (Figure 3.10). This also 

explains the softening behaviour observed in Figure 3.4. Indeed, several experimental 

investigations and simulations have attributed mechanical softening in nc materials to 

twinning and partial dislocation dominated plasticity184,185. Very recently, Y. Zhao et al. 

investigated the effect of hydrogen charging on the plastic deformation of nc Ni using 

nanoindentation186.  
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The results revealed a hydrogen-induced softening behaviour that was explained by 

hydrogen-enhanced activity of partial dislocations emitted from GBs and/or abundant 

hydrogen-vacancy cluster formation around GBs. However, nanoscale characterizations of 

the deformed microstructure were not performed to validate such features. The present 

work thus provides first of kind experimental evidences on the role of partial dislocations in 

softening of hydrided nc metallic films. Hydrogen-vacancy cluster formation around GBs can 

be excluded based on the earlier spatially resolved EELS measurements performed on GBs 

and dislocations by Amin-Ahmadi et al. Since the absence of residual hydrogen atoms at the 

defects has been confirmed based on EELS3, a possible impact on the small-scale plasticity 

mechanisms observed with in-situ TEM can be excluded. However, its contribution to the 

softening behaviour observed in nanoindentation experiments cannot be totally excluded as 

these measurements have been performed on samples not affected by the FIB or electron 

exposure. 

 

3.4 Conclusion 

The effect of SPDs and SFs induced by hydriding/dehydriding cycles to β phase on the 

mechanical response and the nanoscale plasticity mechanisms in nc thin Pd films has been 

investigated using nanoindentation and in-situ TEM nanomechanical testing. The in-situ 

HRTEM observations revealed that the pre-existing SFs act as preferential sites for 

twinning/detwinning in agreement with the in-situ ACOM TEM observations. The latter also 

revealed the activation of grain rotation induced twinning and the dissociation of GBs into 

Σ3{111} CTB and Σ3{112} ITB followed by the migration of the ITBs. Such features were 

attributed to changes of the local structure/energy of GBs after hydrogen loading due to the 

storage of dislocations at GBs. The origin of these dislocations can be attributed to the 

nucleation of dislocations from GBs or intra-granular sources (due to the build-up of the 

internal stress during β hydriding) as well as the preferential formation of the β hydrides and 

the resulting misfit dislocations on GBs. Grain growth was observed in both cases which was 

attributed to the extrinsic size effect of the FIB samples. The observed partial dislocation 

dominated plasticity and GB processes could explain the softening observed in the β 

hydrided films compared to the as-deposited films, as revealed by nanoindentation. 
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4.1 Introduction 

In bulk nanocrystalline (nc) face centred cubic (fcc) metals, an increased mechanical strength 

has been correlated to a decreasing grain size (GS)103,105. However, this correlates with a 

decrease in ductility, thus drastically undercutting potential use in structural applications. 

This trend is referred to as the Hall—Petch relation, which originates mostly from Frank-

Read source induced dislocations which are blocked by the grain boundaries (GBs), resulting 

in dislocation pile-ups against said GBs. Although this dislocation-based plasticity mechanism 

is common sense for coarse-grained metals, the existence of dislocation sources and pile-ups 

becomes very unlikely for nanograined metals due to the high fraction of GBs and the 

limited GS53,114,187–193. Even more, this effect reverses completely when reaching a GS close 

to 20-30 nm for some metals105,126,128,129,194–196, inducing a softening effect referred to as the 

inverse Hall-Petch effect197–200; this cross-over point is defined as the critical grain size (dc). 

The exact mechanism inducing this transition is still under debate as multiple factors start 

contributing to the deformation mechanism in metals and alloys, such as creep diffusion, 

grain- boundary sliding, triple junctions, impurities and pores197,201–203. In the past, the 

transition has already been investigated with molecular dynamics simulations53,114,192 and, to 

a certain extent, experimentally193,204. However, although extensive research has been 

performed in the last 10-20 years, several aspects controlling such transition are still not well 

understood. First, dc is material dependent as it is based on material characteristics, such as 

the critical shear strength and the Burgers vector194. Second, the transition consists of a 

competition between several mechanisms, in which the balance shifts in function of grain 

size. For instance, grain rotation has been reported as an active deformation mechanism in 

the 50-60 nm GS regime, while dislocation-based activity remains present down to ~10 nm 

GS, as the grain becomes too small beyond this threshold for two dislocations to co-exist on 

the same slip plane within that same grain194. 

Decreasing dimensions is important these days – metallic thin films is a good example 

(MEMS, coating, etc.) – however, as for bulk nc metals, forest hardening is very limited 

leading to limited ductility. Furthermore, characterization of mechanical properties and 

plasticity mechanisms is difficult because 1) small dimensions (applying and measuring small 

loads and displacements) and 2) the combined effect of intrinsic (grain size) and extrinsic 

(GS) size effects205. Indeed, image force on dislocations, GB processes could be facilitated by 

the presence of free surfaces, etc. –Moreover, complex microstructures involving gradients 

of GS, nanotwins – thus, it is important to decorrelate GS from thickness during mechanical 

testing in order to better understand governing mechanisms and mechanical size effects105. 

In the literature, GS in bulk nc materials can be controlled by severe plastic deformation but 

this leads to out of equilibrium GBs – in thin films ‘clean’ equilibrium GBs can be obtained - 

GS can also be affected by changing deposition parameters, adding alloying elements, etc. 

However, changing the conditions to induce a difference in GS can have an unwanted side-

effect that could influence the mechanical behaviour; for instance, several publications 

report on the effect of deposition rate on the grain size, while simultaneously observing side 

effects such as a change in impurity concentration161, alloy composition206 and even a 
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change in the development of stress during deposition207; the latter will be demonstrated in 

Chapter 5. Therefore, it is important to find a method which can provide several samples 

with varying grain sizes as sole difference for comparison. 

In the present research, an original method combining simultaneous mechanical and 

electrical loadings on in-house developed micro-electromechanical-systems (MEMS) was 

used to produce long freestanding nc palladium (Pd) thin beams with a uniform thickness 

(200 nm) and GS distribution ranging from 36 to 325 nm. Then, small samples with different 

GS but similar thickness were cut by FIB from the long beams and transferred to the PTP 

device (Bruker) in order to perform quantitative in-situ TEM tensile deformation. This new 

method proves a new way for decorrelating GS from film thickness when investigating the 

small-scale deformation mechanisms and mechanical behaviour of nc thin films. It opens 

windows to better understand the interplay between intrinsic and extrinsic size effects in 

these systems. 

 

4.2 Materials and methods 

A nc freestanding 200 nm-thick Pd film with a uniform GS was deposited directly on a MEMS 

chip used for in-situ TEM tensile and/or heating experiments (Figure 4.1a). Thus, a combined 

DC current of 2.4 mA and 1% total strain were applied for 3 seconds in-situ inside a TEM to 

initiate a rapid stress-assisted grain growth208 in the film followed by the fracture of the film 

(Figure 4.1b). The experiment was performed on a Tecnai G2 microscope (FEG, 200 kV) from 

Thermofisher Scientific. As will be shown later, significant grain growth occurred as well as 

GS gradients have been observed in this very short time period. The GS gradient was 

attributed to a combination of Joule effect and the geometrical restriction for heat diffusion. 

More precisely, gradual increase of the GS was observed from the edges of the sample to 

the centre as indicated by the yellow arrow in Figure 4.1b. Considering the induced GS 

gradient, three small sized samples (labelled ‘1’, 2’ and ‘3’ in Figure 4.1b) were cut by FIB and 

mounted on commercial push-to-pull (PTP) devices (Bruker.Inc)107,166,181 dedicated for 

quantitative in-situ TEM tensile testing (Figure 4.2). These chips consist of moveable and 

fixed parts, which are connected through four identical springs. The sample is mounted 

across the 2.5 µm gap between the mobile and fixed parts. By applying compressive force 

with the transducer of the 95-PI TEM PicoIndentor (Bruker.Inc) holder on the mobile half-

spherical shaped part of the chip, the separating gap with the fixed part widens thus 

stretching the sample. 
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Figure 4.1: (a) Low magnification image of the MEMS chip with the Pd film intact. (b) Post-
fracture SEM image showing with white arrows the extraction points of the samples. The 
yellow arrow represents the increasing grain size gradient in the film. The inset blue-red 

colour gradient figure represents the heat distribution in the sample during the experiment, 
with the strongest temperature rise highlighted in red. 

 

 

Figure 4.2: (a) Low magnification SEM image showing the PTP chip. The region in the white 
square is magnified in (b) displaying the mounted sample. 

 

An ion beam of 30 kV/80 pA was applied only for cutting the edges of the mounted samples 
to a ‘dog-bone’ tensile geometry (Figure 4.3) 209. No further thinning along the cross-section 
of the specimen was required since all samples have an equal thickness and are already thin 
enough for TEM.  
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In this way, potential Ga+ ion beam damage was avoided as much as possible to limit FIB 
damages to a minimum. For further identification of the samples, an intuitive marker will be 
used based on the average GS, namely Large (L), Medium (M) and small (S), which 
corresponds respectively with Figure 4.3a, b and c. 

 

Figure 4.3: PTP samples used for this experiment. These dog-bone shaped specimens have 
been labelled as (a) sample L, (b) sample M and (c) sample S. From Figure 4.1b, the 

incremental numbers (1), (2) and (3) correspond to the extracted parts mounted on different 
PTP chips shown respectively in these BF TEM images (a), (b) and (c). 

 

The overall granular statistics were performed before and after deformation with automated 
crystal orientation mapping (ACOM) TEM in the same electron microscope equipped with 
the ASTAR system (Nanomegas). Electron precession was added to the ASTAR scan to 
facilitate the indexation process of the diffraction patterns by minimizing any dynamical 
effects149. A precession angle of 0.4° was induced yielding an electron probe size of ~1.7 nm. 
Afterwards, OIM analysis software from EDAX was applied for minimal clean-up and a 
statistical analysis of the recorded data. Non-indexed or mis-indexed points were corrected 
using a standard electron backscatter diffraction (EBSD) clean-up procedure. Any remaining 
unreliable datapoints were eliminated by inducing a minimal reliability filter (<10%) and a 
lower limit for the GS (<15 pixels). 

The PTP in-situ tensile experiments were performed in the bright field TEM (BF TEM) mode 
on an Osiris microscope (FEG, 200kV, Thermofisher Scientific) with the 95-PI TEM 
PicoIndentor holder. In order to facilitate the investigation of the effect of grain size on the 
deformation mechanisms in the three samples shown in Figure 4.3, similar deformation 
cycles were conducted on each specimen in the load control mode; the details of the cycles 
are shown in Figure 4.4. For each cycle, the load is kept constant for a few minutes to 
observe the viscoplasticity mechanisms in the film. In between every cycle, the sample is 
completely released in order to acquire images prior to the following cycle. The fracture 
point of each sample is also indicated in Figure 4.4 and will be further discussed in the next 
section. 
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Figure 4.4: Loading cycles of the tensile deformation experiment. The fracture of each 
sample is marked and labelled accordingly to the corresponding sample. 

 

4.3 Results and discussion 

4.3.1  ACOM TEM data 

It needs to be noted that the cut films do not start from an unstrained condition, since an 

initial strain has been induced during the tensile/annealing process. ACOM TEM maps have 

been taken before any further deformation has been induced and after fracture (Figure 4.5-

Figure 4.7) to gain statistical information on the GS distribution and texture (Figure 4.8). 

Figure 4.5 shows the ACOM TEM maps from sample L, recorded before any deformation and 

after fracture. Figure 4.6 and Figure 4.7, respectively, correspond to samples M and S. 
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Figure 4.5: (a) ACOM TEM map of sample L before and (b) after fracture. 

 

 

Figure 4.6: (a) ACOM TEM map of sample M before and (b) after fracture. 
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Figure 4.7: (a) ACOM TEM map of sample S before and (b) after fracture. 

 

The pole figures in Figure 4.8 show consistently a strong (111) texture, especially with 

decreasing grain size as more grains contribute to the statistics, making the pole figure more 

evenly distributed. Furthermore, the texture or grain size average did not change after 

deformation. Table 4.1 shows a short overview of the average GS per sample, ranging from 

the ultrafine towards the nanocrystalline regime.  

 

Figure 4.8: (a) GS distribution of sample L. An automated fit has been added to the 

datapoints to assist the visualization. (b) (111), (c) (110) and (d) (001) pole figures of sample 

L. The same is presented for samples M (e-h) and S (i-l). 



  Grain size dependent deformation 

89 

 

 

Name Grain size [nm] 

L 325±59 

M 78±27 

S 36±15 

Table 4.1: Average GS with accommodating standard error, extracted from the GS 
distributions shown in Figure 4.8. 

 

4.3.2 Stress-strain curves 

Regarding the deformation cycles, stress-strain curves were created based on the sample’s 

dimensions and the load-displacement data obtained during the experiment. Figure 4.9 

shows the 180 µN cycle obtained from each sample. Every stress-strain curve has a ‘plateau’, 

corresponding to the constant-load regime used during the 180 µN cycle (Figure 4.4). To 

some degree, even though the applied load remains constant, the stress/strain evolves in 

time, implying that creep has occurred in all samples. Here, the deformation increases 

proportionally with grain size. The amount of creep has been quantified by the difference of 

stress (  ) and strain (   ) between the start- and endpoint of the plateau, while the 

permanent plastic deformation that has been induced per cycle has been expressed as    . 

These values are provided in Table 4.2 and show that for this cycle the amount of creep is 

proportional to the grain size.  

 

 

Figure 4.9: Stress-strain curves of each sample, obtained from the 180 µN deformation cycle. 
The amount of creep (expressed as Δσ and Δε1) and permanent plastic deformation (Δε2) 

have been indicated. 
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Δε1 [/] Δε2 [/] Δσ [MPa] 

L 0.0045 0.0089 -85.49 

M 0.0031 0.0058 -86.10 

S 0.0022 0.0068 -7.92 

Table 4.2: Amount of creep and permanent plastic deformation from the 180 µN cycle, 
extracted from Figure 4.9. 

 

It is generally argued that the resistance to creep increases with increasing grain size. In 

nanocrystalline materials, creep is dominated by grain boundary processes, which is in 

contradiction to the results found here. In this work, no significant signs of GB mediated 

processes were noticed based on the ACOM TEM results and observations made during 

deformation. On top of this, creep typically occurs in materials kept in high 

temperature/stress regions for prolonged periods of time, while here the experiment was 

performed at room temperature and the constant load regime lasted only minutes. Thus, it 

is assumed that here the creep is dislocation-based105; which is supported by the 

observations made in 4.3.3. 

In literature, it has already been reported on several occasions that the distribution, size and 

nature of dislocation sources have a strong influence on plastic deformation at a very small 

scale210–212. Aside from present GBs that can act as dislocation sources213, it is possible for 

dislocations to originate from other sources such as FIB induced defects. The high-energy 

gallium ions induce during FIB fabrication damage artefacts on the sidewalls and surface of 

the sample. FIB induced damage is minimized by controlling the milling conditions carefully, 

but still a thin amorphous film is produced on the surface of the sample, even at low ion 

doses214. For example, Idrissi et al.210 reported on FIB-induced point defect clusters in 

aluminium films that block deposition-induced long dislocations at the surface, thus 

influencing the plasticity mechanisms of said film. Since dislocations move more easily 

through larger grains, it explains why the amount of creep is most significant in sample L. 

Figure 4.10 displays the same as Figure 4.9, but now for the 210 µN cycles. The results seem 

similar aside from sample S, showing nearly no plateau or permanent plastic deformation. 

This was explained by a lack of dislocations, as the preceding cycles probably removed all 

present dislocations; this effect is referred to as mechanical annealing212. Again, the amount 

of creep and permanent plastic deformation is measured and provided in Table 4.3. 
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Figure 4.10: Stress-strain curves of each sample, obtained from the 210 µN deformation 
cycle. 

 

 

Δε1 [/] Δε2 [/] Δσ [MPa] 

L 0.0023 0.0053 -17.88 

M 0.0026 0.0047 -22.76 

S -0.00039 0.00097 0.19 

Table 4.3: Amount of creep and permanent plastic deformation, extracted from Figure 4.10. 

 

4.3.3 Observed effects 

For the first sample (L), which is shown from before deformation in Figure 4.11a, no 

significant changes were observed in the first five cycles (Figure 4.4, cycles 100 through 250 

µN). In the second to last cycle (280 µN) however, the formation of two transgranular slip 

traces were observed during the plateau; this is displayed in Figure 4.11b. The ACOM TEM 

maps were checked afterwards to ensure that the perceived slip traces were not 

deformation-induced twins. Moments before fracture in the last cycle, an intrinsic twin 

extends towards the edge of the sample (Figure 4.11c) and has been found post-mortem 

using ACOM TEM, as shown in Figure 4.11d. Σ3 {111} coincidence site lattice (CSL) 

boundaries are marked in red and were recognized by following the Brandon criteria, i.e. a 

common {111} plane and a misorientation angle of 60°±9° 173,174. The observed twin 

expansion can be explained by the migration of an Σ3{112} incoherent TB (ITB) connected to 

two parallel Σ3{111} coherent TB (CTB) that can move under moderate applied stress17,20,90. 

For the most part, it seems that here the dominant deformation mechanisms are caused by 

dislocation movement.  
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Furthermore, small grains were observed on the edge of the fracture (Figure 4.11d), most 

likely caused by broken grains along the fracture line and/or bended grains after releasing 

the load. Due to the permanent plastic deformation, the sample becomes elongated making 

the pieces collide when the springs return to their unstrained position. A load has been 

applied once more post-mortem to the chip to acquire the ACOM TEM map after fracture. 

 
Figure 4.11: (a) BF TEM image of sample L before deformation. (b) Same region as in (a), but 
moments before fracture. The slip traces are indicated with white arrows. The movement of 
the intrinsic twin is highlighted with a red arrow, both before fracture and post-mortem in 
(c) BF TEM and (d) ACOM TEM. The black boundaries indicate high angle grain boundaries, 
while the red boundaries show Σ3 CSL twin boundaries. The colour code for the orientation 

is shown as inset figure. 

 
In the second sample (M), the two final cycles (Figure 4.4, cycles 210 and 250 µN) have been 

characterized by partial and whole-grain contrast change. While the first observation points 

towards dislocation formation, the latter could be attributed to grain rotation too. It should 

be noted that most of the other grains did not show any change at that moment, which 

could exclude rigid body motion. To check for potential grain rotation, the change in 

misorientation between grains was measured in the ACOM TEM maps (see Figure 4.5 - 

Figure 4.7). The results show that all misorientations remained roughly the same, within a 

margin of 1-3° and ignoring the bended grains along the rupture line. Any other observed 

changes (especially in Figure 4.6 and Figure 4.7) were attributed to the uncertainty in 

indexation, as the film contains several grains in the thickness of the film. Furthermore, as 

shown in Figure 4.12a-b, fracture occurred during the plateau. As can be seen in the strain-

time curve in Figure 4.12b (indices 1-3), the slope increases strongly indicating softening. At 

several points during this plateau, the strain increases instantly by 0.3-0.6% (Figure 4.13b). 

These strain bursts occurred simultaneously with the mentioned local contrast changes 

(Figure 4.12c-h), thus further suggesting towards the role of dislocation movement. Indeed, 

a dislocation pile-up has been observed (Figure 4.12d, e; this is indicated with white arrows) 

which transmits during a strain burst to a neighbouring grain (Figure 4.12f).  
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Shortly before fracture, a shear band forms which becomes visible as a change in contrast 

across the grains along the fracture line (Figure 4.12h, indicated with white arrows). 

 

Figure 4.12: (a) Stress-strain curve of the fracture cycle of sample M. (b) Strain-time curve 

extracted from the region highlighted in (a), corresponding to the constant load stage; the 

point of sample fracture is indicated. (c) BF TEM image recorded right before the strong 

strain increase marked in (b) as ‘1’, while (d) was taken right after said increase. Arrows 

indicate dislocation activity and (partial) grain contrast change are highlighted with a white 

circumference. (e) BF TEM image recorded right before the strong strain increase marked in 

(b) as ‘2’, while (f) was taken right after. The dislocation pile-up indicated in (e) transmits to 

the region highlighted with arrows in (f). (g) BF TEM image recorded right before the strong 

strain increase marked in (b) as ‘3’, while (h) was taken at the apex of said increase and 

shows the last instance before fracture. The inset white lines indicate the expected fracture 

line. The white arrows show the contrast change of the appearing shear band, which lies 

along said fracture line. 
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Finally, the last sample (S) has shown significant local contrast change at three different 

occasions which synchronize with strain bursts in the stress-strain curve (Figure 4.13). Again, 

rigid body motion has been excluded due to partial contrast change of the whole specimen 

(Figure 4.13a-d) and the lack of grain rotation in the ACOM TEM maps. 

 

 
Figure 4.13: (a) Stress-strain curve of sample S in the 250 µN cycle, showing three labelled 
strain burst occasions. (b) BF TEM image recorded right before the strong strain increase 

marked in (a) as ‘I’, while (c) was taken right after said increase. This is also applied on the 
strain bursts ‘II’ and ‘III’, which respectively correspond to the BF TEM image couples (d), (e) 
and (f), (g). The coloured arrows in (b)-(g) accord per colour to a specific grain that changed 

contrast instantanously during the corresponding strain burst. 
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Usually, with decreasing GS, the dominant mechanism shifts from dislocation-based to GB 

mediated processes, following the normal- and transition to inverse Hall-Petch effect. 

However, taking all the observed phenomena into account, dislocations are considered the 

dominant plasticity mechanism in all samples. Since the film thickness is uniform for all cut 

films, the amount of grains in the cross-section increases with decreasing GS. Due to the high 

density of grains, a geometrical constraint is impeded allowing only a limited degree of 

freedom for GB mediated processes. Furthermore, Bachurin et al. used molecular dynamic 

simulations to replicate tensile deformation performed on nanocrystalline Pd215. It has been 

proven by them that GB mediated processes, such as GB migration and sliding will not 

become a dominant plasticity mechanism, even for very small grains (~10 nm). According to 

the ACOM TEM data, it seems that no significant grain rotation or other significant GB 

mediated processes have occurred in the samples. From these results, it seems that the 

plastic deformation of the ultrafine and nanocrystalline Pd thin films is controlled by the 

nucleation and glide of dislocations rather than the motion of GBs. 

 

4.3.4 Fracture behaviour 

Figure 4.14a-c shows in BF TEM the remains of each sample after fracture. The fracture 

cycles for all three samples, L, M and S are, respectively, 310 µN, 250 µN and 280 µN; the 

corresponding stress-strain curves are shown in Figure 4.14d. As was indicated in Figure 4.4, 

sample L broke during the loading phase. The rupture of samples M and S occurred 

respectively in the middle and at the start of the constant load phase. Aside from breaking 

under different conditions, the fracture behaviour varies as well. Note that the fracture line 

of sample L seems smoothest (Figure 4.14a), while specimens M and S show a more jagged 

edge along the rupture. Right before breaking, necking was perceived in sample L and M 

indicating ductile behaviour while sample S displayed a more brittle fracture. Figure 4.14e 

displays the fracture strain per sample extracted from Figure 4.14d and shows that sample 

M has the highest fracture strain. Intuitively, sample L should have had the largest fracture 

strain as the dislocations have more space to react to the applied load, delaying the fracture 

of the sample. This behaviour was indeed observed in sample M, showing high dislocation 

activity during the final constant load phase, hence its high fracture strain. However, grain 

size is not the only parameter controlling the fracture behaviour; for example, imperfections 

such as voids or ledges at the sides of the sample could accelerate the fracture. Therefore, 

we believe that the breaking of sample L could have been influenced by such parameter, 

explaining its early fracture. 
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Figure 4.14: Samples (a) L, (b) M and (c) S after fracture. (d) Stress-strain fracture curves of 
each specimen. (e) Fracture strain per sample. Each data point is indicated with the 

accommodating sample's label. 

 

4.4 Conclusion 

For the first time, a proof-of-concept to control the grain size in nanocrystalline metals has 

been demonstrated using tensile annealing on Pd thin films on an MEMS chip. Furthermore, 

tensile deformation has been performed on different cuts of the film post-annealing to 

investigate the plastic deformation at different grain sizes. The deformation results show 

that the main deformation mechanism is dislocation-based activity, even at extremely small 

grain sizes. Several dislocation-based activities were observed to confirm this behaviour, 

such as slip planes, dislocation pile-up and the migration of a Σ3{112} ITB. ACOM TEM was 

used to exclude grain-boundary mediated behaviour, to find that the grain size ranges from 

36 to 325 nm and that all investigated samples have a strong {111} texture. 
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5. Analysis of internal stress build-up during 

deposition and the hydriding effect on 
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5.1 Introduction 

In the past, mechanical properties of nickel (Ni) thin films have been heavily investigated. For 
example, hydrogen-induced effects45,216, the shift in deformation mechanisms in the Hall-
Petch transition region195 and internal stress induced during deposition217. The latter has 
been actively investigated for close to 70 years now217 and several mechanisms explaining 
the stress build-up during deposition have been suggested. Some parameters are still under 
heavy debate such as the role of adatoms on the strain field218, excess vacancy (or 
interstitial) reduction219,220 and the influence of dislocations221. On the other hand, some 
mechanisms are well-established like lattice mismatch, capillarity stress222, or as will be 
applied in this work, the island coalescence model223. By approximation, the exterior of 
growing grains can be considered as rounded surfaces (Figure 5.1a). During contact with 
adjacent islands (Figure 5.1b), the system can lower its net free energy by reducing the high 
surface energy and by creating an interface with a relatively low interfacial energy224. This 
interface will take on the physical characteristics of an elastic crack. During the closing of this 
crack (this mechanism is commonly referred to as ‘zipping’), the islands involved become 
elastically strained, contributing to the internal stress measurement. Furthermore, it is 
assumed that the zipping mechanism occurs on a relatively short time in comparison to the 
required time needed for the islands’ elastic relaxation to occur224, thus inducing a 
permanent residual strain in the film. If the film would be deposited uniformly (Figure 5.1c), 
no internal stress would build since the film can grow in an energetically favourable 
condition, leading to a single-crystal structure. It can occur that even though the initial 
deposition starts uniformly, islands can still start to form from a certain thickness (Figure 
5.1d); the uniform layer is referred to as a nucleation layer. 
 

 
Figure 5.1: (a) Initial island formation at the beginning of the deposition. (b) The islands start 

to coalesce, forming a GB interface in between. σ represents the internal elastic strain 
caused by zipping up the interface. (c) Schematic of a stress-free uniform film growth on a 

substrate. (d) Combined model, where the deposition starts with a uniform nucleation layer 
followed by the formation of islands. 

 



  Analysis of internal stress 

99 

 

On top of the uncertainty on the formation mechanism(s), another interesting aspect is the 
resulting texture and grain size in thin films as it strongly influences the mechanical 
behaviour of the material. For example, the Hall-Petch curve is depending on the combined 
contribution of the orientation texture and grain boundary distribution225. 
X-ray Diffraction (XRD)226 and Electron Backscatter diffraction (EBSD) are typically used for 
the examination of these characteristics, although the first method does not provide local 
information and the latter is limited to microscaled samples225. For nanoscaled films, in 
which the thickness usually does not exceed ~100 nm, more advanced TEM techniques are 
required. In this research, nanocrystalline Ni thin films were sputter-deposited on a silicon 
(Si) substrate during which the stress was measured in-situ. The stress.thickness product 
behaviour observed during deposition is explained using microstructural information from 
ACOM TEM. This type of characterization has been used in previous works17,160,177. In the 
present work the focus is on an improved insight on the effect of the boundaries, both grain 
boundaries and twin boundaries, on the internal stress of nanocrystalline Ni thin films. 
 
Aside from inspecting the as-deposited films, the Ni films in this thesis were also all 

investigated after electrochemical hydriding, either in a base or an acidic solution227. This 

procedure was based on the work of S. Kim et al.227 and was further optimized by our 

collaborators of UCLouvain. 

 

5.2 Materials and methods 

A Si substrate was coated with a 5 nm TiO2 layer, which was sputter-deposited at a rate of 
0.3 nm/min. The thin TiO2 coating acts as passivation layer to protect the Si from oxidation 
and to ensure the adhesion of the Ni layer. On top of this TiO2 layer, nanocrystalline Ni thin 
films were magnetron sputter-deposited at room temperature with an argon (Ar) plasma 
pressure ranging between 2 mTorr and 8 mTorr until a thickness of 100-120 nm was 
reached. The amount of scattering is proportional with the Ar pressure, thus the deposition 
rate is proportionally decreased to compensate this effect; detailed values are provided in 
Table 5.1. 
 

Pressure 
(mTorr) 

Deposition rate 
(nm/min) 

2 2.0 
3 1.7 
4 1.5 
5 1.3 
8 1.1 

Table 5.1: Deposition rate used at each Ar pressure. 

 
The internal stress was measured in-situ using a high-resolution curvature measurement 
setup aimed at the substrate in the deposition chamber. Using multiple laser beams directed 
towards the deposited film, the curvature can be quantified based on the position of the 
reflected beams.  
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The experimental details of the set-up have already been described elsewhere228. Cross-
sectional TEM samples were prepared from films deposited under different conditions with 
a focused ion beam (FIB) using the “lift-out” procedure. To improve the reliability of the 
ACOM TEM results, careful thinning was performed with FIB to minimize the amount of 
overlapping grains. 
A Tecnai G2 microscope (FEG, 200 kV) from Thermofisher Scientific equipped with the ASTAR 
system from Nanomegas was used to perform ACOM TEM149. Using electron precession with 
an angle of 0.4°, the amount of dynamical effects was minimized which will facilitate the 
automatic indexation of the diffraction patterns in post-treatment155; the resulting electron 
probe size was ~1.7 nm. Using the software package from Nanomegas, pre-calculated 
electron diffraction patterns were generated and cross-correlated to every obtained 
pattern149. The orientation resolution of this database was 0.5°. Once all patterns are 
indexed, further processing is performed with the Orientation Imaging Microscopy (OIM) 
analysis software from EDAX Inc. This includes noise reduction, statistical analysis and 
interface mapping. Non-indexed and mis-indexed points were corrected using a clean-up 
method commonly used on electron backscatter data158. 
 
As mentioned in chapter 1 and section 2.1.3.2, the hydriding of Ni thin films is more 

complicated than for Pd. In the first step towards the optimal hydriding settings, the samples 

were hydrided in 1 M of potassium hydroxide (KOH) with a controlled current of -100 

mA/cm². Through RHE, the corresponding voltage can be measured which was used as an 

indication that the hydriding was most likely not fully successful. Therefore, the solution was 

switched to sulphuric acid (1M of H2SO4). Using the same controlled parameter, the in-situ 

stress measurement experienced technical difficulties due to the formation of ‘bubbles’ in 

the solution during the hydriding step, which distorts the incident and reflecting laser 

beams. Since these bubbles were induced by the high current, the controlled parameter was 

changed from current-based to voltage-based, set to -10mV leading to the optimal hydriding 

conditions. 

These as-deposited and (de)hydrided samples were examined with TEM to search for 
hydrogen-induced effects, similarly to Pd. Just like the ACOM TEM method mentioned, 
HRTEM was also performed on all films with the same Tecnai G2 microscope. 
 

5.3 Results and discussion 

5.3.1 Stress.thickness product versus ACOM TEM 

The stress.thickness product data displays the internal stress build-up and each curve can be 

divided in three sequential characteristic sections, as shown in Figure 5.2a. Firstly, the stress 

remains stable at a constant value, which could be explained by the formation of a single 

crystal nucleation layer without or with just a few grain boundaries (GBs) or an amorphous 

structure. For the Ni thin film prepared at 2 mTorr, we observed that the stress remained 

almost zero during the entire deposition (Figure 5.2b). All other samples show a sudden 

increase, indicating typically the end of their nucleation layer229 and the start of the 

formation of GBs.  
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For 3 mTorr and 4 mTorr, the expected nucleation layer thickness is respectively 50 nm and 

30 nm, as measured from the stress.thickness product data in Figure 5.2b. For the samples 

deposited with 5 mTorr and 8 mTorr, the nucleation layer ends at around 10 nm. 

Secondly, the initial increasing slope can be used as an indication for the grain size based on 

the ‘zipping mechanism’ as suggested by Nix and Clemens223, where the tensile stress 

increase is inversely proportional to the grain size. It needs to be restated here that every Ni 

film was deposited at a different deposition rate, which can be proportional to the tensile 

stress as was proven by Hearne et al.230 and Kongstein et al.231 for electrodepositing Ni or 

Cu, respectively. However, since each film also had an Ar pressure in the deposition chamber 

inversely proportional to the used deposition rate, comparable deposition conditions are 

induced in all samples. Aside from 2 mTorr, all samples show a similar slope, thus the grain 

size is expected to be similar. At any point on the curve, the stress contributed by the 

incremental layer of film deposited can be quantified by taking the derivative at that 

thickness 232; an incremental internal stress of ~1.1 GPa was estimated from the initial slope. 

Finally, for the samples prepared at the highest Ar pressures, 5 mTorr and 8 mTorr, a 

downward bending of the curve is seen. This effect together with all predictions described in 

this section will be cross-correlated with the TEM results. To improve readability, the colour 

labelling applied in Figure 5.2b will also be used in the succeeding figures. 
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Figure 5.2: (a) Model stress.thickness product curve. ‘1’ indicates the end of the stress-free 
nucleation layer, ‘2’ shows the initial upwards slope caused by stress build-up while ‘3’ 
highlights the downwards slope. (b) Stress.thickness product curves showing the stress 

build-up in Ni thin film at varying Ar pressure. 

 
Multiple ACOM TEM maps were recorded per sample, which were all used to improve 

statistical analysis later on; for the 2 mTorr sample; as an example all obtained and used 

ACOM TEM maps for the 2 mTorr sample are shown in Figure 5.3. 
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Figure 5.3: ACOM TEM maps of the 2 mTorr sample. 

 

Representative maps of the different samples are shown in Figure 5.4; the deposition 

direction is horizontal in each map, growing from left to right (i.e., the TiO2/Si substrate is for 

every map on the left hand side, out of frame). Starting from the 2 mTorr sample, we can 

observe that the thin film mostly consists of large grains spanning the entire deposition 

width with only few GBs; this is in agreement with the observation made in Figure 5.2. For 

the 3 mTorr and 4 mTorr samples, a respective nucleation layer of 50 nm and 30 nm was 

anticipated from the observations made in Figure 5.2. Instead of the expected single-crystal 

nucleation layer, several large grains originating on the TiO2 side are observed in these films. 

It has already been shown in literature that an inverse correlation exists between grain size 

and internal stress in electrodeposited Ni thin films225,233. Aside from the uniformly 

distributed films (5 and 8 mTorr), the largest grains in these examined films mostly 

agglomerate on the TiO2 side, explaining the delay in stress build-up during deposition. A 

detailed grain size distribution is provided in Figure 5.5, showing that the average grain size 

and spread decreases with increasing Ar pressure. Table 5.2 displays the average grain size 

gained from Figure 5.5. The mean stress per film is also provided in Table 5.2, extracted from 

Figure 5.2 by dividing the final stress.thickness value by the total film thickness. 

It is worth noting that the films used in the present work have no strong (111) texture along 

the growth direction, although this is commonly expected in fcc thin films234. This was 

proven through (111) pole figures which show the texture parallel with the growth direction; 

these are displayed in Figure 5.6.  
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Generally, the (111) orientation along the growth direction is preferred in fcc metals due to 

the low interfacial energy of this plane234. The expected texture can change because of, for 

example, impurities that can influence the interfacial energies, the nucleation sites and/or 

surface diffusivities234. Perpendicular to the growing direction, as shown in Figure 5.4, it 

seems that at higher Ar pressure the films have a distinct {101} texture. This is also displayed 

in the inverse pole figures in Figure 5.7. 

 

Figure 5.4: ACOM TEM maps of the Ni thin films deposited with varying Ar pressure. Showing 

from left to right: 2 mTorr, 3 mTorr (red contour), 4 mTorr (blue), 5 mTorr (green) and 8 

mTorr (orange). The indexation colour scaling is included as inset figure. The grains are 

separated by black lines, indicating high angle grain boundaries (HAGBs). The used 

deposition pressure is also mentioned above the corresponding figure, expressed in mTorr. 
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Figure 5.5: (a) Grain size distribution of the 2 mTorr, (b) 3 mTorr (c) 4 mTorr (d) 5 mTorr and 
(e) 8 mTorr samples. 

 

Pressure 
(mTorr) 

Average grain 
size (nm) 

Mean stress 
(MPa/nm) 

2 242 (9) 0.67 (9.62) 
3 147 (5) 491 (17) 

4 39 (7) 705 (10) 
5 35 (7) 809 (10) 
8 38 (3) 367 (18) 

Table 5.2: Average grain size and mean stress per film. The numbers in between brackets 
represent the standard deviation. 



Chapter 5 

106 

 

 

Figure 5.6: (a) (111) pole figure viewed parallel to the growth direction for the 2 mTorr 

sample. (b) same for the 3 mTorr (c) 4 mTorr (d) 5 mTorr and (e) 8 mTorr samples. 

 

 

Figure 5.7: Inverse Pole figures showing the distribution of texture in the normal direction to 
the film. (a) 2 mTorr (b) 3 mTorr (c) 4 mTorr (d) 5 mTorr and (e) 8 mTorr. 
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So far, all TEM observations are consistent with the predictions from the stress.thickness 
product data. The delay in stress-build up has been explained by the agglomeration of large 
grains on the substrate side, while the comparable increasing stress.thickness slope has been 
clarified by a similarity in grain size. Regarding the downward bending slope, it was noticed 
that even though the samples deposited with 5 mTorr and 8 mTorr have a similar texture 
(Figure 5.7) and grain size distribution (Figure 5.5), the curve of the downwards bending 
slope of the internal stress is clearly stronger in the latter (Figure 5.2). An explanation can be 
found using the GBs and Σ3 TBs. In this respect, Figure 5.8a shows the same maps as Figure 
5.4, but with the orientation colour overlay removed. Some of the present high angle GBs 
(HAGBs) are recognized as Σ3 TBs (blue lines in Figure 5.8). These are identified based on a 
misorientation plane of 60°±9° and a common plane between the neighbouring grains, 
which are the conditions according to the Brandon criteria for Σ3 {111} CSL boundaries163,164. 
A TB density can be calculated per sample based on the total sum of the lengths of these Σ3 
TBs divided by the total surface area of the accompanying sample; this is displayed in Figure 
5.8b. It shows that the 2, 3 and 8 mTorr films have a relatively low TB density, while 4 and 5 
mTorr are comparably high. Next, from Figure 5.2, the mean internal stress per sample can 
be extracted from each curve (Figure 5.8c). This value is determined by dividing the final 
stress from the tail-end of that curve by the total deposition thickness. Cross-correlating this 
stress behaviour with the TB density shown in Figure 5.8b displays a clear connection. During 
deposition, as the internal elastic energy (IEE) starts to increase, the stress could locally 
reach values higher than the yield strength leading to the formation of dislocations. It is 
already well-known that both GBs189 and TBs81,85,118,235,236 can act as barriers for dislocation 
motion. In a material with only a few GBs and TBs, such as the 2 mTorr sample, these 
dislocations could escape easily to the surface or to the GBs, leading to a relaxation of the 
internal stress. At a higher boundary density, the dislocations can be hindered by these 
boundaries, which will keep the IEE high. Comparing Figure 5.8a with Figure 5.8c, this 
reasoning can be applied for the samples up to 5 mTorr. For the 8 mTorr sample however, 
the mean stress is significantly lower in comparison to the 5 mTorr sample even though the 
HAGB density is similar. The difference can be found in the Σ3 TB density as shown in Figure 
5.8b, implying that TBs have a significant influence on dislocation motion.  
The low TB density in the 8 mTorr sample can be attributed to the deposition rate used. 
Indeed, Amin-Ahmadi et al. observed a proportional correlation between the density of 
growth twins in nanocrystalline Pd thin films deposited with electron beam evaporation and 
the used deposition rate160. On the other hand, the average twin spacing and grain size 
remained approximately unchanged. Considering that in our work the deposition rate was 
decreased with increasing Ar pressure and that the average grain size remained consistent at 
higher pressure, we can conclude that only the twin boundary density will be affected, as 
shown in this study. 
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Figure 5.8: Blank ACOM TEM maps highlighting the HAGBs. The Σ3 TBs are marked as blue 
lines. (b) Σ3 TB density as a function of deposition pressure. Error bars are added based on 

the Σ3 TB density spread from ACOM TEM maps of different regions. (c) Mean internal stress 
as a function of deposition pressure, obtained from the stress.thickness product curves of 

Figure 5.2. 

 

5.3.2 Hydrogen reaction 

Pd films have been investigated in-depth by Amin-Ahmadi et al. 18–20 using TEM on post-

hydrided films. It has been proven extensively, both in this work (Chapter 3) and his work 

that hydriding to β phase induces defects in the microstructure, which were revealed 

through HRTEM. Furthermore, no significant changes were observed through ACOM TEM in 

his work19. 

Considering that Ni cannot dissolve more than 0.0014 at% of hydrogen naturally at room 

temperature41, it is assumed that all of the inserted H is removed from the Ni thin films after 

the hydriding procedure. An example of the hydriding procedure from the 8 mTorr sample is 

shown in Figure 5.9a, which is initiated on t=0 s. The figure shows a strong compressive 

stress increase up to 200 MPa. 

Regarding the Ni films discussed here, no atypical defects were discovered through HRTEM, 

such as stacking faults or the 9R phase as was observed in Pd20, not including deposition-

induced (in)coherent TBs (Figure 5.9b). When inspecting the ACOM TEM results, similarly to 

the work on Pd19, no distinct hydriding features could be detected; the results are identical 

to the as-deposited films shown in Figure 5.2b. Although the compressive stress behaviour 

during hydriding is similar to Pd17, it should be noted that the internal stress in Pd reached 

920 MPa19 when completely hydriding to β phase (Figure 3.1) while Pd films hydrided to α 

phase ‘only’ induced an absolute change in stress of 330 MPa19. It was also observed by 

Amin-Ahmadi et al. that no significant microstructural changes were found in the films 

hydrided to α phase.  
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This was explained by the relatively small change of internal stress and due to a limited 

hydrogen/defect interaction19. Therefore, it is our assumption that no hydrogen-induced 

effects were found in the Ni films because, similarly to the Pd hydrided to α phase, the 

amount of compressive stress was too low to induce noticeable local permanent plastic 

deformation and perhaps the film was not fully hydrided as intended. 

 

Figure 5.9: (a) Stress measurement taken during the hydriding cycle. The hydriding starts at 

t=0 s. (b) Example of a HRTEM image of the Ni film on the Si/TiO2 substrate, showing 

(in)coherent TBs. 

 

HRTEM also exposed that Ni is sensitive for FIB-induced effects which can heavily influence 

the dislocation activity209,237,238. Ion-milling was attempted but did not yield any different 

results. If the hydriding behaviour of Ni thin films is investigated with TEM in future work, it 

is recommended to seek a sample preparation method that is less destructive for the film, as 

the FIB-induced damage might have obscured the true dislocation activity in these films. 

 

5.4 Conclusion 

The origin of the internal stress build-up in sputter-deposited Ni thin films was explained 
based on TEM results. It was shown that an anticipated nucleation layer is induced by large 
grains forming on the substrate as the dislocations have more room to escape. The similarity 
in stress increase is correlated with a comparable grain size, which is in accordance with the 
island coalescence model. The observed softening at low Ar pressure is justified by the small 
amount of grain/twin boundaries, induced by the low amount of scattering during 
deposition. With increasing pressure, even though the deposition rate is adjusted, the 
scattering induces smaller grains which increase the strength of the film. At the highest Ar 
pressure, this effect is counterbalanced by a decreased Σ3 TB density due to the low 
deposition rate. No hydriding-induced effects were observed, probably due to the low stress 
build-up and/or limited hydrogen/defect interactions during hydriding. 
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Appendix 

Matlab script for rescaling all distances in the Nanomegas file for correct read-in in the OIM 

analysis software. 

 

%Changing the values in an .ang file so the scale is correct when reading the file in OIM Analysis. 

close all 

clear all 

%Read in the .ang file 

[FileName,PathName,FilterIndex] = uigetfile({'*.ang';'*.*'},'Load an ANG file'); 

%To avoid confusion, the filename of the newly scaled file will be renamed to 'scaled_FileName'. 

OriginalFile=strcat(PathName,FileName); 

newFilename=strcat(PathName,'scaled_',FileName); 

copyfile(OriginalFile,newFilename); 

fid = fopen(newFilename,'r'); 

%Reading in the data, ignoring the headers 

C=textscan(fid,'%f32 %f32 %f32 %f32 %f32 %f32 %f32 %f32 

%f32','Whitespace','TreatAsEmpty','commentstyle','#'); 

% Set the file position indicator to the beginning of the file. 

frewind(fid); 

% Reading the entire length of the file to determine the length of the headers 

C2=textscan(fid,'%s','Delimiter','\n'); 

[lengthC,~]=size(C{1}); 

[lengthC2,~]=size(C2{1}); 

headerlength=lengthC2-lengthC; 

%Scaling the data to the correct dimensions 

C{1,4}=C{1,4}/1000; 

C{1,5}=C{1,5}/1000; 

[l1,b]=size(C); 

l2=length(C{1,1}); 
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numLines=headerlength+l2;  

A=cell2mat(C); 

%Reading the header lines. fopen is set to 'read' 

fid = fopen(newFilename,'r'); 

mydata = cell(1, numLines); 

for k = 1:headerlength 

mydata{k} = fgetl(fid); 

end 

fclose(fid); 

%Overwriting the header lines without making changes. This is necessary to get to the data lines. 

fid = fopen(newFilename,'w'); 

for k=1:headerlength 

fprintf(fid,'%s\r\n',mydata{k}); 

end 

%Overwriting the old data with the new data. 

fprintf(fid,'%f %f %f %f %f %f %f %f %f\r\n',A'); 

fclose(fid); 

disp('The conversion is complete') 
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Summary and perspectives 

In the present thesis, crystal defects such as dislocations, grain and twin boundaries in 

nanocrystalline Pd and Ni thin films were examined in depth using advanced TEM techniques 

to uncover the fundamental processes governing the creation of these defects as well as 

their interaction with other defects under controlled hydrogen and mechanical loading 

modes, yielding nanoplasticity mechanisms in Pd/Ni films. 

First the plasticity mechanisms of Pd thin films subjected to hydriding/dehydriding cycles 

have been investigated through nanoindentation and various TEM techniques. The samples 

were sputter-deposited by the IMAP group of the Université Catholique de Louvain. The 

nanoindentation tests demonstrate a significant softening when compared to the as-

received material. The origin of this softening is unravelled by combining in-situ TEM 

nanomechanical testing with ACOM TEM and HRTEM. The softening is attributed to the 

presence of a high density of stacking faults and of Shockley partial dislocations after 

hydrogen loading. The hydrogen induced defects affect the elementary plasticity 

mechanisms and the mechanical response by acting as preferential sites for 

twinning/detwinning during deformation. These results are analysed and compared to 

previous experimental and simulation works in the literature. This study provides new 

insights into the effect of hydrogen on the atomistic deformation and cracking mechanisms 

as well as on the mechanical properties of nanocrystalline thin films and membranes. 

Next, a proof-of-concept to control the grain size in nanocrystalline metals has been 

demonstrated using tensile annealing on Pd thin films on an MEMS chip. The Pd films were 

sputter-deposited with a uniform grain size directly on these MEMS chips by the department 

of Mechanical and Nuclear engineering of Pennsylvania State University. After tensile 

annealing, a grain size gradient was observed while the film thickness remained uniform. 

Tensile deformation has been performed on different cuts of the film post-annealing to 

investigate the plastic deformation at different grain sizes. BF TEM was used to monitor the 

dislocation activity during deformation while ACOM TEM was applied before any 

deformation and after fracture to investigate the evolution on the granular level. From the 

latter technique, it was revealed that the grain size gradient ranged on average from 36 nm 

to 325 nm. The TEM results show that the main deformation mechanism is a dislocation-

based activity, even at extremely small grain sizes. This was explained by the geometrical 

constraint for the smaller grains since the film thickness remains the same for all samples. 

Ni thin films were sputter-deposited by the IMAP group of the Université Catholique de 

Louvain. The Ar pressure was varied in the deposition chamber to induce different 

microstructures in the thin films. Even more, these films were hydrided/dehydrided for a 

similar investigation as with Pd, i.e., looking for hydriding-induced crystal defects. Although 

there was no evidence found of the influence of hydrogen through TEM, ACOM TEM proved 

to be helpful to identify the cause of the stress.thickness product behaviour during 

deposition. The absence of an expected nucleation layer was clarified by large grains forming 
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on the substrate side. The comparable grain size, as predicted by the island coalescence 

model explains the similarity in stress increase. And finally, softening was observed at the 

lowest and highest Ar pressures, which were respectively described by the stress-free large 

grains and a deposition rate inversely proportional to the Ar pressure. 

 

Based on the above results, the following perspectives can be suggested: 

 The MEMS grain growth technique can be used to study the effect of grain size (with 

identical thickness) during cyclic loading. 

 Improving the TEM investigation of hydrided/dehydrided Ni thin films after 

optimizing the deposition and (de)hydriding conditions to understand the role of 

irreversible microstructural changes induced under hydrogen cycling on the 

mechanical behaviour. 

 The study of thermally activated mechanisms in a large range of temperatures and 

operating strain rates in both as-deposited and hydrided Pd/Ni systems using a 

quantified in-situ TEM nano/micromechanical holder. 
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Samenvatting en perspectieven 

In dit proefschrift worden kristaldefecten zoals dislocaties, korrel- en tweelinggrenzen in 

nanokristallijne Pd en Ni dunne films grondig onderzocht met geavanceerde TEM technieken 

om de fundamentele processen te ontdekken die de creatie van deze defecten en hun 

interactie met andere defecten onder gecontroleerde hydrogenatie en mechanische 

belasting, met geactiveerde nanoplasticiteitsmechanismes in de Pd/Ni dunne films als 

resultaat. 

Eerst werden de plasticiteitsmechanismes van Pd dunne films onderzocht die onderworpen 

waren aan (de)hydrogenatie cycli door middel van nano-indentatie en verschillende TEM 

technieken. De specimens werden sputter-gedeponeerd door de IMAP groep van de 

Université Catholique de Louvain-la-Neuve. De nano-indentatie testen tonen een significante 

verzachting aan in vergelijking met het originele materiaal. De oorsprong van deze 

verzachting werd verklaard door in-situ TEM nanomechanische tests te combineren met 

ACOM TEM en HRTEM. De verzachting werd toegedragen aan de aanwezigheid van een hoge 

dichtheid van stapelfouten en Shockley partiële dislocaties na (de)hydrogenatie. De defecten 

die door het waterstof geïnduceerd werden beïnvloeden de mechanische respons en de 

elementaire plasticiteitsmechanismes door als voorkeurssites te dienen voor de vorming of 

afbraak van tweelingen tijdens deformatie. Deze resultaten werden geanalyseerd en 

vergeleken met voorgaande simulaties en experimentele resultaten uit de literatuur. Deze 

studie voorziet nieuwe inzichten in het effect van waterstof op de atomaire deformatie en 

barstingsmechanismes, alsook op de mechanische eigenschappen van nanokristallijne dunne 

films en membranen. 

Vervolgens werd een nieuw concept gedemonstreerd waarbij de korrelgrootte 

gecontroleerd werd in nanokristallijne metalen door middel van uitrekking-opwarming op Pd 

dunne films op een MEMS chip. De Pd films werden sputter-gedeponeerd door het 

Mechanische en Nucleaire ingenieursdepartement van Pennsylvania State University. Na 

uitrekking-opwarming werd een korrelgrootte gradiënt geobserveerd terwijl de filmdikte 

uniform bleef. Deformatie door uitrekking werd uitgevoerd op verschillende sneden van de 

film na opwarming om bij verschillende korrelgroottes de plasticiteitsmechanismes te 

onderzoeken. BF TEM werd gebruikt om de dislocatie activiteit te bestuderen tijdens 

deformatie terwijl ACOM TEM toegepast werd voor enige deformatie aangelegd werd en na 

de breuk van het specimen om de evolutie op een granulair niveau te onderzoeken. Met de 

laatstgenoemde methode werd bepaald dat het bereik van de korrelgrootte gemiddeld van 

36 nm tot 325 nm reikte. De TEM resultaten tonen aan dat het voornaamste 

deformatiemechanisme dislocatie-gebaseerd is, zelfs bij de extreem kleine korrelgroottes. 

Dit werd verklaard door de geometrische begrenzing die opgelegd wordt aan de kleinere 

korrels aangezien de filmdikte hetzelfde is voor alle specimens, dus de 

plasticiteitsmechanismes evolueren van natuurlijke voorkomende dislocaties naar 

noodzakelijke dislocaties. 
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Ni dunne films werden sputter-gedeponeerd door de IMAP groep van de Université 

Catholique de Louvain-la-Neuve. De Ar druk werd gevarieerd in de depositiekamer om 

verschillende microstructuren te induceren in de dunne films. Daarenboven werden deze 

films ge(de)hydrateerd voor een gelijkaardig onderzoek als bij Pd, d.w.z. op zoek gaan naar 

waterstof-geïnduceerde kristaldefecten. Door middel van TEM werd geen invloed gevonden 

van waterstof, hoewel ACOM TEM nuttig bleek te zijn om de oorzaak te vinden van het 

stress-dikte karakter tijdens depositie. De afwezigheid van een verwachte nucleatielaag 

werd opgehelderd door de vorming van grote korrels tegen het substraat. Zoals voorspeld 

door het eiland coalitie model werd de verhoging in stress verklaard door een vergelijkbare 

korrelgrootte. Tot slot werd verzachting geobserveerd bij de laagste en hoogste Ar druk, die 

respectievelijk verklaard werden door stressvrije grote korrels en een snelheid van depositie 

omgekeerd evenredig met de Ar druk. 

Gebaseerd op deze resultaten kunnen de volgende perspectieven worden gesuggereerd: 

 De MEMS korrelgroei methode kan gebruikt worden om deformatie-geïnduceerde 

mechanismes (zoals kruip of vermoeiing) op specimens met variërende 

korrelgroottes te onderzoeken. 

 Na optimalisatie van de condities van het depositie- en (de)hydrogenatie proces op 

Ni dunne films kan het TEM onderzoek verbeterd worden om een inzicht te krijgen in 

de rol van onomkeerbare microstructurele veranderingen geïnduceerd door de 

hydrogenatie cycli op de mechanische reactie. 

 De studie van thermisch geactiveerde mechanismes in een groot temperatuur- en 

stressbereik, zowel in de gedeponeerde als in de ge(de)hydrateerde Pd/Ni systemen 

door gebruik te maken van een kwantitatieve in-situ TEM nano/micromechanische 

houder. 
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