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I 

 

Precipitation behavior and heat 
resistance properties of Al-Cu-Mg-Ag-

(Si) Alloys 

 

Abstract: With the rapid increase in the speed of new-generation 

aerospace vehicles, conventional heat-resistant aluminum alloys 

cannot meet the long-term service of the equipment. Therefore, the 

development of new high-strength heat-resistant aluminum alloys is 

of great strategic for the sustainable and high-quality development of 

industries. Al-Cu-Mg-Ag alloy is an age-hardenable heat-resistant 

aluminum alloy and has high strength and heat resistance. The 

addition of alloying elements such as Si and Sc to Al-Cu-Mg-Ag 

alloy introduces a competitive relationship among the σ-Al5Cu6Mg2, 

θ′-Al2Cu, and Ω phases. Therefore, a systematic investigation of 

precipitation behavior and heat resistance of Al-Cu-Mg-Ag-(Si) is 

essential for guiding the design of high-strength heat-resistant 

aluminum alloys. Combined characterization testing methods such as 

scanning electron microscopy, transmission electron microscopy, 

atom probe tomography, microhardness testing, and tensile testing 

with simulation calculation methods such as calculation of phase 

diagram, first-principles calculations, and Ab initio molecular 

dynamics, the effects of heat treatment processes and element content 

on the precipitation behavior, mechanical properties, and heat 

resistance of Al-Cu-Mg-Ag-(Si) alloys were systematically 

investigated. Furthermore, a multiple interface segregation structure 

was constructed at the θ′/Al interface, and a new Al-Cu-Mg-Ag-Si-

Sc alloy with synergistically improved strength and heat resistance 
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was developed. The main conclusions are as follows: 

(1) Based on the Kampmann-Wagner-Numerical theory, the 

relationship between the coarsening rate of the Ω phase and the aging 

process was analyzed, revealing for the first time that the critical size 

of Ω phase ( *

thermalr ) under thermal exposure temperature was the key 

factor determining the coarsening rate of Ω phase during long time 

thermal exposure heat treatment. After artificial ageing, when the 

size of Ω phase was smaller than the critical size *

thermalr  , the 

dissolution of smaller Ω phase leaded to a rapid decrease in the 

number density of Ω phases, thereby reducing the heat resistance of 

the alloy. When the size of Ω phase was greater than or equal to the 

critical size *

thermalr , the coarsening rate of Ω phase was consistent, but 

a larger initial size would result in a larger final size after long-term 

thermal exposure. Therefore, the closer the size of Ω phase in the 

alloy is to the critical size under heat exposure temperature, the better 

the heat resistance of the alloy. 

(2) A concept of constructing a multiple interface segregation 

structure at the precipitate/matrix interface was proposed, and based 

on this concept, a multiple interface segregation structure containing 

the C/L-AlMgSiCu interfacial phase, newly discovered χ-AgMg 

interfacial phase, and Sc segregation layer was successfully 

constructed at the θ′/Al interface. The existence of the multiple 

interface segregation structure ensured that the designed Al-Cu-Mg-

Ag-Si-Sc alloy maintains a yield strength of 400 MPa after thermal 

exposure at 200 °C for 100 h, with a strength retention rate of 97%, 

creating a new record for the synergistic improvement of strength and 

heat resistance in aluminum alloys. In addition, combining 

transmission electron microscopy ex-situ/in-situ characterization 
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with first-principles calculations, it is shown that the χ-AgMg 

interface phase will be destroyed due to the diffusion of the outer Ag 

layer during thermal exposure, and gradually dissolve into the matrix, 

but it can still delay the coarsening behavior of θ′-Al2Cu phase. 

(3) The criteria for determining whether Ω phase can precipitate 

are updated in Al-Cu-Mg-Ag-Si alloys with low Mg/Si ratio based 

on phase diagram thermodynamic calculations and multi-scale 

structural characterization. When W(Mg)/W(Si) > 1.4 and 

X(Ag)/X(Mgexcess) > 1, Ω phase can precipitate in Al-Cu-Mg-Ag-Si 

alloys, where X(Mgexcess) represents the atomic percentage of residual 

Mg elements after the formation of the AlMgSiCu quaternary 

precipitate phase C/L phase in the supersaturated solid solution, and 

the W(Mg) is the mass fraction of Mg in the supersaturated solid 

solution before artificial ageing. 

(4) The effects of alloy element content on precipitation 

behavior and heat resistance of Al-Cu-Mg-Ag-Si alloys were 

systematically analyzed. Critical conditions for the precipitation of 

σ-Al5Cu6Mg2 and Ω phase in Al-Cu-Mg-Ag-Si alloys are revealed. 

Based on calculation of phase diagram results, the conditions for 

precipitating σ-Al5Cu6Mg2 phase in the alloy are: ① W(Mg)/W(Si) > 

1.8; ② W(Cu) > 2.7W(Mg) - 5W(Si). When W(Mg)/W(Si) < 1.8, 

the alloy is mainly precipitated with C/L/Q′-AlMgSiCu. When W(Cu) 

< 2.7W(Mg) - 5W(Si), the alloy will generate GPB zone. In addition, 

W(Ag)/W(Si) > 4 is the critical condition which the Ω phase can the 

main precipitates in Al-Cu-Mg-Ag-Si alloys.  Furthermore, the 

correlation between precipitate types and heat resistance was 

summarized, showing that Al-Cu-Mg-Ag-(Si) alloys with  Ω phase 

as the main strengthening phase are more suitable for the preparation 
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of structures with short service time but high temperature, while Al-

Cu-Mg-Ag-(Si) alloys with low Mg content and multiple segregation 

structures are more suitable for structures requiring long-term service 

at medium to high temperatures. 

This study, for the first time, combines calculation of phase 

diagram with multi-scale microstructure characterization, 

systematically unraveling the effects of element content on 

precipitation behavior, strength, and heat resistance of Al-Cu-Mg-

Ag-(Si) alloys. In addition, a concept of constructing a multiple 

interface segregation structure at the precipitate/matrix interface was 

proposed to synergistically improve alloy strength and heat 

resistance. This work provides theoretical guidance for optimizing 

the composition and processing of Al-Cu-Mg-Ag-(Si) alloy and 

regulating the microstructure. Furthermore, it also offers new ideas 

and theoretical guidance for the development of novel high-strength 

heat-resistant alloys in other systems. 

 

 

Keywords: Al-Cu-Mg-Ag-Si; heat resistance; segregation structure; 

χ-AgMg interface phase 
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Chapter 1. Introduction 

1.1 Foreword 

Aluminum alloys have high specific strength, excellent conductivity, 

thermal conductivity, and corrosion resistance, as well as outstanding 

formability. They have been widely used as lightweight materials in the 

transportation industry, including high-speed trains, and automobiles, 

improving their carrying capacity, and speed1. According to whether they 

be strengthened by ageing heat treatment, aluminum alloys can be divided 

into non- age-hardenable aluminum alloys and age-hardenable aluminum 

alloys. The strengthening phase in non- age-hardenable aluminum alloys 

mainly consists of micron to submicron scale second phases added during 

casting or formed in situ during solidification, such as the AlFeSi eutectic 

phase and TiB2 particles shown in Fig. 1-1. As for the age-hardenable 

aluminum alloys, the main strengthening phase is rod-like, plate-like, and 

other nanoscale precipitate formed during heat treatment. High-density 

nanoscale precipitates can effectively hinder the motion of dislocations, 

significantly improving the room temperature mechanical properties of 

aluminum alloys. Therefore, age-hardenable aluminum alloys have been 

widely used in weight-sensitive industries such as aerospace and 

automotive transportation due to their excellent comprehensive 

mechanical properties and broad tunability of performance. 

To better meet the demand for high-performance aluminum alloys in 

high-end sectors fields such as aerospace, the aluminum alloys must 

develop in the direction of high specific strength, heat resistance, and 

corrosion resistance. As for the heat-resistant aluminum alloys, the rapid 

increase in the speed of next-generation aerospace has led to the service 
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temperatures of aircraft skin and structural components near the engine 

exceeding 150 °C. However, heat-resistant aluminum alloys that are 

currently in common use such as 2618 and 2D70 have long-term 

application temperatures below 150 °C2. Therefore, the development of 

new high-strength heat-resistant aluminum alloys is of great significance 

for the sustainable and high-quality development of industries such as 

aerospace. 

 

Figure 1-1 (a-c) The size change of second phase in Al-Fe-Si cast alloy after 

thermally exposed at 520 ℃ for different time3. (d) Low magnification image of 

Al/TiB2 metal matrix composite4. (e-f) The images of misfit dislocations at the 

Al/TiB2 interface in the Al/TiB2 metal matrix composite 4 

1.2 Design strategy for heat-resistant aluminum 

alloys 

Ceramic particles, eutectic phases, and nanoscale precipitates with 

high thermal stability are widely used as strengthening phases in the heat 

resistance aluminum alloys. Fig. 1-1 illustrates the structures of eutectic 
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phases in Al-Fe-based alloys and TiB2 ceramic particles in aluminum-

based composites. Fig. 1-1a-c demonstrated that the Al-Fe-based eutectic 

phase exhibited high thermal stability, with no significant change in phase 

size after thermal exposure at 520 °C for 8 hours. However, the relatively 

large size of ceramic particles and eutectic phases leads to the low strength 

of the aluminum alloys, resulting in limitations in strength improvement. 

Therefore, to achieve a synergistic improvement in the strength and heat 

resistance of aluminum alloys, the premise is to ensure that they have 

sufficiently high room temperature strength. 

Age-hardenable aluminum alloys can effectively achieve the goal of 

lightweight and high strength at room temperature due to the high-density 

nano-scale precipitates. However, the strength of age-hardenable 

aluminum alloys decreases significantly when they are exposed to 

temperatures in the medium to high range5. This is mainly because nano-

scale precipitates tend to coarsen rapidly at high temperatures, resulting in 

a significant decrease in the number density and volume fraction of 

precipitate, thus unable to effectively hinder the movement of dislocation, 

thereby shortening the service life of age-hardenable aluminum alloys. 

Therefore, improving the thermal stability of nano-scale precipitates under 

high-temperature is crucial for achieving a synergistic enhancement of 

strength and heat resistance in aluminum alloys. 

Segregation structure at the precipitate/matrix interface can stabilize 

the precipitate interface during high-temperature service of age-hardenable 

aluminum alloys, thereby enhancing the thermal stability of the 

precipitates. Researchers have attempted to construct different segregation 

structures at θ′/Al interfaces to improve the stability of θ′-Al2Cu phases by 

adding different microalloying elements. Fig. 1-2 shows the atom probe 

tomography (APT) characterization results of Mn/Zr elements segregated 
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at the θ′/Al interface. APT results indicated that during long time thermal 

exposure, Mn and Zr elements segregated at the θ′/Al interface, thereby 

inhibiting the coarsening of θ′-Al2Cu and significantly improving the 

alloy's heat resistance6.  

      

Figure 1-2 The APT results of Al-Cu-Mn-Zr alloy after thermal exposure at 

300 ℃ for 5000 h6. (a) Low magnification APT result. (b) Concentration 

distribution maps for Cu, Mn, and Zr. (c) Schematic distribution map for Mn in the 

θ′-Al2Cu 

In addition, when Mg/Ag elements are simultaneously added to Al-

Cu-based alloys, the main strengthening precipitates will transform from 

θ′-Al2Cu to Ω phase with a AgMg segregation layer at the Ω/Al interface7, 

8. The regular AgMg segregation layer at the Ω/Al interface can effectively 

suppress the coarsening of Ω phase during thermal exposure, thereby 

improving the thermal stability of Ω phase. However, when the service 

temperature of the Al-Cu-Mg-Ag alloys exceeds 200 °C, the presence of 

ledge at the Ω/Al interface accelerates its coarsening rate, leading to a rapid 
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decrease in the strength of the alloys9. Therefore, further research is needed 

to investigate whether the heat resistance of Al-Cu-Mg-Ag alloys can be 

further enhanced through the control of heat treatment processes and the 

addition of microalloying elements. 

1.3 Strengthen mechanisms of Al-Cu-Mg-Ag alloy 

The main strengthening mechanisms of aluminum alloys include 

solid solution strengthening, grain boundary strengthening, deformation 

strengthening, dispersion strengthening, and precipitation strengthening. 

Solid solution strengthening10 is carried out by adding solid solution 

elements that lead to lattice distortion in the matrix, hindering dislocation 

motion and increasing the strength of the alloy. Grain boundary 

strengthening, also known as fine grain strengthening, involves refining 

the aluminum alloy grains through processes such as rolling, extrusion, or 

by adding alloying elements. According to the Hall-Petch relationship11, 

when grain size is in the micro and sub-micro scale, smaller grain size and 

higher grain boundary density result in stronger hindrance to dislocation 

movement. However, when the grain size reaches the nano scale, further 

reduction in grain size may lead to alloy softening12. Deformation 

strengthening is achieved by deformation, introducing dislocations into the 

alloy and increasing the density of grain boundaries, thereby enhancing the 

alloy's strength13. Precipitation strengthening14, similar to dispersion 

strengthening, involves dispersing strengthening phases throughout the 

matrix to impede dislocation movement. The solute elements such as Cu 

and Mg will dissolve into the Al matrix during high-temperature solution 

heat treatment, while they gradually precipitate as nano scale 

strengthening phases with regular crystal structures during the low-

temperature artificial aging treatment, and using these uniformly 
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distributed nano scale precipitates as the main strengthening phase is the 

precipitation strengthening mechanism. As for dispersion strengthening, 

the strengthening phases mainly consist of micron and submicron scale 

dispersods formed during casting and homogenization processes. However, 

due to the large size of dispersods, their contribution to improving the 

strength of the alloy is not significant15, 16. 

Al-Cu-Mg-Ag alloy, as an age-hardenable aluminum alloy, undergoes 

solution heat treatment followed by aging heat treatment, during which 

solute elements are fully precipitated from the supersaturated solid 

solution, resulting in a reduced content of supersaturated solute elements 

in the matrix and thus less solid solution strengthening effects. That is, the 

main strengthening mechanism of Al-Cu-Mg-Ag alloy is precipitation 

strengthening, where the size, number density, and volume fraction of 

precipitates after artificial aging significantly influence the strength and 

heat resistance of Al-Cu-Mg-Ag alloys. In addition, there are multiple 

solute elements in Al-Cu-Mg-Ag-(Si) alloys, different precipitates may 

compete after artificial aging, resulting in complex alloy precipitation 

behavior. Moreover, different precipitates may have different effect on the 

strength and heat resistance of the alloys. Therefore, an in-depth analysis 

of the effects of heat treatment processes and the addition of elements on 

alloy precipitation behavior is important for process adjustments and 

composition optimization in industrial production. 

1.4 Precipitation behavior of Al-Cu-Mg-Ag alloy 

Age-hardenable Al-Cu-Mg alloys are widely used in transportation 

and other fields due to their excellent specific strength, good toughness, 

fatigue strength, and heat resistance17. Studies have shown18-21 that the 

precipitation sequence in Al-Cu-Mg alloys is correlated with the content 
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and ratio of Cu/Mg elements, but the main precipitation sequence includes: 

supersaturated solid solution → GP zone/θ″/GPB zone/S″ → θ′-Al2Cu/S′-

Al2CuMg → θ-Al2Cu/S-Al2CuMg. The high-angle annular dark-field 

scanning transmission electron microscope (HAADF-STEM) images 

shown in Fig. 1-3a and c displays the atomic resolution structure of GP 

zones and GPB zones along the [001]Al zone axis, which are the precursors 

to θ′-Al2Cu and S-Al2CuMg, respectively. θ′-Al2Cu and S-Al2CuMg 

phases are the main strengthening precipitates in the Al-Cu-Mg alloys, and 

they exhibit good thermal stability and strengthening effects when the 

service temperatures are below 150 °C and 200 °C. However, when the 

operating temperature exceeds 150 °C and 200 °C, θ′-Al2Cu and S-

Al2CuMg phases rapidly coarsen, leading to a rapid decrease in the 

mechanical properties of Al-Cu-Mg alloys22, 23. 

      

Figure 1-3 Atomic resolution HAADF-STEM images of (a) GP zones24, (b) θ′-

Al2Cu25, (c) GPB zones26 and (d) S-Al2CuMg27 phases in Al-Cu-Mg alloys 
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To further improve the heat resistance of Al-Cu-Mg alloys, 

researchers attempted to promote the formation of Ω phases with regular 

AgMg segregation layers by adding small amounts of Ag to Al-Cu-Mg 

alloys with high Cu/Mg ratios28-33. As shown in Fig. 1-4, the APT results 

showed that the Mg-Ag co clusters formed during early-stage aging were 

the precursors to the Ω phase34-38, which could gradually transform into Ω 

phases with prolonged aging time39-41. According to the atomic resolution 

HAADF-STEM images and energy-dispersive X-ray spectroscopy (EDX) 

of the Ω phase shown in Fig. 1-5, the habit plane of the Ω phase is the 

{111}Al plane, which is a slip plane of the aluminum matrix. Therefore, the 

presence of Ω phases on this plane effectively impedes dislocation 

movement, thereby enhancing the strength of Al-Cu-Mg-Ag alloys42-45. 

      

Figure 1-4 The APT results of Al-Cu-Mg-Ag alloy aged at 180 ℃ for (a) 15 s and 

(b) 36000 s 35. The blue and green atoms represent Mg element, while the yellow 

atoms represent Ag element 

The structure of the Ω phase had been extensively analyzed using 

techniques such as X-Ray Diffraction (XRD) and High-Resolution 

Transmission Electron Microscopy (HRTEM)46. Auld47 constructed the 

structure of the Ω phase as monoclinic (a = b = 0.496 nm, c = 0.848 nm, γ 

= 120°) by XRD. In addition, the research of Auld47 indicated that after 

prolonged aging at 200 ℃, the Ω phase would be replaced by the 
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equilibrium phase θ-Al2Cu, suggesting that the Ω phase serves as a 

precursor to the equilibrium phase θ-Al2Cu. Therefore, the precipitation 

sequence in Al-Cu-Mg-Ag alloys is: supersaturated solid solution → 

AgMg atomic clusters → Ω phase → θ-Al2Cu. Knowles et al.48 checked 

the monoclinic structure constructed by Auld using HRTEM and showed 

that the monoclinic structure should actually be orthorhombic (space group 

Fmmm, a = 0.496 nm, b = 0.859 nm, c = 0.848 nm). The optimized 

orthorhombic structure is the currently widely accepted Ω phase structure49, 

50, and the orientation relationship of it with the aluminum matrix is 

confirmed to the [010]Ω // [101]Al and (001)Ω // (111)Al.  

      

Figure 1-5 (a) Original and filtered HAADF-STEM images of the Ω phase51. (b) 

Region selected for energy-dispersive X-ray spectroscopy (EDX) spectrum 

acquisition51. (c-f) EDX mapping results for Al, Cu, Mg, and Ag51. (g) Line 

distribution of Mg element in the EDX acquisition region51. (h) 3D atomic structure 

of the Ω phase52 

However, Garg et al. 53 reported that the symmetry of the Ω phase was 

tetragonal based on Convergent Beam Electron Diffraction (CBED), 
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which differed from the structure proposed by Knowles et al.48, but they 

did not deeply investigate the reasons behind this discrepancy. Recently, 

Yang et al.54 reported that the orthorhombic structure proposed by Knowles 

et al.48 is a variant of the tetragonal structure of θ-Al2Cu (space group 

I4/mcm, a = 0.607 nm, c = 0.487 nm) based on the results of Density 

Functional Theory (DFT) calculations. When the tetragonal θ-Al2Cu 

structure is embedded as a thin plate in the aluminum matrix, the elastic 

strain exerted by the surrounding aluminum matrix causes it to transition 

from tetragonal symmetry to orthorhombic symmetry, resulting in an 

orthorhombic structure. 

AgMg co-clusters formed at the early stages of aging will gradually 

segregate at the Ω/Al coherent interface, forming a regular structure known 

as the AgMg segregation layer55. Fig. 1-5 shows an HAADF-STEM image 

of the AgMg segregation structure along with the corresponding EDX 

spectrum, where the positions of Ag and Mg elements overlap at the 

interface, with Mg elements located closer to the inner θ-Al2Cu core. 

Combining DFT calculations with HAADF-STEM image, Kang et al.52, 56 

constructed a complete Ω phase model as shown in Fig. 1-5h. In this model, 

the AgMg segregation layer between the θ-Al2Cu core and the aluminum 

matrix is a bilayer structure, with the outermost layer adjacent to the 

aluminum matrix composed of hexagonal-packed Ag atoms, while the 

inner layer adjacent to the θ-Al2Cu core is composed of Cu and Mg atoms. 

DFT results further confirmed that the AgMg bilayer segregation structure 

could stabilize the interface structure and promote the precipitation of the 

Ω phase on the {111}Al plane. In addition, the AgMg segregation layer 

effectively inhibits the coarsening of the Ω phase, enhancing its thermal 

stability and thereby improving the heat resistance of Al-Cu-Mg-Ag alloys.  
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1.5 Effect of heat treatment processes on the 

mechanical properties of Al-Cu-Mg-Ag Alloy 

Al-Cu-Mg-(Ag) alloy is an age-hardenable aluminum alloy57, and the 

number density and volume fraction of precipitates after artificial aging 

heat treatment significantly affect the comprehensive mechanical 

properties of the alloy. Common heat treatment processes for age-

hardenable aluminum alloys include homogenization, solution heat 

treatment, and artificial aging heat treatment58-62. Solid solution heat 

treatment is achieved by raising the temperature to dissolve the unstable 

micro-scale second phases formed during the casting into the matrix. 

Subsequent rapid quenching process preserves the solute atoms in the 

aluminum matrix, creating a supersaturated solid solution to facilitate 

subsequent precipitation63. To ensure sufficient dissolution of micro and 

sub-micron second phases, the temperature of solution heat treatment 

generally needs to be higher than the solubility curve of the second phase 

but lower than the eutectic temperature of the alloy. Therefore, the solution 

heat treatment temperature for 2XXX aluminum alloys is typically 

between 500 to 550 ℃. After quenching, the alloys are subjected to 

artificial aging at 160~200 ℃ to obtain high-density precipitates, ensuring 

rapid improvement in the mechanical properties of the alloy. 

The flow of the heat treatment process significantly affects the 

precipitation driving force, thereby influencing the number density of 

precipitates in the alloy64-69. Zhao et al.70 introduced pre-annealing 

between cold rolling and solution heat treatment, refining the size of Ω 

phase and then significantly increasing the number density of Ω phase 

under peak aging state, thus improving the room temperature mechanical 

properties of the alloy. Sadeghi et al.71 introduced pre-rolling before 

artificial aging of Al-Cu-Mg alloy, increasing the heterogeneous 



 

12 

 

nucleation sites for the precipitates in the alloy, and significantly 

improving the yield strength of the alloy. In addition, the heating curves 

during artificial aging also affect the precipitation behavior of Al-Cu-Mg-

Ag alloy. Tang et al.72 studied the effect of non-isothermal heat treatment 

and isothermal heat treatment on the mechanical properties of Al-Cu-Mg-

Ag alloy. The research showed that non-isothermal heat treatment could 

promote nucleation of Ω phase, thereby improving the number density of 

Ω phase and enhancing the strength of the alloy. However, non-isothermal 

heat treatment would result in widening of precipitate free zones (PFZ) at 

grain boundaries, reducing the elongation of the alloy. Wang et al.73 also 

demonstrated that compared to isothermal heat treatment at 160 ℃, 

heating from 100 ℃ to 250 ℃ at a rate of 40 ℃/h can significantly refine 

the size of Ω phase and improve the mechanical properties of the alloy. 

However, the size of Ω phase will increase when the heating rate is 60 ℃/h, 

thereby decreasing the strength of the Al-Cu-Mg-Ag alloy. 

When the heat treatment process is consistent, the temperature of 

aging heat treatment also affects the strength and heat resistance of Al-Cu-

Mg(-Ag) alloy74. Alexopoulos et al.75 studied the effect of aging 

temperatures on the yield strength of Al-Cu-Mg alloy, and the result 

showed that the yield strength of the alloy decreased by 6 MPa as the 

artificial aging temperature increased by 10 ℃ within the range of 170 ℃ 

and 210 ℃, indicating that excessively high heat treatment temperatures 

lead to coarsening of precipitates and reduced yield strength of the alloy. 

Moreover, Teleshov et al.76 also demonstrated that increasing the aging 

temperature results in coarsening of Ω phase in Al-Cu-Mg-Ag alloys, 

decreasing the number density of c and, thus, reducing the mechanical 

properties of the alloy at room temperature. Therefore, it is necessary to 

select the appropriate artificial aging temperature to obtain the optimum 
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mechanical properties of the alloy. 

When the heat treatment process and temperature are consistent, the 

extent of heat treatment, namely under-aging, peak-aging, and over-aging, 

also affects the properties of Al-Cu-Mg-Ag alloy. Liu et al.57 demonstrated 

that the corrosion resistance of Al-Cu-Mg-Ag alloy gradually decreases 

with increasing aging time, primarily due to widening of PFZ at grain 

boundaries caused by prolonged heat treatment, leading to a significant 

decrease in corrosion resistance. The extent of heat treatment not only 

affects the corrosion resistance but also influences the heat resistance of 

the alloy. Lumley et al.42, 77 studied the effect of under-aging and peak 

aging states on the creep properties of Al-Cu-Mg-(Ag) alloy aged at 185 ℃. 

When Al-Cu-Mg-Ag alloy was subjected to creep testing at 130 ℃ and 

150 ℃, under aged alloy exhibited a lower creep rate compared to the peak 

aged alloy. In addition, the creep performance of under-aged 2024 

aluminum alloy was also higher than that of the peak-aged state. 

Furthermore, Liu et al.78 investigated the effect of aging state on the creep 

properties and long-term high-temperature service performance of Al-Cu-

Mg-Ag alloy. As shown in Fig. 1-6, the yield strength of the peak-aged 

alloy decreased with increasing exposure time, while that of the under-

aged alloy initially increased and then decreased. That is, the final yield 

strength of the under-aged alloy is significantly higher than that of the 

peak-aged alloy after thermal exposure for 100 h. This phenomenon is 

mainly attributed to the presence of many supersaturated solute atoms in 

the under-aged alloy, which can promote nucleation and growth of Ω phase, 

increasing the number density and volume fraction of Ω phase in the alloy. 

Then, when the supersaturated solute atoms in the alloy are depleted, the 

Ω phase enters the coarsening stage, causing the dissolution of smaller Ω 

phase and the growth of larger Ω phase, thereby reducing the number 
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density of Ω phase. However, current studies on the effect of extent of heat 

treatment have used single Al-Cu-Mg-Ag alloys and have not investigated 

whether it can be applied to Al-Cu-Mg-Ag alloys with different solute 

element contents. Furthermore, whether the over-aging state similarly 

affect the heat resistance of the alloy as the under-aging state requires 

further research. 

      

Figure 1-6 Tensile properties of (a) under aged and (b) peak aged Al–Cu–Mg–Ag 

alloy thermally exposed at 150 °C for different time78 

1.6 Effect of microalloying element on the 

microstructure and mechanical properties of Al-Cu-

Mg-Ag Alloy 

1.6.1 Effect of Mg and Ag 

Adding a small amount of Ag element in Al-Cu-Mg alloys with high 

Cu/Mg ratio can promote the precipitation of Ω phase with AgMg 

segregation layer, thereby increasing the strength and heat resistance of the 

alloy79. Yang et al.54 demonstrated that the AgMg segregation layer could 

reduce the interfacial energy between the Ω phase, and the aluminum 

matrix based on the DFT results, thereby promoting the precipitation of 

the Ω phase. Therefore, the content of Ag and Mg elements will affect the 

number density and volume fraction of Ω phase, thus influencing the 
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alloy's performance. Bai et al.80 investigated the effect of Ag contents on 

the strength and heat resistance of Al-Cu-Mg-Ag alloys. As shown in Fig. 

1-7, the rate of decrease in strength during thermal exposure was 

significantly reduced in Al-Cu-Mg-Ag alloys with high Ag content. 

Therefore, increasing the Ag content can not only improve the room 

temperature mechanical properties of the alloy but also enhance its heat 

resistance during long-term thermal exposure. The studies by Bai et al.81 

show that increasing the Ag content can effectively improve the high-

temperature mechanical properties and high-temperature creep resistance 

of the alloy. When the content of Ag is increased to 1 wt.%, the tensile 

strength of the alloy at 300 ℃ can exceed 200 MPa.  

      

Figure 1-7 (a) tensile strength, (b) yield strength and (c) elongation of the peak-aged 

alloys with different Ag content after exposure at 150 °C for various times31 

Furthermore, Bai et al.82 used APT to analyze the reasons for 

increasing the strength of the alloy by increasing the Ag content. APT 

results show that increasing the Ag content can increase the AgMg clusters 

while inhibiting the formation of GP zones and CuMg atomic clusters in 

the alloy after artificial aging at 180 ℃ for 10 min. AgMg clusters serve 

as precursors for the Ω phase, while GP zones and CuMg atomic clusters 

serve as precursors for θ′-Al2Cu and S-Al2CuMg, respectively. Therefore, 

increasing the Ag content can promote the generation of the Ω phase while 

suppressing the formation of θ′-Al2Cu and S-Al2CuMg which will 
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consume Cu, thereby increasing the number density and volume fraction 

of the Ω phase and thus improving the mechanical properties of Al-Cu-

Mg-Ag alloys. 

Mg content also significantly influences the comprehensive 

properties of Al-Cu-Mg-Ag alloys83. As shown in Fig. 1-8, Bai et al.38, 84 

demonstrated that appropriately increasing the Mg content could 

significantly improve the mechanical properties of the alloy. However, 

when Mg content was excess, the mechanical properties decreased again, 

although they remained higher than those of low-Mg content alloys. APT 

and transmission electron microscopy (TEM) results showed that GP zones 

were the main cluster type in the under-aged low-Mg alloys, leading to the 

subsequent generation of θ′-Al2Cu during aging. In contrast, the formation 

of GP zones is significantly suppressed, and AgMg atomic clusters become 

the main cluster type in high-Mg alloys. In addition, TEM bright-field 

images also confirmed that the number density of θ′-Al2Cu in low-Mg 

alloys is significantly higher than in high-Mg alloys. Therefore, increasing 

the Mg content can promote the formation of AgMg atomic clusters in the 

early stages of aging, increase the number of nucleation sites for the Ω 

phase, thereby promoting the generation of the Ω phase during subsequent 

aging, increasing the number density and volume fraction of the Ω phase, 

and improving the mechanical properties of the alloy. 

      

Figure 1-8 (a) tensile strength, (b) yield strength and (c) elongation of the alloys 

with different Ag content aged at 165 °C for various times84 
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1.6.2 Effect of Sc addition 

The addition of Sc and other rare earth elements can improve the 

solidification structure and change aging precipitation sequence of 

aluminum alloys85-89. Adding a small amount of Sc to aluminum alloys can 

significantly optimize the microstructure of the alloy at multiple scales, 

from micro to nano levels90, 91. At the micro scale, primary Al3Sc particles 

act as heterogeneous nucleation sites during solidification, refining the 

grain size. At the nano scale, Sc promotes the precipitation of fine Al3Sc 

phases which are coherent and uniformly distributed within the aluminum 

matrix92. These nanoscale Al3Sc phases effectively hinder dislocation 

movement, thereby enhancing the strength of the aluminum alloy93. In 

addition, due to the low diffusion rate of Sc in the aluminum matrix, the 

thermal stability of Al3Sc particles is significantly improved, leading to 

enhanced heat resistance of the alloy94. Therefore, Sc is an important 

microalloying element in the development of heat-resistant aluminum 

alloys. 

In the Al-Cu alloy system, the nanoscale Al3Sc particles not only 

serve as strengthening phases to improve the alloy's strength and heat 

resistance90, 95 but also act as heterogeneous nucleation sites, thereby 

promoting the precipitation of nanoscale θ′-Al2Cu phases96-98. This leads 

to an increase in the number density of θ′-Al2Cu, consequently enhancing 

the strength of the alloys. Besides enhancing room temperature strength, 

Sc can also enhance the heat resistance of the alloys by segregating at the 

θ′/Al interface, thereby inhibiting the coarsening of θ′-Al2Cu86. Based on 

APT results obtained from Al-Cu-Sc alloys aged at 250 ℃for 3 h, Chen et 

al.97 demonstrated that Sc segregated at the θ′/Al interface significantly 

inhibit the diffusion of solute atoms from the aluminum matrix to the θ′-

Al2Cu phase, thereby improving the thermal stability of the θ′-Al2Cu phase 
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under high-temperature and consequently enhancing the heat resistance of 

the alloy. On this basis, Gao et al.99, 100 proposed a multi-step aging heat 

treatment to increase Sc segregation at θ′/Al interface. As shown in Fig. 1-

9, Step-I, Step-II, Step-III, and Step-IV represent artificial ageing at 250 ℃ 

for 8 h, regression heat treatment at 450 ℃ for 20 min, re-aging at 250 ℃ 

for 6 h, and creep testing at 300 ℃ for 350 h, respectively. 

      

Figure 1-9 Microstructure of the Al-Cu-Sc alloy after each heat-treatment step and 

after creep test99. (a-d) Schematic of the microstructure developed in Step-I, Step-Ⅱ, 

Step-Ⅲ and Step-Ⅳ, respectively. (e-h) TEM images in Step-I, Step-Ⅱ, Step-Ⅲ and 

Step-Ⅳ, respectively. (i), (k) and (l) APT maps of Sc segregation at the Al/θ′ 

interface in Step-I, Step-Ⅲ and Step-Ⅳ, respectively. (g) APT maps of Al3Sc in 

Step-Ⅱ 

After artificial ageing heat treatment, enough θ′-Al2Cu and nanoscale 

Sc-clusters precipitated in the aluminum matrix. Subsequently, during 
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regression heat treatment, the θ′-Al2Cu phases formed during artificial 

ageing completely dissolve, and the Sc clusters gradually transform into 

nanoscale Al3Sc particles, which can act as heterogeneous nucleation sites 

during re-aging heat treatment, promoting the formation of θ′-Al2Cu 

phases. This multi-step aging heat treatment promote the segregation of Sc 

at θ′/Al interface, greatly improving the thermal stability of the θ′-Al2Cu 

phase and thus enhancing the thermal stability of the alloy. 

In Al-Cu-Mg-Ag alloys, Bai et al.101 investigated the influence of Sc 

on the strength and heat resistance of the alloy. As shown in Fig. 1-10, the 

addition of Sc reduces the microhardness of Al-Cu-Mg-Ag alloys after 

artificial ageing. EDX results in Fig. 1-10b indicate that the addition of Sc 

promotes the formation of Al8Cu4Sc intermetallic in the alloy during 

casting and homogenization processes, consuming Cu solute atoms used 

for the precipitation of Ω phase. Therefore, excessive addition of Sc leads 

to the consumption of solute atoms in the alloy, reducing the number 

density and volume fraction of the Ω phase, and thus decreasing the room 

temperature mechanical properties of the alloy. 

      

Figure 1-10 (a) Microhardness of Al-Cu-Mg-Ag(-Sc) alloys101. (b) Microstructure 

and EDX maps of the Al-Cu-Mg-Ag-Sc alloy after homogenization heat 

treatment101 
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Xue et al.102 investigated the influence of excessive Sc addition on the 

precipitation behavior and mechanical properties of Al-Cu-Mg-Ag alloys 

under ultra-high temperature. After adding 0.3 wt.% Sc to the Al-Cu-Mg-

Ag alloy, its yield strength exceeded 100 MPa at 400 ℃, significantly 

higher than other high-strength aluminum alloy systems. The results in Fig. 

1-11 show that the addition of Sc promotes the transformation of the Ω 

phase into a more heat-resistant nanoscale V-AlCuSc phase at 400 ℃, 

which can stably exist at this temperature and significantly improve the 

high-temperature mechanical properties of the Al-Cu-Mg-Ag-Sc alloy.  

 

Figure 1-11. (a-c) HAADF images and corresponding APT images with different 

stages of the Ω-to-V transformation in the Al–Cu–Mg–Ag–Sc alloy exposed to 

400 °C for 10 min, 30 min and 4 h, respectively. (d) HAADF image with multiple V 

phases simultaneously formed within a large Ω nanoprecipitate102. (e) TEM image 

of Al-Cu-Mg-Ag-Sc alloy during phase transformation102 

Atomic-resolution HAADF-STEM and APT results shown in Fig. 1-

11a-c indicate that the diffusion of Sc in the Ω phase promotes the 

formation of the V-AlCuSc phase. When the alloy was thermally exposed 

at 400 ℃ for 30 min, Sc diffused into the Ω phase and initiated the 

formation of the V phase internally, which grew gradually with prolonged 

exposure time. As shown in Fig. 1-11e, the portion of the Ω phase that had 
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not transformed into the V phase gradually dissolved due to low thermal 

stability at high temperature, resulting in point-like splitting within the Ω 

phase. It is worth noting that neither of the two strategies for adding Sc has 

resulted in the formation of a Sc segregation layer at the Ω/Al interface. 

Therefore, whether a multiple segregation structure containing both Sc and 

AgMg segregation layer can be obtained in Al-Cu-Mg-Ag alloys remains 

to be further investigated. 

1.6.3 Effect of Si addition 

Silicon is the primary alloying element in Al-Si and Al-Mg-Si 

systems, which is used to form Si particles or β″ and other nano scale 

precipitates to improve the strength of the alloy103-106. In Al-Cu based 

alloys, Si acts as a heterogeneous nucleation site, promoting the 

precipitation of θ′-Al2Cu and refining its size, thereby improving alloy 

strength107-111. Mitlin et al.107, 108 reported that the Si particles preferentially 

formed during artificial ageing would serve as heterogeneous nucleation 

sites for θ′-Al2Cu in the alloy with higher Si content, thus enhancing the 

mechanical properties of the alloy after artificial ageing. As shown in Fig. 

1-12a-b, Liu et al.112 investigated the effect of Si on the precipitation 

sequence and mechanical properties of Al-Cu-Mg alloys with high Cu/Mg 

ratios. The results show that Si promotes the early-stage precipitation of 

Q″/L/C-AlMgSiCu phases in Si-containing alloys, where the preferentially 

precipitated Q″ phase further acts as a heterogeneous nucleation site, 

promoting the precipitation of θ′-Al2Cu. In addition, the presence of the Q″ 

phase inhibits the thickening of θ′-Al2Cu. In the peak-aged state, the width 

of most θ′-Al2Cu in Si-containing alloys is 2Cθ′, which is much smaller 

than the thickness of θ′-Al2Cu in Al-Cu-Mg alloys without Si addition. 

Gazizov et al.113 investigated the precipitation behavior of Al-Cu-Mg-Si 
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alloys using HAADF-STEM. As shown in Fig. 1-12c, TEM 

characterization results indicate that the addition of Si not only promotes 

the formation of Q″/L precipitates at the θ′/Al semi-coherent interface but 

also precipitates the C-AlMgSiCu interfacial phase at the θ′/Al coherent 

interface, effectively inhibiting the coarsening of θ′-Al2Cu and enhancing 

the heat resistance of Al-Cu-Mg-Si alloys. 

      

Figure 1-12 Atomic resolution HAADF-STEM images of Q″ phase112 and C-

AlMgSiCu interface phase at θ′/Al interface113 in the (a) under aged and (b-c) peak 

aged Al-Cu-Mg-Si alloy 

In addition to serving as heterogeneous nucleation sites to promote 

the precipitation of θ′-Al2Cu, Si can also segregate at the θ′/Al interface, 

hindering the coarsening of the θ′-Al2Cu phase and improving the heat 

resistance of the alloy114-117. According to the APT results, Biswas et al.114 

demonstrated that Si could segregate at the θ′/Al interface in high-Si 
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content alloys (Al - 7.38Si - 1.54Cu - 0.17Fe - 0.35Mg). The Si segregation 

at the θ′/Al interface is non-localized, with the concentration gradually 

decreasing from the interface to the interior of the θ′-Al2Cu phase. That is, 

in addition to segregating at the θ′/Al interface, Si is also slightly enriched 

within the θ′-Al2Cu phase. Further combined with DFT calculation results, 

it was found that Si tended to replace Cu atomic sites at the θ′/Al coherent 

interface, theoretically verifying the experimental results of Si segregation 

at the θ′/Al coherent interface and within the θ′-Al2Cu phase. As shown in 

Fig. 1-13, Gao et al.115 also found that the Si, Sc, and Fe could 

synergistically segregate at the θ′/Al interface using APT in the Al-Cu 

alloys with low Si and high Cu content. 

      

Figure 1-13 APT results of θ′-Al2Cu/matrix interface with multiple segregation in 

Al–Cu–Sc–Fe–Si alloy after crept at 300 °C for 450 h115. (a) Iso-surface of Cu. (b) 

Iso-surface of Sc. (c) Iso-surface of Fe. (d) Iso-surface of Si. (e) Distribution of Sc, 

Si and Fe cross the θ′/Al interface 

The APT results shown in Fig. 1-13 indicate that the Al-Cu-Sc-Fe-Si 

alloy exhibited a multiple segregation layer of Si-Sc-Fe at the θ′/Al 

coherent interface after creep testing at 300 ℃. In this multiple segregation 
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structure, Sc and Fe elements tended to segregate at the θ′/Al coherent 

interface, while Si elements segregated both at the θ′/Al coherent interface 

and within the θ′-Al2Cu phase, consistent with the results of Biswas et al.114 

in high-Si alloys. The presence of the Si-Sc-Fe multiple segregation layer 

effectively inhibited the coarsening behavior of the θ′-Al2Cu phase during 

high-temperature creep, ensuring that the alloy could serve for over 1000 

h under creep conditions of 300 ℃ and 30 MPa. 

The addition of Si in the Al-Cu-Mg system can promote the 

precipitation of θ′-Al2Cu by forming heterogeneous nucleation sites, 

thereby improving the mechanical properties of the alloy112. However, 

when Si elements are added to the Al-Cu-Mg-Ag alloys, the precipitation 

sequence in the alloy is altered, with the suppression of the formation of Ω 

phase and the promotion of the precipitation of θ′-Al2Cu, S-Al2CuMg, and 

σ-Al5Cu6Mg2 phases118-122. Abis et al.120 and Gao et al.118 combined 

Differential Scanning Calorimetry (DSC) and TEM characterization to 

analyze the effect of Si addition on the precipitation sequence of Al-Cu-

Mg-Ag alloys, showing that Si promotes the formation of precipitates 

containing MgSi elements in Al-Cu-Mg-Ag alloys, leading to the 

consumption of Mg elements in the supersaturated solid solution and thus 

inhibiting the precipitation of the Ω phase. As shown in Fig. 1-14, Gable 

et al.119 demonstrated that the Mg/Si mass ratio is an important factor 

controlling the precipitation of the Ω phase in Al-Cu-Mg-Ag-Si alloys. 

When the Mg/Si mass ratio is less than 2, the precipitation of the Ω phase 

is completely suppressed, and the main precipitate in the alloy changes 

from the Ω phase to the θ′-Al2Cu phase.  

Gable et al.119 attributed the inhibitory effect of Si on the Ω phase to 

the high binding energy between Si and Mg elements, which prevents the 

formation of Mg-Ag atomic clusters in the alloy, thereby inhibiting the 
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precipitation of the Ω phase, and the excess Cu alloy element generates 

precipitated phases such as θ′-Al2Cu. Therefore, the addition of Si inhibits 

the precipitation of the Ω phase and promotes the formation of the θ′-Al2Cu 

phase in Al-Cu-Mg-Ag-Si alloys. However, the increase in Ag content can 

suppress the formation of the θ′-Al2Cu phase and promote the precipitation 

of the Ω phase. Therefore, when Si and Ag elements are simultaneously 

added to the alloy, their competitive effects on the precipitation of the Ω 

phase need further investigate. Further research is needed to determine 

whether increasing the Ag content can alter the precipitation sequence in 

low Mg/Si mass ratio Al-Cu-Mg-Ag-Si alloys. 

 

Figure 1-14 TEM bright field of Al - 4.0Cu - 0.4Mg - 0.3Ag - xSi alloys after 

artificial aging at 250 °C119. (a-c) Aged 30 min. (d–f) Aged 2 h 
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1.7 Challenges in Al-Cu-Mg-Ag Alloy 

1.7.1 Synergistic enhancement of Alloy strength and heat 

resistance 

As mentioned above, to meet the demand for high-performance 

aluminum alloys in sectors such as aerospace, it is necessary to develop 

aluminum alloy materials with synergistically improved strength and heat 

resistance. Currently, the main research focus for high-strength, heat-

resistant aluminum alloys lie in the Al-Cu-Mg-Ag alloys, where the main 

strengthening phase is the Ω phase with a bi-AgMg segregation layer at 

the Ω/Al interface. When the service environment temperature of the alloy 

is lower than 200 °C, the AgMg segregation layer at the Ω/Al interface can 

effectively inhibit the coarsening of the Ω phase and improve the heat 

resistance of the alloy. However, when the service environment 

temperature is higher than 200 °C, the hindrance of Ω phase coarsening by 

the AgMg interface segregation layer diminishes due to elemental 

redistribution, making the Ω phase susceptible to coarsening during 

thermal exposure9. That is, the Ω phase with a single segregation layer is 

difficult to serve for a long time in an environment above 200 °C. 

Therefore, it is necessary to design heat-resistant aluminum alloy materials 

that can serve for a longer time at higher temperatures. The addition of 

alloying elements such as Si and Sc can induce different types of 

segregation structures in Al-Cu-Mg base alloys, such as Sc segregation 

layers, Si segregation layers, and C-AlMgSiCu interface phases. If these 

different types of segregation structures can be combined with the AgMg 

segregation layer through reasonable composition design, it may be 

possible to design an Al-Cu-Mg-Ag alloy with multiple segregation 

structures, thereby further enhancing the heat resistance of Al-Cu-Mg-Ag 
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alloy and improving its long-term service properties at high temperatures. 

The addition of Si, Sc, and other elements in Al-Cu-Mg-Ag alloys 

complicates the phase equilibrium at homogenization and ageing 

temperatures123. Excessive Sc addition will consume Cu during 

homogenization heat treatment, leading to a decrease in Cu content in the 

supersaturated solid solution and, consequently, a decrease in the alloy's 

room temperature mechanical properties. Therefore, the key to achieving 

a synergistic improvement in strength and heat resistance is to reasonably 

select the content of various alloy elements, ensuring that the added 

elements are utilized to form precipitates or multiple segregation structures. 

Compared to traditional trial-and-error methods, computational 

thermodynamic calculations using the Calculation of Phase Diagrams 

(CALPHAD) approach offer a more efficient and accurate means of 

controlling phase equilibria, thereby avoiding the formation of detrimental 

phases. The CALPHAD method, proposed by Kaufman et al.124 in 1970, 

is based on solution theory, statistical thermodynamics, and computational 

techniques, and it is currently the most widely used and mature material 

genome engineering technology worldwide. Fig. 1-15 illustrates a study 

on the synergistic enhancement of strength and plasticity in Al-Mg-Si-Cu 

alloys by reasonable control of multi-scale microstructures using 

CALPHAD125. The Mg/Si element ratio is reasonably controlled through 

the phase diagram, and the most suitable Mg/Si ratio and content are 

selected in combination with the precipitation driving force of the 

precipitation phase to rapidly promote the precipitation of β″ phase, 

thereby improving the strength of the alloy. In addition, the Mn element 

content is reasonably controlled to avoid the formation of harmful β-

AlFeSi in the alloy, improve the plasticity of the alloy, and ultimately 

achieve a synergistic improvement in the strength and plasticity of the alloy. 
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Therefore, in this study, the CALPHAD method can be used to reasonably 

control the content and ratio of each element in the alloy, inhibit the 

formation of harmful phases, and attempt to promote the precipitation of 

strengthening phases and multiple interface structures, thereby achieving 

synergistic enhancement of alloy strength and heat resistance. 

 

Figure 1-15 (a) Isothermal section of Al-Mg-Si-Fe alloy with fixed iron content of 

0.3 wt.% at 550 ℃; (b) Vertical section of the Al-Mg-Si-Fe alloy125 

1.7.2 Relationship between precipitation behavior and 

alloying elements 

The addition of Si significantly alters the precipitation behavior and 

mechanical properties of Al-Cu-Mg(-Ag) alloys. Barlow et al.109  

investigated the effect of Si on the precipitation behavior of Al-Cu-Mg 

alloys with low Cu/Mg ratio. As shown in Fig. 1-16, the addition of Si 

promotes the precipitation of the σ-Al5Cu6Mg2 phase with excellent 

thermal stability126-128, while inhibiting the formation of the S-Al2CuMg 

phase. As for Al-Cu-Mg-Ag alloys, the results in Fig. 1-14 indicate that the 

addition of Si not only suppresses the precipitation of the Ω phase but also 

promotes the formation of the σ-Al5Cu6Mg2 phase119. Therefore, the 
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precipitation behavior under different alloy compositions is relatively 

complex in Al-Cu-Mg-Ag-Si alloys.  

 

Figure 1-16 TEM images of S and σ-Al5Cu6Mg2 phases in Al-3.62Cu-1.66Mg-0.5Si 

alloy109 

Firstly, the research of Gable et al.119 suggests that increasing Si 

content inhibits the formation of the Ω phase, but increasing Ag content in 

Al-Cu-Mg-Ag alloys promotes Ω phase precipitation. Thus, whether 

increasing Ag content can further promote Ω phase precipitation in low 

Mg/Si ratio Al-Cu-Mg-Ag-Si alloys needs further validation. Secondly, 

Barlow et al.109 found that increasing Mg content in Al-Cu-Mg-Si alloys 

promotes the formation of the σ-Al5Cu6Mg2 phase. As for the Al-Cu-Mg-

Ag-Si alloys, increasing Mg content implies an increase in the Mg/Si ratio, 

which promotes the generation of the Ω phase. Therefore, whether 

increasing Mg content in Al-Cu-Mg-Ag-Si alloys leads to competition 

between the σ-Al5Cu6Mg2 phase and the Ω phase also requires further 
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investigation. Finally, the impact of changes in precipitation behavior 

resulting from the addition of different alloying elements on the room 

temperature mechanical properties and heat resistance of the alloy is also 

unclear and requires further study. Clarifying the relationship between 

various element contents and proportions and the precipitation behavior, 

mechanical properties, and heat resistance of Al-Cu-Mg-Ag-Si alloys will 

deepen the understanding of the influence of different types of precipitates 

on heat resistance. It will also aid in designing alloy compositions based 

on service conditions to construct alloys with different proportions of 

precipitates. 

1.8 Research content and research approach 

Based on the unresolved problems mentioned above, this work maily 

investigates the effects of aging heat treatment and alloy element content 

and ratio on the precipitation behavior and heat resistance of Al-Cu-Mg-

Ag-(Si) alloys, and couples the CALPHAD to achieve the synergistic 

improvement of aluminum alloy strength and heat resistance. In terms of 

mechanical properties, methods such as microhardness testing and tensile 

testing are employed to analyze the effects of aging parameters and alloy 

elements on the room temperature mechanical properties and heat 

resistance of Al-Cu-Mg-Ag-(Si) alloys. Regarding precipitation behavior, 

scanning electron microscopy (SEM), aberration-corrected transmission 

electron microscopy (TEM), APT, and electron probe tomography 

techniques are utilized to analyze the effects of aging processes and alloy 

element content on the types, sizes, number densities, volume fractions, 

and interface segregation structures of precipitates from micrometer to 

atomic scales. In addition, first-principles calculations, and Ab initio 

molecular dynamics (AIMD) methods are employed to analyze the reasons 
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for elemental segregation or structural stability. The overall research 

strategy of this work is illustrated in Fig. 1-17. 

(1) Effect of aging heat treatment process on the heat resistance of Al-

Cu-Mg-Ag alloy. Based on TEM characterization and quantitative results 

from tensile testing, the effects of alloy element content and aging heat 

treatment on the room temperature mechanical properties and heat 

resistance of Al-Cu-Mg-Ag alloys were studied, providing guidance for 

selecting aging parameters for structural parts in medium and high 

temperature service. 

(2) Achieving a synergistic improvement in the strength and heat 

resistance of Al-Cu-Mg-Ag-Si-Sc alloys by adding Si/Sc elements to Al-

Cu-Mg-Ag alloys to construct multiple interface structures at the 

precipitate/matrix interface. Based on CALPHAD, the content and ratio of 

each element in Al-Cu-Mg-Ag-Si-Sc alloy were reasonably controlled, and 

multiple interface structures were constructed at θ′/Al, which effectively 

inhibited the coarsening of θ′-Al2Cu and achieved a synergistic 

improvement in strength and heat resistance. The concept of constructing 

multiple segregation structures including interfacial phases and 

segregation layers at precipitate interfaces was proposed, providing new 

strategies for the design of other heat-resistant materials. 

(3) Effect of Ag on the precipitation behavior of the Ω phase in low 

Mg/Si ratio Al-Cu-Mg-Ag-Si alloys. Based on TEM characterization, the 

promotion effect of Ag on the precipitation of the Ω phase in low Mg/Si 

ratio Al-Cu-Mg-Ag-Si alloys is verified, and the precipitation criteria for 

the Ω phase in Al-Cu-Mg-Ag-Si alloys are updated. 

(4) Effect of Mg/Ag content on the competitive behavior of Ω/σ/θ′ 

phase precipitation and heat resistance of Al-Cu-Mg-Ag-Si alloy. Based on 

TEM characterization and mechanical properties testing, the effects of 
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changes in Mg/Ag content on the precipitation sequence of Ω phase, θ′-

Al2Cu phase, and σ-Al5Cu6Mg2 phase in the alloy are analyzed. In addition, 

the contributions of different precipitate types to the long-term high-

temperature service and instantaneous high-temperature service strength 

of the alloy are summarized, providing theoretical guidance for alloy 

composition design based on service conditions. 

 

Figure 1-17 Schematic diagram of the research methodology in this work 
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Chapter 2. Research methods 

2.1 Sample preparation 

2.1.1 Alloy melting and rolling process 

This work investigates the effects of aging heat treatment processes 

and alloy elements on the heat resistance and precipitation behavior of Al-

Cu-Mg-Ag alloys. The alloy compositions used in each chapter are shown 

in Tab. 2-1.  

Table 2-1 Nominal/determined chemical compositions of the alloys and the 

corresponding chapters (wt.%) 

 Cu Mg Ag Si Sc Al Chapter Label 

1 4/3.91 0.3/0.30 0.4/0.38 \ \ Bal. 

3 

1# 

2 4/3.87 0.3/0.29 0.6/0.57 \ \ Bal. 2# 

3 6/5.95 0.45/0.42 0.6/0.59 \ \ Bal. 3# 

4 4/4.15 0.315/0.3 0.5/0.47 0.21/0.17 0.09/0.10 Bal. 4 \ 

5 4/3.89 0.4/0.40 0.5/0.49 0.2/0.24 \ Bal. 
5 

0.5Ag 

6 4/3.66 0.4/0.38 0.8/0.76 0.2/0.22 \ Bal. 0.8Ag 

7 4/3.95 0.3/0.28 0.5/0.47 0.2/0.20 0.09/0.09 Bal. 

6 

3M5A 

8 4/3.89 0.5/0.49 0.5/0.47 0.2/0.24 0.09/0.09 Bal. 5M5A 

9 4/3.85 0.8/0.80 0.5/0.48 0.2/0.20 0.09/0.09 Bal. 8M5A 

10 4/4.03 0.8/0.78 0.8/0.75 0.2/0.19 0.09/0.09 Bal. 8M8A 

During alloy melting, the following raw materials were used: high-

purity aluminum particles with a purity of 99.999%, high-purity 

magnesium particles with a purity of 99.99%, high-purity silver powder 

with a purity of 99.99%, and intermediate alloys of Al-50Cu, Al-20Si, and 

Al-5Sc with purities higher than 99.9%. Melting was conducted using a 

Chixin CXZG-0.5 vacuum induction melting furnace, with argon gas 

introduced into the furnace chamber as a protective atmosphere to reduce 

element oxidation and impurities. After the raw materials are completely 
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melted and kept for 3~5 min, the molten liquid is cast into a 20 mm × 100 

mm iron mold. The cast rods were subjected to homogenization heat 

treatment at 520-540 ℃ using a Kejing KSL-1200 furnace, followed by 

immediate water quenching. The homogenized rods were then hot- and 

cold-rolled from rods to approximately 1-2 mm-thick sheets. The 

determined chemical compositions were detected by a SPECTRO BLUE 

inductively coupled plasma optical emission spectrometer (ICP-OES). 

2.1.2 Heat treatment process 

After the rolling process, the aluminum alloy sheets were processed 

into different specimens according to different testing requirements. The 

alloy specimens were subjected to solution heat treatment in a Kejing 

KSL-1200 furnace, followed by water quenching after the solution heat 

treatment. Subsequently, the specimens underwent aging heat treatment at 

different parameters. After artificial ageing, some of the specimens were 

subjected to thermal exposure for 100 h to assess the heat resistance of the 

alloy. The solution heat treatment, artificial aging heat treatment, and 

thermal exposure parameters used for the alloys in each chapter are 

presented in Tab. 2-2. 

Table 2-2 The heat treatment parameters of the alloys in the corresponding chapters 

 Solution 

temperature 

Solution 

time 

Ageing 

temperature 

Thermal 

exposure 

temperature 

Chapter 

1 520 ℃ 2 h 200 ℃ 225 ℃ 3 

2 540 ℃ 1 h 175 ℃ 200/210 ℃ 4 

3 530 ℃ 2 h 180 ℃ 210 ℃ 5 

4 520 ℃ 4 h 180 ℃ 210 ℃ 6 
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2.2 SEM characterization 

The Hitach Regulus 8230 cold field emission SEM equipped with an 

EDX probe was employed to analyze the morphology and composition of 

micron-scale constituents in the alloy. The operating voltage was set to 15 

kV, and the working mode was backscattered electron (BSE) mode. In 

addition, the FEI Helios Nanolab G3 UC dual-beam SEM, equipped with 

an electron backscatter diffraction (EBSD) probe, was used to analyze the 

grain size of the alloy. The collected EBSD data were analyzed using the 

OIM software. 

2.3 TEM characterization 

2.3.1 Ex-situ TEM characterization 

After undergoing the corresponding heat treatment processes, TEM 

samples were thinned from both sides to ensure a final thickness of 50-100 

μm. Subsequently, the thin samples were punched into circular pieces with 

a diameter of Ф3 mm using a DERVEE 1700-3A puncher. For TEM 

observation, the observation area needed to reach the nanoscale (30-100 

nm). In this study, the convenient electropolishing method was mainly 

employed to prepare samples for ex situ TEM characterization. For 

specific samples, a combination of electropolishing and ion thinning 

methods was used. The detailed procedures and parameters are as follows: 

(1) Electropolishing method: The electropolishing instrument used in 

this study was the STRUERS Tenupol-5, and the electrolyte was a mixture 

of 30 vol.% nitric acid (HNO3) and 70 vol.% methanol (CH4O). The 

voltage was set to 16 V, the instrument sensitivity was 120, and the 

electrolyte column flow rate was 50. Liquid nitrogen was used to cool the 

electrolyte during the electropolishing process to maintain a temperature 

of around -30 ℃. After the electropolishing process, the samples were 
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immediately removed, washed three times with alcohol, and then placed 

on filter paper to air dry, preventing further corrosion by the electrolyte. 

The prepared samples were stored under vacuum to prevent oxidation. 

(2) Ion thinning method: Ion thinning uses an accelerated ion beam 

(usually Ar ions) to bombard atoms on the surface of the sample to achieve 

sample thinning. This method is highly versatile but less efficient than 

electropolishing method. In this work, samples after thermal exposure 

were first prepared using the electropolishing methods. However, there 

were no well-thinned areas suitable for observing atomic resolution 

interface structures. Therefore, small-angle ion thinning was performed on 

samples prepared using electropolishing. The ion thinning instrument used 

was the Gatan 695. The samples prepared using electropolishing were 

placed in the instrument, and the position of the sample is adjusted to 

ensure that the sample hole prepared by electropolishing is in the center. 

Subsequently, low voltage (2 kV) and small angle (2°) thinning were 

performed for approximately 10 minutes. After thinning, the samples were 

removed and placed in a high-elasticity film box, and vacuum using a 

vacuum pump for storage. 

The transmission electron microscopes used in this work were as 

follows: (1) FEI Tecnai G2 F20, operating at 200 kV, mainly used for 

collecting selected area electron diffraction (SAED) spectra, TEM bright-

field images, CBED, and HRTEM. CBED was used to measure the sample 

thickness in the observed area, bright-field images were used to count the 

size and number of precipitates, and HRTEM was mainly used to measure 

the length and thickness of precipitates. (2) FEI Titan G2 60-300, operating 

at 300 kV and equipped with an objective spherical aberration corrector 

and a super-X high resolution EDX spectrometry system, mainly used for 

collecting HRTEM, HAADF-STEM, and EDX. (3) Thermo Fisher Titan 
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Cubed Themis G2 300, operating at 80 kV and equipped with objective 

and probe spherical aberration correctors and super-X high-resolution 

EDX system, mainly used for collecting atomic resolution HAADF-STEM 

images and EDX spectra of multiple interface structures. The atomic 

resolution HAADF-STEM images collected using this equipment were 

obtained by recording 50 frames of rapid scanning images using the drift-

corrected frame integration (DCFI) technique, which significantly reduces 

the impact of sample drift and increases the signal-to-noise ratio to ensure 

the accuracy of the image information. (4) Thermo Fisher Titan Spectra 

300, operating at 300 kV and equipped with objective and probe spherical 

aberration correctors and super-X high-resolution EDX system, mainly 

used for collecting atomic resolution HAADF-STEM images and EDX 

spectra of alloys after thermal exposure. (5) FEI Tecnai Osiris, operating 

at 200 kV and equipped with a super-X EDX system, mainly used for 

collecting HAADF-STEM images and EDX spectra and conducting 

electron tomography experiments. (6) FEI Titan G2, operating at 300 kV 

and equipped with objective and probe spherical aberration correctors, 

mainly used for acquiring atomic resolution HAADF-STEM images. 

To improve the signal-to-noise ratio of HRTEM images, some 

HRTEM images were filtered using the HRTEM Filter plugin129 in the 

DigitalMicrograph software. The atomic resolution HAADF-STEM 

images collected using the DCFI technique were obtained by overlaying 

images in the Velox software without filtering. For atomic resolution 

HAADF-STEM images collected without the DCFI technique, the outer 

signals were filtered out using the Fourier transform (FFT) function in the 

DigitalMicrograph software to enhance the signal-to-noise ratio. Atomic 

scale image simulations were performed using the QSTEM software130 

based on different interface structure models. Parameters such as 
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experimental voltage and collection angle were set to match the 

experimental conditions. 

The atomic resolution EDX spectra were background-corrected and 

peak-fitted using the Velox software, and the Intensity Profile tool in the 

software was used to obtain the corresponding element line scan data. For 

EDX spectra collected using the FEI Tecnai Osiris and FEI Titan G2, 

quantitative data processing was performed using the ESPRIT software, 

and the EDX mapping data were quantitatively calculated using the Qmap 

function in the software. After quantitative processing, line segments were 

drawn on the EDX mapping data to obtain the element line scan data in the 

corresponding regions. 

2.3.2 In-situ TEM characterization 

To observe the phase transformation of interface phases in real time 

during thermal exposure, in-situ TEM heating experiments were 

conducted using a combination of aberration-corrected TEM and the 

DENS solutions in situ system. The DENS solutions in situ double-tilt 

sample holder131 used for in-situ heating experiments is shown in Fig. 2-

1a-b, and the DENS solutions Wildfire heating chip is illustrated in Fig. 2-

1c-d. The DENS solutions in situ heating double-tilt sample holder allows 

tilting of both α and β angles up to ±25° in the TEM, providing a large 

range of rotation angles and enabling direct integration with the Thermo 

Fisher transmission electron microscope. The Wildfire heating chip 

ensures uniform temperature distribution in the sample observation area 

during heating, thereby guaranteeing the set temperature is reached 

throughout the entire sample. In addition, the in-situ heating chip exhibits 

high stability, preventing any bending or drifting even during rapid 

temperature changes in in-situ experiments. This ensures that real-time 
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observation of phase transformations with atomic resolution can be 

achieved. 

 

Figure 2-1 (a-b) In-situ heating double-tilt holder. (c-d) In-situ heating chip  

For in-situ heating sample preparation, TEM was first used to select 

an electropolishing sample that could reach [001]Al zone axis by a small 

tilt angle, and the position of the observable area of the sample was marked. 

Subsequently, the FEI Helios NanoLab 650 dual-beam SEM was used to 

prepare the in-situ sample using focused ion beam (FIB) techniques. The 

FIB sample preparation process is illustrated in Fig. 2-2. Fig. 2-2a shows 

that the selected area at the edge of the sample prepared by electropolishing, 

and the area is cut by Ga ion beam. Fig. 2-2b shows the extracted region 

using a Pt needle, which was then placed on a DENS solutions in-situ 

heating chip. The final prepared sample is shown in Fig. 2-2c-d. During 

in-situ heating experiments, temperature was controlled by the Impulse 

software. Fig. 2-2e shows a screenshot of the software interface. In the 

Temperature Control section, the Temperature option represents the 

temperature for conducting in-situ heating experiments, while the Ramp 

rate indicates the heating rate. The real-time temperature of the chip can 
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be observed on the right-hand side in the red box, facilitating adjustment 

of the control program based on the real-time temperature. 

 

Figure 2-2 (a-d) The preparation process of in-situ heating sample. (e) The in-situ 

heating control software impulse developed by DENS solutions company 

2.4 Electron tomography characterization 

Electron tomography, a novel technique based on electron 

microscopy and computational algorithms, holds significant potential 

applications, and is widely used for nanoparticle reconstruction132, 

characterization of dislocation density133-135, and more. When combined 

with in situ TEM experiment, it enables real-time observation of phase 

transformation processes in fields such as catalysis and alloy phase 

transitions136, 137.  

In this work, electron tomography characterization was employed to 

analyze the crystallographic orientation relationships of different 

precipitate phases in the 8M5A alloy. As shown in Fig. 2-3, to avoid 

obstruction of the observation area by the slice-shaped samples prepared 

by electropolishing during the rotation process, the sample used in the 

tomography experiment is a needle-shaped sample. The needle-shaped 
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sample was prepared using the FIB method in the FEI Helios NanoLab 

650 dual-beam SEM, and sampling was directly performed at the edge of 

the sample prepared by electropolishing (as indicated by the red box in Fig. 

2-3a), and then the sample was further thinned to a tip diameter of 

approximately 40 nm using the ion beam (as shown in Fig. 2-3b). The 

prepared needle-shaped sample was used for data collection with a single 

tilt sample holder as shown in Fig. 2-4. 

 

Figure 2-3 (a) Low-magnification image of TEM sample prepared by twin-jet 

electro-polishing. (b) The prepared needle-shaped sample used for electron 

tomography testing 

Electron tomography experiment was conducted using the Fischione 

Model 2050 single-tilt rotation sample holder. The needle-shaped sample 

prepared by FIB is placed on the sample stage as shown in Fig. 2-4a, and 

then secured to the retractable sample holder using a clip. Before inserting 

the sample holder into the TEM, to prevent damage to the sample during 

transfer, the sample needs to be retracted into the interior of the sample 

holder by rotating the knob shown in Fig. 2-4a. Once the sample holder is 

inserted into the TEM, the sample is extended using the same knob. Finally, 

the rotation angle is controlled using the microscope software. 
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Figure 2-4 Schematic diagram of Fischione model 2050 tomography specimen 

holder138. (a) Schematic diagram showing the cartridge, the on-axis tomography 

specimen holder and the inclinometer unit. (b) The position of the cartridge in the 

specimen holder during a TEM experiment 

2.5 APT characterization 

APT is a commonly used method in materials science for quantitative 

analysis of the three-dimensional spatial distribution of elements in 

materials. The operating principle of APT is illustrated in Fig. 2-5. Under 

ultra-low temperature (20-70 K) and ultra-high vacuum conditions, a 

nanoscale needle-shaped sample is bombarded with pulsed laser beams. 

Atoms of different elements at the tip of the sample are ejected in the form 

of positive ions, which are further detected by an element detector to 

determine their elemental types and record the spatial positions. By 

bombarding the sample layer by layer, the entire three-dimensional 
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distribution of elements in the sample is obtained, and then the 

reconstruction software is used to reconstruct and analyze the data. 

For metal materials such as aluminum alloys, the most suitable 

method for preparing APT samples is electropolishing139. Firstly, samples 

with dimensions of 0.5 mm × 0.5 mm × 20 mm are cut from the artificially 

aged plate using wire cutting. After cleaning with alcohol, the samples are 

electropolished. During rough polishing, the electrolyte consists of 70 vol.% 

glacial acetic acid and 30 vol.% perchloric acid, with a polishing voltage 

of 20 V. After rough polishing, the rod-shape samples are further polished 

to obtain a fine tip. To obtain samples with a curvature radius suitable for 

testing of less than 100 nm, a fine polishing process is required to produce 

nanoscale needle tips. The electrolyte for fine polishing consists of 95 vol.% 

ethylene glycol dimethyl ether and 5 vol.% perchloric acid, with a voltage 

of 25 V. 

 

Figure 2-5 Operating principle of APT140 

In this work, the composition of precipitates and multiple interface 

segregation structures in under-aged and peak-aged Al-Cu-Mg-Ag-Si-Sc 
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alloys were investigated using the CAMECA LEAP 4000X SI three-

dimensional atom probe. The sample detection temperature was 20 K, with 

a pulse voltage of 50 pJ, a frequency of 200 kHz, and a detection efficiency 

of 0.6%. The collected data were reconstructed and analyzed using IVAS 

3.8.2 software. 

2.6 Mechanical properties testing 

2.6.1 Microhardness 

The microhardness samples are square specimens of approximately 

10 mm × 10 mm. After heat treatment, the samples are polished to ensure 

smooth surfaces for microhardness testing. The SIOMM HV-1000IS 

automatic turret microhardness tester is used for the microhardness tests, 

with a testing load of 100 g and a dwell time of 10 s after loading. To 

reduce measurement errors, ten tests are taken from each sample, and the 

highest and lowest points are excluded before averaging to determine the 

microhardness of the samples. 

2.6.2 room temperature mechanical properties 

An Instron 3369 mechanical testing machine was used to conduct the 

tensile tests at a constant speed of 2 mm/s. The bar geometry and 

dimensions of room temperature tensile sample are shown in Fig. 2-6. 

Each group of samples consists of 3 parallel specimens, and the average 

values of yield strength, ultimate tensile strength, and elongation are taken 

from these 3 parallel specimens. If one of the parallel specimens deviates 

significantly from the other two, the average value of the data from the 

remaining two parallel specimens is used as the experimental value. 



 

45 

 

 

Figure 2-6 The size of tensile specimen tested at room temperature 

2.6.3 High temperature mechanical properties 

High temperature mechanical properties testing is conducted at 210 ℃ 

using an INSTRON 3369 universal testing machine. The bar geometry and 

dimensions of high temperature tensile sample are shown in Fig. 2-7. The 

samples are heated from room temperature to the test temperature, and 

after holding for 10 minutes at the test temperature, tensile testing is 

performed with a constant speed of 2 mm/s. Each group of samples 

consists of 3 parallel specimens, and the average values of yield strength, 

ultimate tensile strength, and elongation are taken from these 3 parallel 

specimens as the experimental values for the respective test samples. 

 

Figure 2-7 The size of tensile specimen tested at high temperature 
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2.7 Computational simulation 

2.7.1 CALPHAD 

In this work, CALPHAD was employed in alloy design to effectively 

control the content and proportion of each element, thereby avoiding the 

formation of harmful phases, and constructing multiple segregation 

structures at the interface between precipitates and the matrix. The 

calculation software used in the alloy design part was Thermo-Calc (TC) 

software, with the multicomponent aluminum alloy database (TCAL)141. 

For detailed calculation procedures, please refer to Chapter 4. In Chapters 

3 and 6, the Pandat calculation software and the multicomponent 

aluminum alloy database were used for equilibrium phase diagram 

calculations of alloys with different compositions. 

2.7.2 First-principles calculations 

All first-principles calculations have been performed within the 

framework of density functional theory (DFT), as implemented in the 

Vienna ab initio Simulation Package (VASP) code142. Projector-

augmented wave (PAW) potentials143 and Perdew-Burke-Ernzerhof (PBE) 

within generalized gradient approximation (GGA)144 were used to treat the 

ion-electron interaction and electron exchange-correlation effects, 

respectively. The cut-off energy was set to be 500 eV for plane-wave 

expansion for wave function. Models containing θ′ and C phases were 

constructed based on the experimental matrix/precipitate orientation 

relationship (0 0 1)θ′//(0 0 1)Al, [1 0 0]θ′//[1 0 0]Al; (010)C//(0 0 1)Al, 

(001)C//(1 0 0)Al
145. The dimensions of each model parallel to the 

interfacial plane (cell vectors a and b) were expanded, resulting in a 2 × 2 

geometry with dimensions |a| = 2aAl and |b| = 2aAl. In this condition, the 

mismatch of θ′ with aluminum matrix is 1.18%, indicating the constructed 



 

47 

 

interface is reliable. The Brillouin zone was sampled with Gamma-center 

scheme using the k-points grid of 17×17×17 for bulk, 3×3×1 and 5×5×1 

for relaxation calculation and total energy calculations, respectively. 

 In addition, the formation energy per atom were calculated used the 

following formula: 

 ( )form t i i
ss

E N E
E ModelX

N

−
 =   (2-1) 

where Et is the total energy of supercell model, Ni (i = Al, Cu, Mg, Ag and 

Si) is the number of each type of atoms in the model, Ei represents the 

energy per atom of pure Al, Cu, Mg, Ag or Si in their standard states, 

respectively. N is the total number of atoms in the model. 

2.7.3 Ab initio molecular dynamics calculations 

Formation energy can only compare the formation tendencies of 

different interface structures and cannot analyze the evolution process of 

interface structures with different interface structure during thermal 

exposure. Molecular dynamics simulations can provide insights into the 

diffusion processes of atoms within interface structures and analyze the 

evolution of interface structures at high temperatures. Due to the presence 

of a wide variety of elemental elements in different interface structures in 

this work, traditional molecular dynamics methods cannot find suitable 

empirical potentials. Therefore, Ab Initio Molecular Dynamics (AIMD) 

were employed to analyze the structural evolution process of different 

interface structures at high temperatures. 

As for the AIMD simulations, the time step was 2.0 fs. The structures 

used for AIMD calculation of AgMg and C interface phases contained 512 

and 464 atoms, respectively. The k-points grid for the AIMD simulations 

was set as 1×1×1 due to the large dimensions of the supercell. The melting 

temperature calculated by AIMD usually differs from the actual melting 
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temperature146, 147. Therefore, the melting temperature of pure Al was 

predicted through AIMD. The AIMD simulations were performed at 

different temperatures using 4×4×4 supercell (the total number of Al atom 

is 256). The results show that the predicted melting temperature of pure Al 

is between 1073 K (800°C) and 1173 K (900°C). Thus, the temperature 

used to simulate the structural evolution of the AgMg and C interface 

phase by AIMD was set as 1073 K, which is close to the actual melting 

temperature of Al. 
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Chapter 3. Effect of ageing temper on 
the heat resistance of Al-Cu-Mg-Ag 

alloy with different compositions 

3.1 Foreword 

The Al-Cu-Mg-Ag alloy is an important heat-resistant aluminum 

alloy material, and its excellent heat resistance mainly originates from the 

Ω phase with AgMg segregation layer148. Artificial ageing heat treatment 

process not only affects the size and distribution of the Ω phase, altering 

the room temperature mechanical properties of the Al-Cu-Mg-Ag alloy, 

but also influences the coarsening rate of the Ω phase, thereby changing 

the heat resistance of the alloy. Liu et al.83 indicated that the under-aged 

Al-Cu-Mg-Ag alloy exhibits superior heat resistance compared to the 

peak-aged alloy due to the secondary precipitation behavior of Ω phase 

during high-temperature thermal exposure. However, there has been no 

investigation on whether over-ageing affects the heat resistance of alloys, 

and whether varying degrees of over-ageing have different effects on the 

heat resistance of alloys. 

In this study, three groups of Al-Cu-Mg-Ag alloys with different 

solute contents were employed to investigate the impact of over-ageing 

heat treatment on alloys with different compositions. The results show that, 

compared with peak ageing, slight over ageing heat treatment improves 

the heat resistance of Al-Cu-Mg-Ag alloys, while server over ageing 

decrease it. Through systematic quantitative characterization, it is 

demonstrated that the relationship between the size of Ω phase after 

artificial aging and the critical size of Ω phase at the thermal exposure 
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temperature ( *

thermalr ) is the key factor determining the varying effects of 

over-aging on heat resistance. 

3.2 Mechanical properties of alloys under different 

ageing conditions 

The mechanical properties of the alloys under different ageing 

conditions are shown in Fig. 3-1. According to the yield strength shown in 

the Fig. 3-1 and the microhardness of 3# alloy shown in the Fig. 3-2, the 

1# and 2# alloy reached peak aging after 2 h of aging at 200°C, while the 

3# alloy reached the peak aging after 0.5 h. As illustrated in Fig. 3-1a, the 

yield strength of 3# alloy in peak-aged state is much higher than that of the 

other alloys, while the peak-aged strength of 2# alloy with 0.6Ag is slightly 

higher than that of 1# alloys with 0.4Ag. After thermally exposed at the 

elevated temperature of 225°C, the trends of yield strength in different 

alloys remain unchanged. Zhou et al.149 and Bai et al.84 reported that 

properly increasing Ag and Mg could promote the precipitation of Ω phase, 

thereby synergistically improving the strength and heat resistance of the 

alloys, which is consistent with the results in this research. In addition, Al-

Cu-Mg-Ag alloy is a typical precipitation-strengthened aluminum alloy. 

The nanoscale strengthening precipitates undergo rapid coarsening during 

high temperature thermal exposure (above 200°C), leading to the decrease 

in the strength of the alloys. The faster the coarsening rate of precipitates, 

the quicker the decrease in both precipitates’ number density and volume 

fraction, resulting in a more pronounced decline in alloy strength. For an 

alloy with low heat resistance, an abrupt decrease in yield strength can be 

observed after thermal exposure. 
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Figure 3-1 Mechanical properties of different alloys under different ageing 

conditions. (a) The yield strength of the alloys aged at 200℃ (for 30, 120 and 300 

min) before and after thermal exposure at 225℃. (b) The typical stress-strain curves 

of the 3# alloy aged at 200℃ before and after thermal exposure. 

 

Figure 3-2 Microhardness of 3# alloy aged at 200 ℃ for different times 

The strength values of the alloys before and after thermal exposure 

demonstrate that ageing condition impacts the heat resistance of the alloys. 

Fig. 3-1a manifests that the yield strength values determined after thermal 

exposure of the under-aged and slightly over-aged alloys are both higher 

than those of the peak-aged alloys. However, Fig. 3-1a-b shows that 
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different extents of over-ageing have different effects on the heat resistance 

of 3# alloy. That is, after thermal exposure, the slightly over-aged alloy has 

higher yield strength than the peak-aged alloy, while seriously over-aged 

state yields lower yield strength compared with the slightly over-aged and 

peak-aged state. Liu et al.78 reported that under-aged heat treatment could 

improve the heat resistance of the alloys compared to peak-aged heat 

treatment due to secondary precipitations of the precipitate when thermally 

exposed at a lower temperature than artificial ageing process. In this work, 

although the thermal exposure temperature is higher than the aging 

temperature, the presence of excess solute in solid solution also ensures 

that the under-aged alloy has better thermal stability (in terms of strength) 

than the peak-aged alloy. 

3.3 Nano scale precipitates of different alloys under 

peak-aged state 

In Fig. 3-3, the precipitates of different alloys in peak-aged state along 

[110]Al zone axis are shown, while Fig. 3-4 displays the atomic resolution 

HAADF-STEM images of the precipitates.  

 

Figure 3-3 HAADF-STEM images of different alloys under peak-aged state. (a) 1# 

alloy aged at 200℃ for 2 h. (b) 2# alloy aged at 200℃ for 2 h. (c) 3# alloy aged at 

200℃ for 0.5 h. 
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According to the growth direction and atomic arrangement of the 

precipitates, there are Ω phase with regular AgMg bi-layer at interfaces 

and θ′-Al2Cu phase in the alloys under peak-aged state. However, the Ω 

phase is dominant, namely the size and distribution of Ω phase 

significantly affect the mechanical property and heat resistance of different 

alloys. 

 

Figure 3-4 Atomic resolution HAADF images of 2# alloy aged at 200℃ for 5 h. 

The diameter and thickness of the main strengthening precipitate Ω 

are statistically shown in Fig. 3-5. The histograms illustrate that increasing 

Ag content can slightly decrease the size of Ω phase, while increasing the 

contents of Cu and Mg can significantly decrease the size of Ω phase, 

thereby increasing the strength of the alloys. To compare the size and 

quantity of Ω phase more quantitatively in different alloys, the number 

density and volume fraction of Ω phase were calculated. As shown in Fig. 

3-6, according to the {111}Al habit plan of Ω phase and [-110]Al zone axis 

of the observed area, only half of the Ω phase precipitated on (111)Al and 

(11-1)Al crystallographic plans, which belong to the {111} crystallographic 

plane family, is cut vertically by the (-110)Al plane. That is, the other half 

of Ω phase precipitated on (-111)Al and (1-11)Al crystallographic planes can 
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only be observed as an irregular disc shape. 

 

Figure 3-5 Size distribution of Ω phase in different alloys under peak-aged state. 

The (a) diameter and (b) thickness distribution of Ω phase.  

The number of Ω phase (marked with N) cut vertically by the (-110)Al 

plane can be counted directly through TEM images, while the other part of 

Ω phase in an irregular shape is difficult to count directly due to weak 

contrast and overlapping. According to the work of Li et al.150 and Nie et 

al.151, by considering the difference between the thickness of the thin foil 

TEM sample (T) and the area of the field of view (Afov), the part of Ω phase 

(marked with N1) difficult to count directly can be determined using the 

following Eq.3-1, and then the number density and volume fraction of Ω 

phase can be calculated using Eq.3-2 and Eq.3-3.  
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where the n and fv are the number density and volume fraction of Ω phase, 
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respectively. N and d represent the number and diameter of Ω phase 

counted in the field of view, respectively, while Afov denotes the area of the 

field of view. t is the thickness of Ω phase counted in the alloy, which can 

be seen in Fig. 3-7d. T is the thickness of the field of view in the TEM 

sample, which is calculated based on the CBED shown in Fig. 3-7a.  

 

Figure 3-6 Schematic diagram of the orientation relationship of Ω phase in the 

matrix. (a) The relationship between habit plan of Ω phase and [-110]Al zone axis of 

the observed area. (b) The simulated diffraction pattern along [-110]Al zone axis. 

The number density, volume fraction and corresponding parameters 

of Ω phase in different alloys under peak-aged state are listed in Tab. 3-1.  

Table 3-1 The number density, volume fraction and corresponding parameters 

of Ω phase in peak-aged state 

 1#  2#  3#  

d (nm) 35.0 ± 22.3 33.4 ± 19.5 19.7 ± 10.2 

t (nm) 1.6 ± 0.7 1.5 ± 0.6 1.0 ± 0.4 

T (nm) 102 ± 3.1 129 ± 3.9 137 ± 4.1 

n (nm-3) 4.6 ± 0.6 × 10-6 5.5 ± 0.5 × 10-6 3.1 ± 0.1 × 10-5 

fv (%) 0.71 ± 0.09 0.72 ± 0.07 0.94 ± 0.05 

The number density and volume fraction of Ω phase slightly increase 

with the increase of Ag content from 0.4% to 0.6%, while a remarkable 
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increase was observed with the increase of Cu and Mg contents. The trend 

is contrary to that for the size, in other words, precipitate refinement 

occurred due to increasing solute contents. 

 

Figure 3-7 (a) The CBED pattern for calculating the foil thickness. (b) The linear fit 

graph of the relationship between
2 2/i ks n and 

21/ kn . (c) HAADF-STEM image for 

calculating the number and diameter of the Ω phase. (d) HRTEM image for 

calculating the thickness of the Ω phase 

The characterization results of mechanical properties and 

microstructure indicate that, compared to simply increasing the Ag 

element content, simultaneously increasing the Cu and Mg elements can 

significantly refine the size of precipitates, enhance the density of Ω phase, 

thereby markedly improving the mechanical properties of the alloy. To 

analyze whether the strengthening effect mainly comes from the Cu 

element or the Mg element, the isothermal section of the Al-xCu-yMg-

0.6Ag alloy at 520 ℃ were calculated using the Pandat software, as shown 
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in Fig. 3-8. When the Cu content is higher than 4.2 wt.%, the excess Cu 

will be consumed in the formation of the equilibrium θ-Al2Cu. Therefore, 

the dissolved Cu content in the aluminum matrix of different alloys may 

be at the same level, namely the differences in the size and number density 

of Ω phase in the different alloys are mainly due to the content of Mg and 

Ag. Bai et al.82, 84 demonstrated that increasing the content of Mg and Ag 

can both elevate the number density of Mg-Ag co-clusters and inhibit the 

formation of GP zones. Therefore, increasing the content of Mg and Ag 

can promotes the precipitation of Ω phase, while inhibiting the formation 

of θ′-Al2Cu phase. In addition, the thermal stability of Ω phase is higher 

than that of θ′-Al2Cu due to the existence of AgMg segregation layer, 

implying that increasing the content of Ag and Mg element could improve 

both the strength and heat resistance of the alloy by promoting the 

precipitation of the Ω phase. 

Comparing 1# and 2# alloys, increasing the content of Ag enhanced 

the number of Mg-Ag clusters, thus increasing the number density of Ω 

phase after artificial ageing. However, the low Mg content restricts the 

formation of Mg-Ag atomic clusters, resulting in the slight enhancements 

in the strength and heat resistance of 2# alloy. As for the 3# alloy, 

simultaneous increments in Mg and Ag content result in a significant 

augmentation of Mg-Ag co-clusters, consequently enhancing the 

nucleation sites of Ω phase, thereby refining the size of Ω phase, and 

significantly improving the strength and heat resistance of the 3# alloy. In 

addition, Liu et al. 83 reported that increasing Mg content could accelerate 

the ageing process and refine the Ω phase at the same time, thereby 

increasing the number density of Ω phase. As depicted in Figs. 3-1 and 3-

5, the ageing process was significantly accelerated, while the size of Ω 

phase was greatly refined in the 3# alloy, in comparison to alloys 1# and 
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2#. A formula to describe the strengthening contribution by 

nanoprecipitates was established by Nie et al. 152:  
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where Δτ represents the increment in critical resolved shear stress (CRSS), 

G is the shear modulus of the aluminum matrix, b is the magnitude of the 

Burgers vector of the slip dislocations and ν is Poisson’s ratio. According 

to this formula, the contribution of the shearable precipitates formed along 

{111} plane to the CRSS was relevant to the size and number density of 

the precipitates. In this study, G, b and ν were set as 25 GPa, 0.286 nm and 

1/3, respectively 151, 152. Based on the number density, diameter, and 

thickness of Ω shown in Tab. 3-1, the Δτ in 1#, 2# and 3# alloys are 41, 43 

and 61 MPa, respectively. Therefore, the yield strength of 3# alloy with 

the highest density of Ω phase is much higher than that of the other alloys 

under peak ageing. 

 

Figure 3-8 Isothermal section of Al-Cu-Mg-0.6Ag alloy at 520°C 
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3.4 Size change of precipitate in the different alloy 

under different ageing condition before and after 

thermal exposure 

Figs. 3-9 and 3-10 are HAADF-STEM and HRTEM images of 3# 

alloy under different heat treatment conditions. The characterization 

results reveal that the main precipitate in the 3# alloy is still Ω phase, 

accompanied by a small amount of the equilibrium phase θ-Al2Cu. The 

main precipitates of 1# and 2# alloys before and after thermal exposure are 

consistent with those of 3# alloy, which are all Ω phase. Therefore, the 

main strengthening phase in the three groups of alloys after thermal 

exposure is still the Ω phase. In order to analyze the effect of the over-

aging state on the size change of the Ω phase, based on the HAADF-STEM 

and HRTEM images of the Ω phase under different heat treatment states, 

the diameter and thickness of the Ω phase of the three groups of alloys in 

the peak aging and over-aging states before and after thermal exposure 

were statistically analyzed, and the diameter and thickness distribution 

results are shown in Figs. 3-11 and 3-12. The statistical results show that 

the larger-sized Ω phase in the over-aged state exhibited a slower 

coarsening rate during thermal exposure, resulting in final sizes smaller 

than those in the peak-aged state in the 1# and 2# alloys. As for the 3# alloy, 

the statistical results manifest that the extent of over ageing also influences 

the final sizes of Ω phase, that is, the size of Ω in slightly over-aged (aged 

at 200℃ for 0.5 h) state is smaller than those in peak-aged (aged at 200℃ 

for 2 h) and seriously over-aged (aged at 200℃ for 5 h) conditions after 

thermal exposure.  
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Figure 3-9 HAADF-STEM images of 3# alloys under different ageing states, taken 

along [110]Al zone axis. 

 

Figure 3-10 HRTEM images of 3# alloys under different ageing states 
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The relationship between the diameter and thickness of Ω and the 

mechanical properties of different alloys under different ageing states is 

shown in Fig. 3-13. The results reveal that the 3# alloy, with higher solute 

element contents, exhibits higher mechanical properties than 1# and 2# 

alloys, even when the sizes of Ω are similar. This is attributed to the higher 

number density of Ω phase facilitated by the elevated solute element 

content, thereby enhancing the alloy's mechanical properties. Additionally, 

the size of precipitates determines the mechanical properties of the alloy 

within the same alloy. Specifically, the smaller the sizes of Ω, the higher 

the number density of Ω, resulting in higher mechanical properties of the 

alloy. 

 

Figure 3-11 Diameter change of Ω phase in the different alloys under different aged 

state before and after thermal exposure. (a-c) The diameter distribution of Ω phase 

in the 1#, 2# and 3# alloys under artificial ageing condition, respectively. (d-e) The 

diameter distribution of Ω phase in the 1#, 2# and 3# alloys after thermal exposure, 

respectively. 
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Figure 3-12 Thickness change of Ω phase in the different alloys under different 

aged state before and after thermal exposure. (a-c) The thickness distribution of Ω 

phase in the 1#, 2# and 3# alloys under artificial ageing condition, respectively. (d-

e) The thickness distribution of Ω phase in the 1#, 2# and 3# alloys after thermal 

exposure, respectively.  

 

Figure 3-13 The relationship between Ω phase size and mechanical properties in 

different alloys. (a) thickness. (b) diameter. 

To analyze the effect of over ageing extent on the heat resistance of 

the alloy, the diameter, thickness, and corresponding aspect ratio of Ω 
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phase before and after thermal exposure were measured, as shown in Tab. 

3-2. Yu et al.148 deemed that the larger aspect ratio of Ω in the over-aged 

sample (compared to that in peak-aged sample) contributed to the slower 

growth of Ω phase. The work of Hutchinson et al.9 showed the thickening 

rate of Ω phase was very slow when ageing temperature was under 200℃, 

suggesting a gradual increase in the aspect ratio of Ω during the artificial 

ageing process. In this work, the aspect ratio of Ω phase in the 3# alloy 

increased gradually with ageing time, while the yield strength of thermally 

exposed 3# alloy increased with ageing time first and then decreased. That 

is, the seriously over-aged alloy with larger aspect ratio exhibits poorer 

heat resistance than the slightly over-aged alloy, which cannot be explained 

by the conclusion drawn by Yu et al.148. The critical size of a precipitate, 

which neither grows nor dissolves during the artificial ageing process, can 

be calculated by the following equation proposed by Grong et al.153 based 

on Gibbs-Thomson relationship 154: 
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where r* is critical size (in this work, it mainly represents the diameter of 

Ω phase), γ is the interface energy of the precipitate, Vat is the mean atomic 

or molar volume of the precipitate. RB is the universal gas constant and T 

is the temperature. Cm is the average solute concentration in matrix and Ce 

is the solute concentration at a planar interface in the matrix in equilibrium 

with the precipitate of infinite radius. According to the equation, r* 

depends on the Ce which is related to temperature, namely the stability of 

the precipitates is sensitive to the changes of temperature during ageing 

process. Therefore, the coarsening rate of Ω phase with different mean size 

in thermal exposure heat treatment may be related to the critical size of Ω 

phase at thermal exposure temperature ( *

thermalr ). 
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Table 3-2 The size parameters of Ω phase in 3# alloy under different ageing 

conditions 

  Aged 0.5 h Aged 2 h Aged 5 h 

d (nm) 19.7 ± 10.2 42.3 ± 22.8 60.6 ± 28.7 

t (nm) 1.0 ± 0.4 1.6 ± 0.7 1.9 ± 0.7 

Aspect ratio 20 ± 13 26 ± 18 32 ± 19 

3.5 Effect of precipitates size on the heat resistance 

of alloys 

As mentioned above, the stability of the Ω is sensitive to the 

temperature during ageing process, and the coarsening rate of Ω phase in 

thermal exposure heat treatment may be related to the critical size of Ω 

phase at thermal exposure temperature ( *

thermalr  ). The 1# and 2# alloys 

achieved the peak-aged state following aging at 200℃ for 2 h, while the 

3# alloy reached the peak-aged state after aging at 200℃ for 0.5 h. 

Additionally, considering the accelerating effect of elevated aging 

temperature on the aging process155, the 1#, 2# and 3# alloys have reached 

peak-aged state (or slightly over-aged) after ageing at 225℃ (thermal 

exposure temperature) for 2 h, 2 h and 0.5 h, respectively. In this study, 

*

thermalr   is close to the size of the precipitate in the peak-aged state at 

thermal exposure temperature. Therefore, the size of Ω phase aged at 225℃ 

for 2 h, 2 h and 0.5 h can be seen as the *

thermalr  in the 1#, 2# and 3# alloy, 

respectively. The statistic results in Fig. 3-14 indicate that the size of Ω 

phase aged at 200℃ for 5 h is close to the *

thermalr  in the 1# and 2# alloys, 

while the size of Ω phase aged at 200℃ for 2 h is close to that aged at 225℃ 

for 0.5 h in the 3# alloy. Therefore, the size of Ω phase reach *

thermalr  after 

a slight over-ageing process at lower ageing temperature. 
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Figure 3-14 Size change of Ω phase in different alloys under different condition. (a-

c) The diameter distribution of Ω phase in the 1#, 2# and 3# alloys under slightly 

over-aged at ageing temperature and near peak-aged at thermal exposure 

temperature, respectively. (d-e) The thickness distribution of Ω phase in the 1#, 2# 

and 3# alloys under slightly over-aged at ageing temperature and near peak-aged at 

thermal exposure temperature, respectively. 

The schematic diagram of the size changes of precipitates in the alloy 

aged at different temperatures is shown in Fig. 3-15, based on Kampmann-

Wagner-Numerical (KWN) modeling 156. As peak ageing, slight over-

aging and severe over-aging conditions exist simultaneously in 3# alloy, 

the 3# alloy is used to analyze this schematic. According to the small green 

and purple arrows in Fig.3-15, when the 3# alloys were aged at 200℃ for 

2 h (slight over-ageing) and 5 h (sever over-ageing), the sizes of Ω phase 

are similar to or larger than *

thermalr  before thermal exposure. According to 

the larger green and purple arrows, these Ω phases will coarsen very 

gradually at the same coarsening rate as the precipitate aged at elevated 
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thermal exposure temperature (along the red line). Furthermore, when the 

coarsening rates of Ω phase are in the same level, the larger the original 

size of Ω phase before thermal exposure, the larger the final size after the 

same thermal exposure time. According to Tab. 3-2, the size of Ω in the 

seriously over-aged alloy (aged at 200℃ for 5 h) is larger than that in the 

slightly over-aged alloy (aged at 200℃ for 2 h) during artificial ageing 

process. As a result, under the premise that the coarsening rates of Ω phase 

in the two over-aged alloys are in the same, the size of the Ω phase in the 

seriously over-aged alloy is still larger than that in the slightly over-aged 

alloy after the same period of thermal exposure heat treatment. Therefore, 

the larger size Ω phase in the seriously over-aged alloy leads to a lower 

yield strength and heat resistance than slightly over-aged alloy after 

thermal exposure.  

 

Figure 3-15 Schematic diagram of the size changes of precipitates before and after 

thermal exposure at an elevate temperature. 

As for the 3# alloy aged at 200℃ for 0.5 h, the alloy reached peak-

aged state and most of the solute elements had been used to form Ω phase , 
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there were no excess solute elements in the matrix for the growing of Ω 

phase during thermal exposure, which resulted in the Ω phase being unable 

to grow to the *

thermalr  at a normal rate. However, as indicate by the small 

orange arrow, the size of Ω phase in the peak-aged alloy is much smaller 

than *

thermalr . To quickly reach the critical size, part of the Ω phase will 

dissolve and then provide solute atoms for the growth of other Ω phase. 

The solubility of the precipitate (Cr) with radius r can be described by 

Gibbs-Thomson relationship (Eq. 3-6)154, which reveals the precipitates 

with smaller size are more easily dissolved into the matrix.  
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In Fig. 3-16, it is shown that the size of most Ω phases in peak-aged 

alloy is much smaller than the average size. Therefore, in the peak-aged 

alloy, most of Ω phase with small size are more likely to dissolve during 

the thermal exposure, resulting in the significant decrease of number 

density of Ω phase. Furthermore, the excess solute elements from the 

dissolution of the small Ω phase are then used for the coarsening of larger 

undissolved precipitates. As illustrated by the larger orange arrow in Fig. 

3-15, the excess solute elements elevate the coarsening rate of the Ω phase, 

which is significantly higher than the normal coarsening rate indicated by 

the red line. Consequently, there is a significant coarsening of the Ω phase 

after thermal exposure. 
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Figure 3-16 The diameter distribution of Ω phase in the different peak-aged alloy. 

Dav is the average diameter of Ω phase.  

3.6. Summary of this chapter 

The effect of ageing temper on the heat resistance of Al-Cu-Mg-Ag 

alloys with different solute elements was investigated by tensile tests, TEM 

and CALPHAD. The conclusions are as follows: 

(1) Increasing Ag and Mg contents could simultaneously increase the 

yield strength and heat resistance of Al-Cu-Mg-Ag alloys due to its 

promoting and refinement effect on the precipitation of Ω phase. 

(2) The over ageing significantly affects the heat resistance of 

different Al-Cu-Mg-Ag alloys even when the solute contents are 

significantly different. Specifically, mechanical performance testing 

results indicate that, compared to peak ageing, slight over ageing heat 

treatment improves the heat resistance of Al-Cu-Mg-Ag alloys, while 

server over ageing decrease it. 
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(3) By combining systematic statistical quantitative characterization 

with guidance from the KWN modeling, the critical size of Ω at high 

thermal exposure temperature ( *

thermalr  ) is clarified to be the key factor 

influencing the coarsening of Ω. The closer the size of Ω phase in the aging 

state is to *

thermalr  , the better the heat resistance of the alloy will be. 

Therefore, the heat resistance of the alloy can be improved by adjusting 

the aging process to tune the size of the Ω phase to be close to the critical 

size at service temperature. 
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Chapter 4. Synergy of multiple 
precipitate/matrix interface 

structures for a heat resistant high-
strength Al alloy 

4.1 Foreword 

Aluminum alloys are widely used in in aerospace, automotive and 

other industries due to their outstanding combination of low density, high 

specific strength, excellent corrosion resistance and high fracture 

toughness157, 158. There exists trade-off between strength and heat 

resistance of various aluminum alloys. The nano-precipitates with high 

number densities in high-strength aluminum alloys, such as Al-Cu-based, 

Al-Zn-Mg-Cu-based, and also in medium-strength Al-Mg-Si-based alloys, 

will rapidly coarsen during service within the medium and high 

temperature ranges, resulting in the deterioration of the alloys’ strength42, 

159-161. On the other hand, aluminum alloys with high heat resistance, such 

as Al-Mn-based, Al-Si-based alloys, Al-Mg2Si metal matrix composite 

(MMC) contain submicron to micron-scale dispersed phases as the main 

strengthening phase, leading to their relatively low strength162, 163. 

Therefore, achieving a synergistic improvement in both strength and heat 

resistance of aluminum alloys crucially depends on enhancing the thermal 

stability of precipitates in high-strength aluminum alloys. 

In this study, through CALPHAD, the elements type and content in 

Al-Cu-Mg-Ag alloys were controlled to construct multiple interface 

segregation structures at θ′/Al interfaces, effectively inhibiting the 

coarsening of θ′-Al2Cu. In addition, combined with multiscale 

characterization and first-principles calculations, it was confirmed that the 
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existence of multiple interface segregation structures is the main reason 

for the high thermal stability of the θ′-Al2Cu phase. The designed alloy 

maintained a yield strength of 400 MPa after thermal exposure at 200°C 

for 100 h. Furthermore, the concept of constructing multiple segregation 

structures at the precipitate/matrix interface was proposed, providing a 

new strategy for the design of other heat-resistant materials. 

4.2 Design of the Al-Cu-Mg-Ag-Si-Sc alloy with 

multiple interface segregation structures 

4.2.1 Guidelines for alloy composition design 

Achieving synergistic enhancement of strength and heat resistance in 

aluminum alloys requires high strength before service. Therefore, 

agehardenable aluminum alloys with high-density precipitates are the 

main materials for achieving synergistic enhancement of strength and heat 

resistance. To improve the heat resistance of agehardenable aluminum 

alloys, researchers97, 99 have attempted to construct segregation layers at 

the precipitates/matrix interface to hinder the coarsening of precipitates 

under high-temperature service conditions and improve the heat resistance 

of the alloy. In many studies on Al-Cu-based alloys, it was found that Sc 

preferred to segregate at the θ′/Al interface during artificial ageing in Al-

Cu-Sc alloy and improved the thermal stability of θ′-Al2Cu precipitates86, 

97, 99, 115, 164. In Al-Cu-Mg-Ag alloys, a AgMg segregation layer exists at 

the Ω/Al interface, effectively inhibiting the coarsening of Ω phase and 

improving the heat resistance of the alloy165, 166. Hutchinson et al.9 found 

that the AgMg segregation layers could hinder the coarsening of the 

precipitates due to the retarded diffusion of solutes when the thermal 

exposure temperature was below 200°C, thereby improving the thermal 

stability of the alloy. However, when the thermal exposure temperature 
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was higher than 200°C, the ledges with 1/2Ω unit cell in height were more 

likely to form at the Ω/Al interface, which would increase the thickening 

kinetics of Ω phase. That is, such a single segregation structure at the 

precipitates/matrix interface still cannot effectively hinder the coarsening 

of the precipitates. 

The synergistic precipitation of multiple heat-resistant structures, 

especially the construction of multiple interface segregation structures at 

the precipitate/matrix interface, is crucial for further enhancing the heat 

resistance of the alloy. However, research by Bai et al.101 has shown that 

adding Sc to Al-Cu-Mg-Ag alloys reduces both the strength and heat 

resistance of the alloy. Furthermore, EDX results indicated no significant 

Sc segregation at Ω/Al interfaces after thermal exposure. Therefore, it is 

not possible to construct multiple segregation structures containing both 

Sc and AgMg segregation layers at Ω/Al interfaces. Gable et al.119 and 

Gariboldi et al.167 demonstrated that adding Si to Al-Cu-Mg-Ag alloys 

inhibits the precipitation of Ω phase and promotes the precipitation of θ′-

Al2Cu phase. At the same time, segregation layers rich in AgMg elements 

and the C-AlMg4Si3Cu phase precipitated, forming a multiple interface 

segregation structure at θ′/Al interfaces. That is, adding Si to Al-Cu-Mg-

Ag alloys promotes the formation of multiple interface segregation 

structures at θ′/Al interfaces and provides a possibility for further 

increasing the Sc segregation layer. When Si is added to Al-Cu-Mg-Ag 

alloy, Si can also promote the formation of C-AlMg4Si3Cu phase or 

disordered L phase112, 167. Marioara et al.168 reported that the disordered L-

AlMgSiCu phase exhibits excellent thermal stability, and the precipitation 

of a high-density L phase can enhance the thermal stability of the alloy. In 

addition, the preferentially precipitated C/L-AlMgSiCu169 phase can act as 

heterogeneous nucleation sites to promote the nucleation of θ′-Al2Cu, thus 
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achieving the synergistic enhancement of heat resistance and strength in 

Al-Cu-Mg-Ag-Si-Sc alloys. To achieve various heat-resistant structures, 

especially multiple interface structures at θ′/Al interfaces, the difficulties 

mainly lie in two aspects: (1) selecting an appropriate amount of Sc 

addition to avoid formation of AlCuSc intermetallic which will consume 

the Cu solutes; (2) designing the exact concentrations of Mg, Si and Ag for 

turning Ω precipitate into θ′ and C/L phase and promoting the formation 

of multiple structures such as C/L phase and AgMg layers at the θ′/Al 

interface. 

4.2.2 CALPHAD 

The contents of Cu, Mg, Si, Ag and Sc were reasonably determined 

by CALPHAD. All the thermodynamic calculations were performed in 

Thermo-Calc (TC) software based on the multicomponent multiphase 

thermodynamic database for Al alloys (TCAL5)141, 170. The design 

principles are as follows: (1) the formation of AlCuSc phase during the 

homogenization should be avoided to ensure that the main alloying 

elements such as Cu and Sc are mostly dissolved into the matrix; (2) the 

generation of harmful precipitates such as S-Al2CuMg at high 

temperatures should be inhibited during thermal exposure, meanwhile the 

Ω precipitate which is not heat resistant enough should be suppressed. (3) 

the formation of multiple types of structures such as C/L interface phase, 

AgMg-rich and Sc-rich segregation layers at the interface of θ′/Al is 

attempted. The specific calculation process of alloy design by CALPHAD 

is described as follows: 

(1) Control of Cu content. As shown in Fig. 4-1a, when Cu content of 

an Al-xCu alloy is set as 5 wt.%, the liquid phase is generated when the 

temperature is above 557°C while the equilibrium phase θ-Al2Cu will be 
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produced when the temperature is below 532℃. Therefore, the 

homogenization temperature should be selected between 532-557 °C to 

ensure that Cu can be completely dissolved into the Al matrix. However, 

due to the narrow temperature range, it is easy to cause over-burning or 

insufficient homogenization due to the temperature deviations and 

fluctuations during the homogenization process. Therefore, it is necessary 

to reduce the Cu content to obtain a wider homogenization temperature 

range. When Cu content is 4 wt.%, the homogenization temperature could 

be selected from 507°C to 571°C, which is wider than that for Al-5Cu alloy. 

Hence, the Cu content is set as 4 wt.%. The specific homogenization 

temperature is set as 540°C, close to the average value of the temperature 

range. 

(2) Control of Sc contents. As the homogenization temperature is 

540°C, the ternary isothermal section of Al-Cu-Sc system is calculated at 

540°C as shown in Fig. 4-1b. When the content of Cu is 4 wt.%, the 

maximum solid solubility of Sc element in the Al-Cu-Sc alloy is 0.09 wt.%. 

In order to suppress the formation of AlCuSc which will consume Cu 

during the homogenization heat treatment, the content of Sc in the 

currently designed alloy is set as 0.09 wt.%.  

(3) Control of Ag contents. When it comes to the Ag content, although 

it has a high solid solubility in the aluminum matrix at 540°C, its content 

should be controlled at the thermal exposure temperature 210°C to avoid 

the formation of equilibrium phase named HCP_AlAg. According to the 

Fig. 4-1c, HCP_AlAg will be generated when the content of Ag is above 

0.51 wt.% in the case of 4 wt.% Cu. Therefore, the content of Ag in the 

currently designed alloy is set as 0.5 wt.%.  

(4) Control of Mg and Si contents. In order to obtain θ'-Al2Cu 

precipitates with Sc and AgMg segregation layers in Al-Cu-Mg-Ag-Si-Sc 
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alloy, it is necessary to control the Mg/Si ratio to promote the precipitation 

of θ'-Al2Cu while inhibiting the formation of Ω.  

 

Figure 4-1 (a) Vertical section phase diagram of the Al-Cu binary alloy. (b) Ternary 

isothermal section of Al-Cu-Sc system at 540 °C. (c) Ternary isothermal sections of 

Al-Cu-Ag systems at 210 °C. (d) Isothermal sections of Al-Mg-Si-4Cu systems at 

210 °C 

Gable et al.119 reported that when the Mg/Si mass ratio is below 2, the 

Ω precipitate in the Al-Cu-Mg-Ag alloy will be completely suppressed. 

Therefore, the composition should be below the red dotted line 

representing the Mg/Si mass ratio of 2 in Fig. 4-1d. In addition, the content 

of Mg should be higher than that of Si (i.e., above the phase boundary 

indicated by the black arrow) to ensure that there is no silicon particle. 

Finally, the Mg/Si mass ratio in the currently designed alloy is set as 1.5, 
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as shown by the yellow dotted line in Fig. 4-1d, which is in the middle of 

the red dotted line and the black solid line. Meanwhile, the S-Al2CuMg 

phase will not be generated in this combination of temperature and 

composition. It should be noted that the phase equilibria of Al-Mg-Si-4Cu 

(in wt.%) at 175°C (ageing temperature) is very similar to those in 210°C 

(thermal exposure temperature). 

The Mg content in the currently designed alloy will be divided into 

two parts. One part is used to form the C-AlMg4Si3Cu or L phase 

(disordered form of C phase), which is the main heat-resistant precipitate. 

The other part of Mg will participate in the formation of the AgMg 

segregation layer at the θ′/Al interface. However, there is currently no 

research report on the composition of the AgMg layer at the θ′/Al interface, 

although it was indeed found in some conditions167. Therefore, the Mg/Ag 

atomic ratio in the AgMg layer segregated at the θ′/Al interface is based 

on the ratio reported for the AgMg segregation layer at the Ω/Al interface. 

Kang et al.52 constructed a AgMg bi-layer model at the Ω/Al interface, in 

which the Ag/Mg atomic ratio is about 2:1. However, the APT results of 

Reich et al.35 and Bai et al.44, 171 show that the Ag/Mg atomic ratio in the 

AgMg layer is about 1:1 in the peak-aged and over-aged states. Therefore, 

the Ag/Mg atomic ratio is set as 1.5 in this paper, which is the intermediate 

value between theoretical predictions and experimental results. The AgMg 

segregation layers were expected, although during the design it was not 

known what their atomistic structures would be. According to the ratio of 

each element as mentioned above, the contents (in wt.%) of Mg and Si, i.e., 

W(Mg) and W(Si), can be calculated according to the following formulas: 

 
( ) 4 ( )

( ) 3 ( )

CW Mg W Si

Ar Mg Ar Si
=    （4-1） 
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( ) 2 ( )

( ) 3 ( )

AgMgW Mg W Ag

Ar Mg Ar Ag
=    （4-2） 

 
3

( ) ( ) ( )
2

C AgMgW Mg W Mg W Si+ =    （4-3） 

in which W(Mg)C is the part of Mg used to form the C-AlMg4Si3Cu phase, 

while W(Mg)AgMg is the other part used to form the AgMg segregation layer 

at the θ′/Al interface. The relative atomic masses of Mg, Si and Ag are 

represented by Ar(Mg), Ar(Si) and Ar(Ag), respectively. After calculations, 

the contents of Si and Mg are set as 0.21 wt.% and 0.315 wt.%, respectively. 

Therefore, the final alloy composition is determined as Al - 4Cu - 0.315Mg 

- 0.5Ag - 0.21Si - 0.09Sc (in wt.%). 

4.3 Mechanical properties of the designed alloy 

Microhardness curve of the designed alloy aged at 175 ℃ is shown 

in Fig. 4-2. In the early stages of aging, the microhardness of the alloy 

increased rapidly. After aging at 175 ℃ for 16 h, the microhardness 

reached its maximum value of 149.4 HV, indicating that the alloy was in 

the peak-aged state. When the alloy was further aged for 32 h, there is only 

a slight decrease in microhardness, indicating that the alloy exhibits high 

heat resistance. The peak-aged alloys were thermally exposed at 200 ℃ 

and 210 ℃ for 100 h, ant the mechanical properties of the alloy before and 

after thermal exposure are shown in Fig. 4-3. As shown in Fig. 4-3a, 

compared with the various aluminum alloys thermally exposed at different 

temperatures for 100 h 59, 149, 159, 160, 162, 172-182, the currently designed alloy 

shows the best combination of strength and heat resistance after thermal 

exposure. It reaches a strength retention ratio (the ratio between the yield 

strength values of an alloy after and before a thermal exposure) of 97% 

and the highest residual yield strength of 400 ± 5 MPa ever reported for Al 

alloys thermally exposed at 200°C for 100 h. This means the designed 
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alloy overcomes the trade-off between heat resistance and strength for 

different types of aluminum alloys. 

 

Figure 4-2 The microhardness of the designed alloy aged at 175 ℃ for different 

time 

 

Figure 4-3 (a) The mechanical properties of the designed alloy and the alloys in 

literatures149, 159, 160, 162, 172-182 before and after thermal exposure, the specific data 

are shown in Table 4-1. Stress-strain curves of the designed alloy before and after 

thermal exposure at (b) 210 °C and (c) 200 °C 
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Table 4-1 The mechanical properties of Al alloys used in Fig. 4-3a before and 

after thermal exposure 

Composition 
YS before 

(MPa) 

YS after 

(MPa) 

Retention 

ratio (%) 

Temperature 

(℃) 

2099-T83178 502 413 82.3 180 

2397-T87178 423 370 87.5 180 

AA2618183 369 311 84.3 200 

2618-AlN183 371 332 89.5 200 

Al-5.3Cu-0.8Mg-0.5Ag-

0.3Mn-0.15Zr177 
446 226 50.7 200 

Al - 4.9Cu - 0.7Mg - 0.36Ag 

- 0.3Mn - 0.2Zr149 
456 312 68.4 200 

Al - 4.8Cu - 0.8Mg - 0.14Ag 

- 0.3Mn - 0.2Zr149 
425 305 71.8 200 

Al - 6Cu - 0.6Mg - 0.5Ag - 

0.3Mn - 0.2Zr - 0.2Er172 
441 341 77.3 200 

Al - 6.6Cu - 0.6Mg - 0.5Ag - 

0.3Mn - 0.14Zr172 
472 394 83.5 200 

Al - 4.72Cu - 0.45Mg - 

0.54Ag - 0.17Zr173 
414 349 84.3 200 

Al-5.5Cu-1.0Mg-1.2Ag174 481 323 67.2 200 

Al - 5.3Cu - 0.8Mg - 0.6Ag - 

0.4Mn - 0.1Zr175 
482 300 62.2 200 

Al-5.3Cu-0.8Mg-0.6Ag-

0.4Mn-0.1Zr-0.45Ce175 
528 345 65.3 200 

7085-T7651178 468 258 55.1 180 

7085-T7452178 497 267 53.7 180 

7075-T7651178 460 237 51.5 180 

6082159 341 322 94.4 150 

6082159 341 239 70.1 175 

Al - Mg - Si181 280 (UTS)  81 200 

Al - Mg - Si - 0.1La181 290 (UTS)  81.6 200 

Al - Mg - Si - 0.22La181 265 (UTS)  92 200 

Al - Mg - Si - 0.32La181 240 (UTS)  92 200 

Al-12Si-4Cu-1Mg-2Ni182  219 88.4 200 

AA3004180 104 104 100 300 
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Table 4-1 The mechanical properties of Al alloys used in Fig. 4-3a before and 

after thermal exposure (continued) 

Composition 
YS before 

(MPa) 

YS after 

(MPa) 

Retention 

ratio (%) 

Temperature 

(℃) 

Al-1.2Mn-0.75Si-0.75Cu-

0.3Mg176 
179 151 84.4 200 

Al - 1.2Mn - 0.75Si - 

0.3Mg176 
99 76 76.8 200 

Al - 1.2Mn - 0.75Si - 0.5Cu - 

0.1Mg176 
64 64 100 200 

Al-1.2Mn-0.75Si-0.75Cu176 55 53 96.4 200 

Al-1.2Mn-0.75Si-0.5Cu176 50 49 98 200 

Al-6.87Si-0.61Mg-0.1Fe179 248 95 38.3 250 

Al-6.87Si-0.61Mg-0.1Fe-

0.1Zr179 
249 117 47 250 

Al-12Si-4Cu-1Mg-2Ni182  128 68.6 250 

Al - 8.5Si - 1.76Cu - 0.55Mg 

- 0.32Zr162 
323 162 49.7 250 

Al - 8.4Si - 1.7Cu - 0.6Mg - 

0.33Zr - 1.9Ni162 
354 185 52.4 250 

Al - 8.6Si - 1.8Cu - 0.55Mg - 

0.33Zr - 0.7Mn162 
356 169 47.5 250 

Al - 4Cu - 0.5Mg - 0.5Ag - 

0.19Si - 0.09Sc  
405 289 71.4 210 

Al - 4Cu - 0.5Mg - 0.5Ag 387 227 58.7 210 

Al - 4Cu - 0.28Mg - 0.4Ag 341 225 65.9 210 

Al - 4Cu - 0.28Mg - 0.6Ag 352 250 71 210 

Al - 4Cu - 0.8Mg - 0.8Ag - 

0.2Si - 0.1Sc 
424 238 56.1 210 

Al - 4Cu - 0.8Mg - 0.8Ag - 

0.3Mn - 0.15Zr 
446 250 56.1 210 

Al - 4Cu - 0.315Mg - 0.5Ag 

- 0.21Si - 0.09Sc 
383 346 90.3 210 

Al - 4Cu - 0.315Mg - 0.5Ag 

- 0.21Si - 0.09Sc 
413 401 97.1 200 
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4.4 Multi-scale microstructure of Al-Cu-Mg-Ag-Si-

Sc alloy 

4.4.1 Micro-scale structure of alloy before and after 

homogenization 

To verify whether the designed alloy has avoided the excessive 

formation of AlCuSc intermetallic, SEM characterization was conducted 

on the alloy before and after homogenization. Fig. 4-4 shows the 

microscale constituents of the alloy before and after homogenization.  

 

Figure 4-4 Micro-scale constituents in (a) as-cast and (b) homogenization state. The 

EDX of P1 and P2 are inserted in (a) and (b), respectively 

According to Fig. 4-4a, the main microscale constituent is dendritic 

θ-Al2Cu phase in the as-cast alloy. After homogenization at 540 ℃ for 16 

h, most of dendritic constituents had dissolved into the matrix, leaving only 

a small amount of point-like microscale constituents in the alloy. Further 

combined with the EDX results, the point-like constituents is recognized 

as AlCuSc phase, indicating the presence of a small amount of microscale 

AlCuSc phases in the alloy. According to Tab. 2-1 in Chapter 2, the 

detected composition of the melted alloy is Al - 4.15Cu - 0.30Mg - 0.47Ag 

- 0.17Si - 0.10Sc. The actual Sc content is 0.1 wt.%, exceeding the 
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maximum solubility limit at the homogenization temperature. Excess Sc 

will combine with Cu during the homogenization heat treatment, resulting 

in the formation of a small amount of point-like AlCuSc phase. 

4.4.2 Nano-scale structure of alloy in the peak aged state 

The mechanical properties of the designed alloy before and after 

thermal exposure demonstrated that it has high heat resistance. To analyze 

the reasons for the improvement of heat resistance, the size distribution of 

the main strengthening phase θ′-Al2Cu before and after thermal exposure 

of the alloy under peak aging state was statistically analyzed, and the 

results are shown in Fig. 4-5.  

 

Figure 4-5 (a) Thickness distribution histogram of θ′-Al2Cu before and after thermal 

exposure. (b) Diameter distribution histogram of θ′-Al2Cu before and after thermal 

exposure. (c) HAADF-STEM image used to count the diameter of θ′-Al2Cu in the 

peak-aged alloy. (d) HRTEM image used to count the thickness of θ′-Al2Cu in the 

peak-aged alloy; (e) HAADF-STEM image used to count the diameter of θ′-Al2Cu 

in the alloy after thermal exposure; (f) HRTEM image used to count the thickness 

of θ′-Al2Cu in the alloy after thermal exposure  



 

83 

 

The quantitative statistical results show that the average thickness 

values of θ′-Al2Cu before and after thermal exposure are 2.8 ± 0.8 nm and 

2.9 ± 0.7 nm, while those values for diameter are 43 ± 20 nm and 46 ± 20 

nm, respectively. The statistical results show that the main strengthening 

phase θ′-Al2Cu has not been obviously coarsened after thermal exposure, 

explaining the alloy’s high strength retention rate shown in Fig. 4-3a. 

To further analyze the high thermal stability of the main strengthening 

phase θ′-Al2Cu during thermal exposure, the microstructures of the peak 

aged alloy at the nanometer to atomic scale were characterized. Fig. 4-6 

shows the APT results of the designed alloy in the peak-aged state. The 

iso-surface maps of different elements demonstrate that, in addition to the 

plate-shaped θ′-Al2Cu phase, there are also nanoscale precipitates 

containing Mg, Si, and Cu elements in rod-like or plate-like shapes, as well 

as nanoscale precipitates containing Mg and Ag elements. Part of these 

precipitates containing MgSiCu and AgMg coexist with the θ′-Al2Cu 

phase. In addition, in the iso-surface map of Sc, significant Sc segregation 

can be observed at the locations indicated by arrows. 

The atomic-scale structures of various precipitates and their 

relationships in the peak-aged alloy are shown in Fig. 4-7. According to 

the atomic resolution HAADF-STEM images, the precipitates containing 

MgSiCu elements are plate-shaped C-AlMg4Si3Cu phases segregated at 

the θ′/Al coherent interfaces, as well as the disordered L-AlMgSiCu phases 

present individually in the aluminum matrix or at the θ′/Al semi-coherent 

interfaces. The L phase is the disordered form of the C-AlMg4Si3Cu phase 

and exhibits high thermal stability. The Fig.4-7c demonstrates that, in 

addition to the presence of the C/L-AlMgSiCu phase, there exists an 

interface phase containing Ag and Mg with a three-layer atomic 

arrangement at the θ′/Al interfaces. 
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This AgMg interface phase differs from the previously observed 

AgMg segregation layer at the Ω/Al interface and the double-layer Ag 

segregation layer at the θ′/Al interface. That is, the newly discovered 

interface phase containing Ag and Mg is named as χ-AgMg interface phase. 

As shown in the APT results in Fig. 4-7g, the C/L-AlMgSiCu and χ-AgMg 

interface phase are non-uniformly enveloped at the coherent and semi-

coherent interfaces of θ′/Al. Additionally, Fig. 4-7h-i confirms that Sc has 

segregated at the θ′/Al interfaces. Therefore, in the designed Al-Cu-Mg-

Ag-Si-Sc alloy, a multiple segregation structure containing C/L interface 

phase, χ-AgMg interface phase, and Sc segregation layer has been 

successfully constructed at the coherent and semi-coherent interfaces of 

θ′/Al, achieving comprehensive wrapping of θ′-Al2Cu, consistent with the 

design criteria proposed during alloy design. 

 

Figure 4-6 APT results of the designed alloy under peak ageing. The iso-surface of 

Cu, Sc, Si, Mg and Ag are set as 9.0 at.%, 0.3 at.%, 2.0 at.%, 3.0 at.% and 1.0 at.%, 

respectively 
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Figure 4-7 Multiple types of precipitates and interface structures of the current alloy 

under peak ageing. (a) Low magnification HAADF-STEM image. (b) Individual θ′-

Al2Cu. (c) χ-AgMg interface phase occurring at both upper and lower θ′/Al 

interfaces. (d) θ′-Al2Cu with C-AlMg4Si3Cu interface phase at the coherent 

interface. The unit cell of the C-AlMg4Si3Cu phase and the simulated HAADF-

STEM image by QSTEM have been inserted in (d). (e) θ′-Al2Cu with a L-

AlMgSiCu at the semi-coherent interface. (f) Independently precipitated L-

AlMgSiCu. (g) and (h) Multiple interface phases and segregation layers at the θ′/Al 

interfaces detected by APT. (i) Proxigram of Sc cross the θ′/Al interface along L1 to 

L2 in (h) 
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The structure of the newly discovered χ-AgMg interface phase found 

in Fig. 4-7c is different from the uniformly distributed AgMg bi-layer at 

the Ω/Al interface52 reported by Kang et al., or the Ag segregation layer 

with double atomic layers at the θ′/Al interface reported by Rosalie et al. 

184. According to Fig. 4-8a-d, the atomic arrangement of the interface phase 

is consistent with that of Al under different zone axes, with the light and 

dark atomic columns alternately arranged at sub-layers L1 and L3. These 

atomic columns were identified as Ag and Mg columns according to the 

atomic resolution energy dispersive X-ray (EDX) mapping results shown 

in Fig. 3e-h. As for the middle layer L2, the EDX maps show that every 

column contains Ag, while there is very low signal of Mg. However, the 

intensity line profiles of the middle layer L2, as inserted in Fig. 3a and c, 

show that the column intensity is in an alternative strong-weak-strong 

distribution, implying the atomic column with lower intensity should also 

contain Mg. As shown in Fig. 4-8f, Mg signals can be found at the atomic 

columns marked by white dotted circles in the L2 layer. Similar examples 

can be found in Fig. 4-9. In addition, the atomic ratio of Mg in the three 

layers is about 2:1:2 according to concentration line profile of Mg shown 

in Fig. 4-8i, further confirming that the L2 layer contains Mg atoms. 

According to the information mentioned above, the structure of χ-AgMg 

interface phase was constructed as shown in Fig. 3j, while the atomic ratio 

of Ag to Mg in the structure is 1.4. To validate the accuracy of the 

constructed interface structure, quantitative EDX results and APT results 

were used to verify the composition of the χ-AgMg interface phase. Fig. 

4-10 shows TEM EDX results of different χ-AgMg interface phases in the 

peak-aged alloy, and quantitative analysis indicates that the average atomic 

ratio of Ag to Mg in the χ-AgMg interface phase is 1.56, which is 

consistent with the crystal structure model.  
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Figure 4-8 The structure of the newly discovered χ-AgMg interface phase. (a-c) 

Atomic resolution HAADF-STEM images of the χ-AgMg phase along [100]Al 

direction. (b) Enlargement image of (a). The intensity line profiles of the middle 

layer (L2) of the χ-AgMg phase are inserted in (b) and (c). (d) Atomic resolution 

HAADF-STEM images of the χ-AgMg phase along [110]Al direction. (e-h) Atomic 

resolution EDX elemental maps of the area shown in (a). (i) Concentration line 

profile of Mg in the χ-AgMg phase along the white arrow. (j) 3D model of the θ′/Al 

interface structure with the newly discovered χ-AgMg interface phase. It should be 

noted the viewing direction is parallel to [010] direction of the supercell in (j) for 

(a-b), [100] for (c) and [110] for (d). The atomic resolution HAADF-STEM images 

simulated by QSTEM using the constructed model along different directions are 

inserted in (a), (b) and (c). The atomic columns marked with white dotted circles in 

(f) correspond to those similarly marked in (a)  

Fig. 4-11 displays the concentration distribution maps of all χ-AgMg 

interface phases obtained from APT results, showing that the average 

atomic ratio of Ag to Mg in the χ-AgMg interface phase is 1.44, consistent 

with the Ag/Mg atomic ratio in the constructed model. Therefore, both 
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EDX results and APT results are consistent with the constructed model, 

indicating its accuracy. Additionally, image simulations were conducted 

using QSTEM software130. As shown in Fig. 4-8b-d. The simulation results 

demonstrate that the images simulated along the [100], [010], and [110] 

directions of the constructed model are consistent with the experimental 

results, further confirming the accuracy of the constructed model. 

 

Figure 4-9 (a) and (d) Atomic resolution HAADF-STEM image with multiple χ-

AgMg interface phases. (b-c) and (e-f) Atomic resolution EDX elemental maps of 

the area shown in (a) and (d), respectively. The atomic columns marked with white 

circles in (b) and (e) correspond to that in (a) and (d), respectively 

 

Figure 4-10 The EDX results of different χ-AgMg interface phases  
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Figure 4-11 The proxigram of total χ-AgMg interface phase (marked in pink) 

detected by APT  

4.4.3 Nano-scale structure of alloy after thermal exposure 

According to Fig. 4-12a-c, the θ′-Al2Cu, L and C phases in the current 

alloy were kept after a thermal exposure at 210℃ for 100 h. However, 

there are some square σ-Al5Cu6Mg2 (space group Pm-3)128 particles in the 

thermally exposed sample as shown in Fig. 4-13. In addition, the thin χ-

AgMg interface phase in the peak-aged state disappeared after thermal 

exposure, while a thicker AgMgAl phase, which was discovered in this 

work and named ξ phase, precipitated at the σ/Al interface. Fig. 4-12d-e 

show the atomic resolution HAADF-STEM images and the corresponding 

Fast Fourier Transform (FFT) pattern, respectively. As shown in the FFT 

pattern, the distance g1 is 5.17 nm-1, while those of g2 and g3 are 4.20 and 

2.99 nm-1, respectively. That is, the ratios g1/g3 and g2/g3 are 1.729 and 

1.404, which are all consistent with the standard electron diffraction 

pattern of the body-centered cubic (BCC) structure along the [011] 
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direction.  

  

Figure 4-12. HAADF-STEM images and EDX results of precipitates after 

thermal exposure at 210℃ for 100 h. a HAADF-STEM image of θ′-Al2Cu. b C 

interface phase at the θ′/Al interface. c Independently precipitated L phase. d Low-

magnification and atomic resolution HAADF-STEM images of the ξ phase. e 

Corresponding FFT pattern of atomic resolution HAADF-STEM image in (d). f 

EDX elemental maps of ξ phase. The unit cell of the ξ phase and the simulated 

HAADF-STEM image along (011)ξ by QSTEM have been inserted in (d). The 

intensity line profiles inserted in (d) shows the intensity variation from A1 to A2. 

In addition, the intensity line profile inserted in Fig. 4-12d shows that 

the light and dark atomic columns alternately arranged along A1 to A2, 

which could be identified as Ag and Mg+Al atomic columns according to 

the EDX mapping results shown in Fig. 4-12f. It is obvious that Mg and 

Al atoms jointly take one site in the unit cell, most probably in a disordered 

way, while Ag atoms solely occupy the other site. According to the 
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information mentioned above, the B2 structure of ξ-Ag1Mg1-xAlx (x = 0.5) 

phase has been constructed as inserted in Fig. 4-12d. The space group of 

the ξ phase is Pm-3m, while the lattice parameters are determined as a = b 

= c = 3.34 ± 0.10 Å and α = β = γ = 90°.The atomic ratio Ag: Mg: Al in ξ 

phase is 2: 1: 1, which is close to the ratio of about 51: 22: 28 as obtained 

from the EDX data (from the very thin area shown in Fig. 4-12d). 

Furthermore, the HAADF-STEM image (see the blue frame in Fig. 4-12d) 

simulated by QSTEM software130 along [011] direction of ξ phase is 

consistent with the experimental image.  

 

Figure 4-13. HAADF-STEM images and EDX results of precipitates after thermal 

exposure at 210℃ for 100 h. a Low magnification HAADF-STEM image. b EDX 

elemental maps of σ and the thick AgMg-rich ξ phase. c atomic resolution HAADF-

STEM of σ-Al5Cu6Mg2 precipitate. The HAADF-STEM image simulated by 

QSTEM is inserted in (c).  

According to Fig. 4-3, The mechanical properties of the designed 

alloy before and after thermal exposure indicates that the exposure 

temperature significantly affects the heat resistance of the alloy. When the 

alloy is thermally exposed to 210 °C, the after thermal exposure is 90.3%, 

while strength retention rate reaches 97.1% when the alloy thermally 

exposed to 200 °C. To analyze the significant improvement in heat 

resistance of the alloy at 200 °C, the interface structure of precipitates in 
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the alloy after exposure at 200 °C for 100 h was characterized using TEM. 

As shown in Fig. 4-14, when the alloy was thermally exposed at 200 °C 

for 100 h, there is not only C-AlMgSiCu interface phase at the θ′/Al 

interface, but also a χ-AgMg interface phase with a larger size and a 

relatively complete structure. Compared to the interface structure of the 

alloy after thermal exposure at 210 °C for 100 h shown in Fig. 4-12, it is 

evident that the dissolution rate of the χ-AgMg interface phase at 200 °C 

is much slower than at 210 °C. Therefore, even though the structure of the 

χ-AgMg interface phase will gradually be destroyed and dissolve during 

thermal exposure heat treatment, the presence of χ-AgMg interface phase 

still contributes to the improvement in heat resistance, as observed from 

the comparison of the alloy's mechanical properties after thermal exposure 

at 200 °C and 210 °C. 

 

Figure 4-14 (a) Low magnification HAADF-STEM image of the alloy thermally 

exposed at 200 ℃ for 100 h. (b-f) HAADF-STEM images of different interface 

structures 
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The EDX result of the σ-Al5Cu6Mg2 phase in the alloy after exposure 

at 200°C for 100 h shown in Fig. 4-15 indicates that even though the 

dissolution rate of the χ-AgMg interface phase decreases when thermally 

exposed at 200 °C, most of the χ-AgMg interface phase will still dissolve 

into the aluminum matrix due to the long thermal exposure time. 

Additionally, square σ-Al5Cu6Mg2 phases and ξ-AgMgAl phases will also 

form in the alloy. 

 

Figure 4-15 The EDX results of σ-Al5Cu6Mg2 and ξ-AgMgAl in the designed alloy 

thermally exposed at 200 ℃ for 100 h  

4.5 Mechanism of synergistic improvement of 

strength and heat resistance of Al-Cu-Mg-Ag alloy 

4.5.1 Mechanism of strength improvement 

In the Al-Cu-Mg-Ag alloy, the addition of Si elements alters the 

precipitation behavior, thereby affecting the mechanical properties of the 

alloy. To investigate the influence of Si on the precipitation behavior of Al-

Cu-Mg-Ag-Si-Sc alloy in the early stages of aging, the composition and 

morphology of precipitates in the under-aged state (175°C-1h) were 
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detected using APT. According to Fig. 4-16, the main precipitates in the 

designed alloy are lath or plate-like precipitates containing Mg, Si, and Cu 

elements in the under-aged state. Combined with the morphology and 

elements distribution of the precipitates, these correspond to the disordered 

L-AlMgSiCu phase and the C-AlMgSiCu phase, respectively. Furthermore, 

part of Ag had combined with Mg to form phase rich in AgMg in the under-

aged state. As for the main strengthening phase θ′-Al2Cu in the alloy, it is 

smaller in size in the early stages of aging, and no obvious plate-like 

precipitates rich in Cu were found.  

 

Figure 4-16 APT results of the designed alloy in the underaged state. The iso-

surface of Cu, Sc, Si, Mg and Ag are set as 9.0 at%, 0.3 at%, 2.0 at%, 3.0 at% and 

1.0 at%, respectively 
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Fig. 4-17 shows the reconstructed APT results and the elements 

distribution of precipitates. As shown in Fig. 4-17b-c, preferentially 

precipitated lath or plate-like C/L-AlMgSiCu phases can act as 

heterogeneous nucleation sites for the θ′-Al2Cu phase, promoting the 

precipitation of the θ′-Al2Cu phase, refining the size of the θ′-Al2Cu phase, 

increasing the number density of the θ′-Al2Cu phase, and thereby 

improving the mechanical properties of the alloy. The formation of C/L 

precipitates in the early stage of ageing consumed a substantial fraction of 

Mg solutes, thus there were insufficient MgAg atomic clusters to form the 

Ω during the subsequential stages of ageing. As a results, θ′-Al2Cu phase 

was precipitated instead. Then, the remaining Mg solutes combined with 

Ag solutes to form the newly discovered χ-AgMg interface phase that 

partially covers the θ′-Al2Cu precipitate. 

 

Figure 4-17 (a) APT result of the designed alloy in the under-aged state. (b) and (c) 

Concentration profiles of the precipitates along the blue arrows. (d) Driving force of 

equilibrium Q-AlMgSiCu and θ-Al2Cu at the ageing temperature of 175 °C 

The precipitation driving force of different phases is used to explain 

the precipitation sequence in the current alloy during the artificial ageing 
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heat treatment. Due to the lack of thermodynamic model of metastable C/L 

phase in the newest version of multi-component multi-phase 

thermodynamic database TCAL for Al alloys141, 170, the precipitation 

driving forces of successors of C/L and θ′, i.e., the equilibrium Q-

AlMgSiCu and θ-Al2Cu phases, respectively, were calculated instead. As 

shown in Fig. 4-17d, the precipitation driving force of Q phase increases 

rapidly when Si is added to the Al-Cu-Mg-Ag alloy, while that of θ phase 

remains almost unchanged. The precipitation driving forces of Q and θ in 

the currently designed alloy are 11.69 kJ mol-1 and 3.227 kJ mol-1 (mol for 

atoms), respectively, which imply the C/L phases, as precursors of Q phase, 

will preferentially precipitate. 

Ag solutes not only participate in formation of the χ-AgMg interface 

phases at the θ′/Al interface, but also segregate in C/L precipitates. This is 

revealed by the co-segregation of Mg, Si, Cu and Ag solutes in the APT 

results in Fig. 4-16 and the elements concentration profiles in Fig. 4-17b-

c. Weng et al.185 reported that Ag could promote the nucleation of the 

precipitates and increase their number density in Al-Mg-Si-Ag alloys, 

thereby improving the mechanical properties of the alloys. As for the 

current Al-Cu-Mg-Ag-Si-Sc alloy, Ag solutes probably also played an 

important role in increasing the number density of C/L phase, thereby 

increasing the number density of θ′. This accounts for the high strength of 

the alloy. In addition, as typically shown in Fig. 4-18, Ag was found to 

enrich at the interface of L precipitates to form a segregation layer, thereby 

further increasing the thermal stability of disordered L phase. 
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 Figure 4-18 HAADF-STEM images and EDX maps of the L phase in the peak 

aged alloy 

4.5.2 Mechanism of heat resistance improvement 

The number density and size of the precipitates in the alloy are also 

an important factor affecting the heat resistance of the alloy. Makineni et 

al.186 added Nb and Zr elements to Al-Cu alloy, increasing the number 

density of the θ′-Al2Cu phase in the alloy, thereby significantly improving 

the heat resistance of the Al-Cu alloy. To visually analyze whether the 

improved heat resistance of the designed alloy in this study comes from 

the multiple segregation structures or the increased number density of the 

θ′-Al2Cu phase, a control group of alloys without multiple segregation 

structures was designed. The results of previous studies showed that Ag184, 

Sc97 and Si115, 117 elements could segregate at the θ'/Al interface, thus 

forming segregation structures at the precipitate/matrix interface. In 

addition, the addition of Mg will promote the formation of S-Al2CuMg 
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precipitates, resulting in different types of precipitates in the alloy. 

Therefore, the alloy composition of the control alloy is set as Al-4Cu (in 

wt.%). 

Fig. 4-19 shows the mechanical properties of the control alloy under 

different conditions. The microhardness results indicate that the Al-4Cu 

alloy reaches peak aging after aging at 175°C for 16 h. In addition, the 

yield strength values of the peak aged Al-4Cu alloy before and after 

thermal exposure are 208 ± 12 and 137 ± 3 MPa, respectively. The strength 

retention ratio of the Al-4Cu alloy is 65.9%, which indicates that the 

strength of the alloy decreases significantly after thermal exposure at 210℃ 

for 100 h.  

 

Figure 4-19 (a) Microhardness of the Al - 4Cu alloy aged for different times at 

175 ℃. (b) Stress-strain curves of the peak aged Al - 4Cu alloy before and after 

thermal exposure  

Furthermore, rapid coarsening of the precipitates was observed as 

shown in Fig. 4-20. According to Fig. 4-20a-b, the average thickness 

values of θ′-Al2Cu before and after thermal exposure are 1.1 ± 0.4 nm and 

10 ± 3.5 nm, while those values for diameter are 25 ± 10 nm and 318 ± 

210 nm. The statistical results show that θ′-Al2Cu precipitates without 

multiple segregation structures have been obviously coarsened after 

thermal exposure, thereby leading to the rapid decrease in tensile 
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properties of the Al-4Cu alloy. That is, the presence of the multiple 

segregation structures at the θ′/Al interface is the main cause of effectively 

inhibiting the coarsening of θ′-Al2Cu precipitates in the designed Al-4Cu-

0.315Mg-0.5Ag-0.21Si-0.09Sc alloy. 

 

Figure 4-20 (a) and (b) Distributions of thickness and diameter of θ′-Al2Cu phase in 

the peak aged Al - 4Cu alloy before and after thermal exposure. (c) and (d) Typical 

TEM images used to measure the diameter and thickness of θ′-Al2Cu phase in the 

peak-aged alloy. (e) and (f) Typical TEM images measure the diameter and 

thickness of θ′-Al2Cu phase after thermal exposure  

In addition, the existence of the interface phases changed the interface 

structures of θ′-Al2Cu precipitates and were found to hinder their 

coarsening. Bourgeois et al. 145, 187-189 reported that Cu atoms could occupy 

the interstitial sites at the coherent interface of θ′-Al2Cu and reduce the 

energy of the system. It is concluded that the Cu interfacial segregation 

layer is an intermediate state beneficial for the thickening of θ′-Al2Cu. In 

this study, the intensity line profile of A1-A2 in Fig. 4-21 indicate that, at 
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the coherent interfaces without a AgMg or C interface phase, Cu atoms can 

occupy the interstitial sites at the interfacial layer. In Fig. 4-7c, it is found 

that χ-AgMg interface phase (on the left side) effectively hinder thickening 

of the θ′-Al2Cu precipitates, while in the right part with only layers 

containing interstitial Cu atoms there is abrupt thickening (see the red 

arrow in the image).  

 

Figure 4-21 (a) Intensity distribution of the atom column in the interface of θ′-

Al2Cu and Al matrix. (b) Intensity distribution of the different atom columns in the 

θ′-Al2Cu with χ-AgMg interface phase. (c) Intensity distribution of the different 

atom columns in the θ′-Al2Cu with C-AlMgSiCu interface phase 

To compare the effects of the various interface structures on the 

stability of the precipitates more accurately, the formation energies of 

different structures were calculated, as shown in Fig. 4-22. The formation 

energy of Model 3 is lower than that of Model 2, indicating that the Al-

terminated θ′-Al2Cu interface structure (with the χ-AgMg interface phase) 

is easier to form and more stable than Cu-terminated θ′-Al2Cu interface 

structure. In addition, Model 1 shows a single χ-AgMg interface phase 

embedded in the matrix, with a higher formation energy than those of 

Model 2 and Model 3. That is, the χ-AgMg interface phases cannot 

precipitate alone and should exist in the coherent interface of θ′/Al. 

Therefore, the most energetically favorable structure containing χ-AgMg 
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interface phase is Model 3, which is consistent with the experimental 

results shown in Fig. 4-8. In addition, the formation energy of Model 6 is 

obviously lower than those of Models 4-5, indicating that the C interface 

phase layer can improve the stability of θ′-Al2Cu more efficiently than the 

interstitial Cu layer. Especially, the θ′/Al interface model containing a C 

interface phase is most energetically favored among all the 6 models.  

 

Figure 4-22 The formation energies of different interface structures  

As for other θ′/Al interfacial positions without interface phases, the 

stability could be enhanced by the covering of Sc solutes. According to 

calculations by Bourgeois et al.184, when the thickness of a θ′ precipitate is 

less than 4 nm, the Cu atoms tend to completely occupy the interstitial sites 

in the Cu-terminated interface. According to Fig. 4-5a, most θ′ plates were 

found to be thinner than 4 nm in the peak-aged state of the current alloy. 

Therefore, interstitial Cu layers were found at most coherent θ′/Al 

interfaces in our alloy, in addition to χ-AgMg and C interface phases. 
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Moreover, according to Fig. 4-7h-i, Sc segregation layers were also found 

at θ′/Al interfaces. Zhang et al.190 investigated the effect of the Sc 

segregation layer on the stability of interface of θ′/Al by first-principles 

calculations. Their results showed when Sc segregated at the interface of 

θ′/Al, the bonding at the interface containing the Cu interstitial layer can 

be greatly enhanced relative to that without a Cu interstitial layer. Such 

strong bonding is beneficial for inhibiting the thickening of θ′. These 

calculations explain the high stability of θ′ precipitates partially covered 

with Sc segregation layers observed in our work and many other studies97, 

99, 115. 

In addition to interface structures at the coherent interface of θ′, there 

are always disordered L precipitates at the semi-coherent interface of θ′, 

i.e., occurring at one end of a θ′ plate. In the early stage of artificial ageing 

process, the disordered L phase can serve as heterogeneous nucleation sites 

to promote the nucleation of the θ′-Al2Cu 112, thereby reducing its size and 

increasing the number density168. On the other hand, broadening of θ′-

Al2Cu precipitates will also lead to the obvious decrease of the number 

density of θ′-Al2Cu precipitates, leading to a decrease in the alloy 

properties according to the work of Nie et al.151. In the current alloy, due 

to the high thermal stability of disordered L phase168, 191, the broadening of 

θ′-Al2Cu at semi-coherent interface can be hindered during the long-time 

thermal exposure process. Therefore, the integration of multiple types of 

interface structures including χ-AgMg interface phase, C interface phase 

and Sc segregation layers at coherent interface and the L phase at semi-

coherent interface could stabilize the interface of θ′-Al2Cu and suppress 

the coarsening of the θ′-Al2Cu precipitates, thereby improving the heat 

resistance of the current alloy. 
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4.6 Structure evolution of the χ-AgMg and C-

AlMgSiCu interface phase during thermal exposure 

4.6.1 Ab initio molecular dynamics simulations 

The TEM results of the alloy after thermal exposure indicate that the 

χ-AgMg interface phase gradually dissolves and disappears during 

prolonged thermal exposure, while the C-AlMgSiCu interface phase 

remains present after long-term thermal exposure. To analyze the stability 

of different interface phase structures during thermal exposure, AIMD 

simulations had been performed to account for the stability of χ-AgMg and 

C interface phases during thermal exposure. As described in Chapter 2, the 

calculated melting temperature of pure aluminum usually differs from the 

actual melting temperature of bulk materials146, 147. Therefore, before 

analyzing the element diffusion behavior of interface phases using AIMD, 

it is necessary to determine the melting temperature of pure aluminum 

under the parameters used in this study and select an appropriate 

computational temperature based on the melting temperature. Using a 4 × 

4 × 4 aluminum alloy supercell structure, AIMD simulation was performed 

based on the simulation parameters. The simulated Al atomic structure 

changes and radial distribution function (RDF) results are shown in Figs. 

4-23 and 4-24. 

When the simulation temperature is equal to or below 1073 K, there 

is no significant change in the Al supercell, and all Al atoms oscillate at 

their original positions. When the simulation temperature is 1173 K, the Al 

atoms exhibit a disordered distribution, and the RDF result changes, 

indicating that the Al matrix has melted. Therefore, under the parameters 

used in this study, the melting temperature of the aluminum alloy obtained 

from AIMD simulation is between 1073 K and 1173 K.  
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 Figure 4-23 The AIMD results of pure Al calculated at different temperatures  

 

Figure 4-24 The radial distribution function (RDF) of pure aluminum at different 

temperatures  
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In the subsequent AIMD simulation process, to accelerate the rate of 

atomic diffusion and ensure that atoms can diffuse, the simulation 

temperature is set to 1073 K, which is the closest temperature to the 

melting point. As shown in Fig. 4-25a, Ag atoms close to the matrix 

gradually cross the interface and enter the aluminum matrix, while Al 

atoms in the interface diffuse into the χ-AgMg interface phase in turn. 

Therefore, the χ-AgMg interface phase gradually dissolved during thermal 

exposure. On the contrary, the C interface phase in Fig. 4-25b shows high 

stability at high temperatures and the structure can hardly be destroyed, 

which is consistent with the experimental results. Therefore, the C 

interface phase can more effectively hinder the growth of θ′ precipitates 

than the χ-AgMg interface phase during long term thermal exposure. 

 

Figure 4-25 The AIMD results of χ-AgMg and C-AlMgSiCu interface phases 

calculated at 1073 K. The Ag and Al atoms crossing the layers are marked in red 

and purple, respectively  
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4.6.2 TEM investigation on the structure evolution of the χ-

AgMg interface phase 

TEM characterization and AIMD simulation results indicate that the 

structure of the χ-AgMg interface phase is prone to dissolve at high 

temperatures. The supersaturated Ag and Mg solute atoms generated after 

the dissolution of the χ-AgMg interface phase will form a thicker ξ-

AgMgAl phase at the boundary of the σ-Al5Cu6Mg2 phase. To observe the 

size and structure evolution of the χ-AgMg interface phase and the ξ-

AgMgAl phase during thermal exposure, the atomic-scale microstructure 

of the peak-aged alloy after thermal exposure at 210 ℃ for different times 

was characterized.  

Figs. 4-26 and 4-27 are the HAADF-STEM and EDX result of the σ-

Al5Cu6Mg2 phase in the alloy thermally exposed at 210 ℃ for 12 h, 

respectively. According to the atomic-resolution HAADF-STEM images, 

there are still many relatively large χ-AgMg interface phases at the θ′/Al 

interface, indicating the amount of dissolved χ-AgMg interface phases is 

small after thermal exposure for 12 h. The EDX result shown in Fig. 4-27 

indicates that no ξ-AgMgAl phase is found at the σ/Al interface after 

thermal exposure for 12 h. However, the EDX mapping and line scan data 

show an enrichment of Ag elements in the σ-Al5Cu6Mg2 phase, and the Ag 

element content is similar to the Mg element content. This result suggests 

that Mg solute atoms dissolved from the χ-AgMg interface phase into the 

aluminum matrix during thermal exposure, are used to form the σ phase. 

At the same time, the excess Ag solute atoms in the matrix will be enriched 

inside or on the surface of the σ-Al5Cu6Mg2 phase. When the enrichment 

concentration reaches a certain level, the ξ-AgMgAl phase rich in Ag and 

Mg elements will precipitate at the σ/Al interface. 
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Figure 4-26 (a) Low magnification HAADF-STEM image of the alloy thermally 

exposed for 12 h at 210 ℃. (b-f) HAADF-STEM images of different interface 

structures 

 

Figure 4-27 (a) and (d) are the HAADF-STEM images of the σ-Al5Cu6Mg2 phase in 

the alloy thermally exposed at 210 ℃ for 12 h. (b) and (e) are the EDX mapping 

results of the areas shown in (a) and (d), respectively. (c) and (f) are the line 

scanning results for the areas indicated by arrows in the (a) and (d), respectively 
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Figs. 4-28 and 4-29 illustrate the HAADF-STEM and EDX results of 

the σ-Al5Cu6Mg2 phase in the alloy after thermal exposure at 210 ℃ for 

24 h, respectively. According to the atomic-resolution HAADF-STEM 

images shown in Fig. 4-28, as the thermal exposure time increases, the 

number of the χ-AgMg interface phase at the θ′/Al interface decreases, 

while its proportion within the θ′-Al2Cu phase increases. At the same time, 

the size of the χ-AgMg interface phase decreases, indicating significant 

structural damage of the χ-AgMg interface phase during the 12 h to 24 h 

thermal exposure stage. 

 

Figure 4-28 (a) Low magnification HAADF-STEM image of the alloy thermally 

exposed for 24 h at 210 ℃. (b-f) HAADF-STEM images of different interface 

structures 

Combining with the EDX results of the σ-Al5Cu6Mg2 phase in Fig. 4-

29, it is evident that as the χ-AgMg interface phase gradually dissolves into 

the aluminum matrix, the content of Ag and Mg solute atoms in the matrix 

increases, resulting in an increase in the number of the σ-Al5Cu6Mg2 phase. 

Additionally, Fig. 4-29a-c demonstrates the segregation of Ag in the σ-
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Al5Cu6Mg2 phase is still significant, and the content of Ag is much higher 

than that in the σ phase in the alloy after 12 hours of thermal exposure, 

further confirming that the Ag solute atoms dissolved in the aluminum 

matrix will segregate to the surface or interior of the σ phase during 

thermal exposure.  

 

Figure 4-29 (a), (d) and (g) are the HAADF-STEM images of σ-Al5Cu6Mg2 in the 

alloy thermally exposed at 210 ℃ for 24 h. (b), (e) and (h) are the EDX mapping 

results of the areas shown in (a), (d) and (g), respectively. (c), (f) and (i) are the line 

scanning results for the areas indicated by arrows in the (a), (d) and (g), respectively 

Fig. 4-29d-f shows the EDX results of the σ phase with Ag-rich 

clusters on the surface. According to the line scan results, in the Ag-rich 

cluster part, the Mg also has certain fluctuations, indicating that the Ag-

rich cluster is ξ -AgMgAl phase. Furthermore, in regions without Ag 

clusters in the σ phase, the line scan results reveal a lower Ag segregation 

content compared to the regions without ξ-AgMgAl in the σ phase, 

suggesting that once the Ag segregation content reaches a certain level on 

the surface or interior of the σ phase, the excess Ag atoms will combine 
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with Mg atoms to form new ξ-AgMgAl phases on the surface of the σ 

phase, thereby consuming the previously segregated Ag atoms on the 

surface or interior of the σ phase. The EDX result of the σ/Al interface 

containing ξ-AgMgAl after thermal exposure for 24 h is shown in Fig. 4-

29g-i. The line scan result in Fig. 4-29i indicates that as the ξ-AgMgAl 

phase grows, the content of Ag atoms enriched on the surface or interior 

of the σ phase gradually decreases, eventually becoming lower than the 

Mg content in the σ phase. This indicates that as the ξ-AgMgAl phase 

grows, the Ag enriched on the surface or inside the σ phase is gradually 

consumed, resulting in a gradual decrease in the Ag enrichment content in 

the σ phase. 

Figs. 4-30 and 4-31 are the HAADF-STEM and EDX results of the 

σ-Al5Cu6Mg2 phase in the alloy after thermal exposure at 210 ℃ for 48 h, 

respectively. With the extension of the thermal exposure time to 48 h, the 

atomic resolution HAADF-STEM reveals that most of the χ-AgMg 

interface phases in the alloy dissolve and disappear. At the θ′/Al interface, 

there mainly exist the C-AlMgSiCu interface phase and smaller χ-AgMg 

interface phases, while larger and structurally non-uniform χ-AgMg 

interface phases are present inside the θ′-Al2Cu phase or at the interface 

between two θ′-Al2Cu phases. In addition, the line scan data in Fig. 4-31c 

demonstrates that in the alloy thermally exposed for 48 h, the Ag content 

enriched in the σ phase containing ξ-AgMgAl phases at the σ/Al interface 

is much lower than that in the σ phase in the alloy thermally exposed for 

12 h and 24 h, confirming that the Ag elements enriched in the σ phase are 

used to generate ξ-AgMgAl interface phases. Furthermore, the Ag content 

enriched in the σ phase is also lower than the Mg content, indicating that 

with the extension of the thermal exposure time, the Ag elements enriched 

on the surface or interior of the σ phase gradually decrease and are used 
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for the growth of ξ-AgMgAl phases at the σ/Al interface. Therefore, the 

EDX results under different thermal exposure conditions indicate that the 

σ-Al5Cu6Mg2 phase serves as the nucleation site for ξ-AgMgAl phases, 

which also explains why separate ξ-AgMgAl phases are not found inside 

the Al matrix. 

 

Figure 4-30 (a) Low magnification HAADF-STEM image of the alloy thermally 

exposed for 48 h at 210 ℃. (b-f) HAADF-STEM images of different interface 

structures 

 

Figure 4-31 (a) is the HAADF-STEM image of σ-Al5Cu6Mg2 in the alloy thermally 

exposed at 210 ℃ for 48 h. (b) is the EDX mapping result of the area shown in (a). 

(c) is the line scanning result for the area indicated by arrow in the (a) 
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In ex-situ TEM characterization, it was not observed where the 

structural damage of the χ-AgMg interface phase begins. To achieve an in-

situ observation of the structure evolution of the χ-AgMg interface phase, 

in-situ TEM heating experiments were conducted using DENS Solutions 

equipment. The DENS Solutions sample holder cannot directly place the 

TEM sample prepared by electropolishing. Therefore, it is necessary to use 

FIB to cut the area at the edge of the sample prepared by electropolishing 

and place it on the in-situ heating chip. To fix the selected sample, Pt is 

used to connect the cut sample to the surface of the chip. During fixation 

process, Pt may splash, resulting in Pt particles and C deposition on the 

sample surface. The contaminants containing Pt and C are difficult to 

remove by plasma cleaning, affecting the atomic resolution TEM 

observation. Therefore, in the final step of sample preparation by FIB, it is 

necessary to clean the contaminants on the sample surface. As the Ga ion 

beam has strong energy, it is easy to damage the precipitate structure192-194. 

Therefore, low voltage and low beam current should be used to avoid 

damage to the sample during the cleaning process. Fig. 4-32 shows the 

atomic resolution HAADF-STEM image of the in-situ heating sample 

prepared using FIB.  

 

Figure 4-32 Atomic resolution HAADF-STEM images of the χ-AgMg interface 

phase before in-situ heating experiment  
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After cleaning the sample surface with a low voltage and low beam 

current ion beam, the χ-AgMg interface phase still has a three-layer atomic 

column structure, with the two layers in contact with the θ′-Al2Cu phase 

and the aluminum matrix showing a bright-dark-bright alternating 

distribution, consistent with the structure of the χ-AgMg interface phase in 

the peak-aged state. That is, after cleaning with a low-current Ga ion beam, 

there is no significant damage in the χ-AgMg interface phase, which can 

be directly used for further in-situ TEM heating observation. 

Fig. 4-33 shows the atomic-resolution HAADF-STEM images of the 

same χ-AgMg interface phase after in-situ heating at 210 ℃ for different 

times. According to Fig. 4-33a, as indicated by the red arrows, the atom 

layer in the χ-AgMg interface phase near aluminum matrix exhibits a clear 

bright-dark-bright alternating distribution before in-situ heating. After 

heating to 210 ℃ for 10 min, as shown by the red arrow in Fig. 4-33b, the 

interface structure of the χ-AgMg interface phase in contact with the 

aluminum matrix changed. There is no obvious bright atomic column at 

the top red arrow, that is, the Ag atoms has diffused. Upon further heating 

to 20 min, as shown in Fig. 4-33c, the brightness of the outermost atomic 

columns in contact with the aluminum matrix is significantly reduced, 

while the inner atomic columns in contact with the θ′-Al2Cu phase still 

exhibit a bright-dark-bright alternating distribution. Therefore, during 

thermal exposure, the damage to the χ-AgMg interface phase is caused by 

the diffusion of Ag atoms in the outermost atomic columns in contact with 

the aluminum matrix, consistent with the results of AIMD simulations. As 

the in-situ heating time increases, the brightness of the outermost atomic 

columns in the χ-AgMg interface phase further decreases, and the 

brightness at the top of the χ-AgMg interface phase also gradually 

decreases according to Fig. 4-33d. This indicates that after the outermost 
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atomic columns of the χ-AgMg interface phase are damaged, its protection 

of the inner columns and those in contact with the θ′-Al2Cu phase 

decreases, leading to gradual diffusion of the inner elements. When the in-

situ heating time reaches 95 min, as shown in Fig. 4-33f, the white arrow 

indicates the position of Ag atomic columns in the innermost layer of the 

χ-AgMg interface phase in contact with the θ′-Al2Cu phase. After heating 

for a long time, the brightness at this position gradually decreases and 

eventually becomes consistent with the Al matrix, indicating that the 

uppermost part of the χ-AgMg interface phase has completely dissolved 

into the matrix. 

 

Figure 4-33 Atomic resolution HAADF-STEM images of the χ-AgMg interface 

phase after in-situ heating at 210 °C for different times  

Combining the TEM in-situ heating experiments and the results of 

AIMD simulations, it is shown that in the early stages of high-temperature 

thermal exposure, Ag atoms in the outermost atomic column in contact 
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with the Al matrix gradually diffuses, leading to structural damage of the 

outermost atomic columns and consequently reducing their protection of 

the inner columns. As the thermal exposure time increases, Ag diffusion 

also occurs in the inner atomic columns of the χ-AgMg interface phase, 

leading to gradual structural damage of the χ-AgMg interface phase from 

the end towards the interior, ultimately dissolving into the matrix. In ex-

site TEM characterizations, the χ-AgMg interface phase in samples 

thermally exposed at 210 ℃ for different durations all disappeared from 

both ends, and no structure defects leading to the dissolution of the χ-

AgMg interface phase from the middle were observed, which verified the 

experimental results of the in-situ TEM heating. 

4.6.3 TEM investigation on the structure evolution of the C-

AlMgSiCu interface phase 

AIMD simulations have shown that the C-AlMgSiCu interface phase 

exhibits higher thermal stability during thermal exposure. To verify the 

accuracy of the AIMD results, ex-situ TEM research was conducted on 

samples thermally exposed at 210 ℃ for different times to investigate the 

thermal stability of C-AlMgSiCu interface phase. 

Fig. 4-34 shows the atomic-resolution HAADF-STEM image of the 

alloy after thermal exposure at 210 ℃ for 4 hours. The disordered L-

AlMgSiCu interface phase at the θ′/Al interface exhibits smaller size and 

no significant change. However, for the C-AlMgSiCu interface phase at 

the θ′/Al interface, its orientation differs from that in the peak-aged state. 

As shown in Fig. 4-34d, at the θ′/Al coherent interface, one side exhibits 

the χ-AgMg interface phase, while the other side shows an interface phase 

with lower brightness but a different structure from the C-AlMgSiCu 

interface phase along the [010]C zone axis. According to its atomic 
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arrangement, this interface phase is still the C-AlMgSiCu interface phase, 

but its growth direction is different, along the [001]C zone axis. Therefore, 

the structure of the C-AlMgSiCu interface phase along the [010]C zone 

axis shows no significant change after thermal exposure at 210 ℃ for 4 h, 

but a C-AlMgSiCu interface phase along the [001]C zone axis is observed 

at the θ′/Al coherent interface. 

 

Figure 4-34 HAADF-STEM images of the C/L-AlMgSiCu phase under different 

directions in the alloy thermally exposed at 210 ℃ for 4 h  

The atomic-resolution HAADF-STEM image of the alloy after 

thermal exposure at 210 ℃ for 12 h is shown in Fig. 4-35. With the 

increase in thermal exposure time, the size of the disordered L-AlMgSiCu 

interface phase at the θ′/Al interface gradually increases. That is, the 

thermal stability of the disordered L-AlMgSiCu phase decreases at 210 ℃. 

As for the C-AlMgSiCu interface phase at the θ′/Al coherent interface, the 

C-AlMgSiCu interface phases along both the [001]C and [010]C zone axes 
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are observed. However, the C-AlMgSiCu interface phase along the [010]C 

zone axis, which is the same as that in the peak aged state, is still the main 

type. 

 

Figure 4-35 HAADF-STEM images of the C/L-AlMgSiCu phase under different 

directions in the alloy thermally exposed at 210 ℃ for 12 h  

Fig. 4-36 shows the atomic-resolution HAADF-STEM image of the 

alloy after thermal exposure at 210 ℃ for 24 h. As the thermal exposure 

time continues to increase, there is no significant change in the type of C-

AlMgSiCu interface phase at the θ′/Al coherent interface compared to the 

alloy under short-term thermal exposure conditions. However, Fig. 4-36d 

indicates a trend of coarsening in the C-AlMgSiCu interface phase after 

thermal exposure for 24 h. As indicated by the white arrow, regular arrays 

of Cu atoms appear at the interface between the C-AlMgSiCu interface 

phase and the aluminum matrix, and the continuous aggregation of Cu 

atoms can promote the coarsening of the C-AlMgSiCu interface phase. 
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When the thermal exposure time is extended to 48 hours, the atomic-

resolution HAADF-STEM image, as shown in Fig. 4-37, reveals the 

appearance of a complete lattice structure of the C-AlMgSiCu phase at the 

lower end of the C-AlMgSiCu interface phase. This indicates a trend of 

growth in the C-AlMgSiCu interface phase during long-term exposure to 

210 ℃. In addition, after the alloy was thermally exposed at 210 °C for 24 

h and 48 h, C-AlMgSiCu interface phases growing in different directions 

were still present in the alloy. 

 

Figure 4-36 HAADF-STEM images of the C/L-AlMgSiCu phase under different 

directions in the alloy thermally exposed at 210 ℃ for 24 h  

The ex-situ TEM research of alloys under different thermal exposure 

conditions indicates that the growth direction of the C-AlMgSiCu interface 

phase changes during thermal exposure, transitioning from mainly along 

the [010]C zone axis in the peak-aged state to coexistence along both the 

[001]C and [010]C zone axes. However, the types are all C-AlMgSiCu 
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interface phases, further confirming the higher thermal stability of the C-

AlMgSiCu interface phase during thermal exposure. That is, the C-

AlMgSiCu interface can effectively inhibit the diffusion of elements, 

thereby suppressing the coarsening of the θ′-Al2Cu.  

 

Figure 4-37 HAADF-STEM images of the C/L-AlMgSiCu phase under different 

directions in the alloy thermally exposed at 210 ℃ for 48 h  

As for the C-AlMgSiCu interface phase growing along the [001]C 

zone axis, the structures shown in Figs. 4-34c and 4-37c show that it may 

be based on Cu atomic columns in the θ′-Al2Cu phase, and the growth 

direction change may be achieved through the diffusion of Mg/Si elements, 

but the specific growth mechanism still requires further investigation. 

Furthermore, even though the C-AlMgSiCu and disordered L-AlMgSiCu 

interface phases have high thermal stability, both interface phases exhibit 

a trend of coarsening after thermal exposure at 210 °C for 24 h. The 

coarsening of both interface phases requires the consumption of solute 
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atoms such as Cu, Mg, and Si, leading to the dissolution of smaller C/L-

AlMgSiCu interface phases, thereby reducing the number density and 

volume fraction of precipitates containing MgSiCu elements in the alloy. 

Therefore, the mechanical properties of the alloy still decreases after long-

term thermal exposure. 

Fig. 4-38 shows the EDX mapping and line scan results of the C-

AlMgSiCu interface phase along the [001]C zone axis after thermal 

exposure at 210 ℃ for 24 h. The results indicate that, consistent with the 

peak-aged state, the main elements are Mg and Si, with no significant 

enrichment of Ag elements. 

 

Figure 4-38 The EDX results of the C-AlMgSiCu interface structure under [001]C 

direction in the alloy thermally exposed at 210 ℃ for 24 h. (b) is the line scanning 

result for the area indicated by arrow in the (a). The small picture in (b) is a partial 

enlargement of the orange area 

The EDX result of different precipitates in the alloy after thermal 

exposure at 210 ℃for 24 h are shown in Fig. 4-39. The EDX results 

indicate that there is Ag segregation at the interface disordered L and Al 

matrix. The research of Weng et al.185, 195, 196 showed that the Ag tends to 

segregate at the interface between the precipitates such as L/QP1/Q′-

AlMgSiCu and the aluminum matrix in the over-aged state. Therefore, 
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during the thermal exposure process, the dissolution of the χ-AgMg 

interface phase leads to the presence of supersaturated Ag solute atoms in 

the aluminum matrix. Part of the supersaturated Ag solute atoms 

precipitates as the ξ-AgMgAl phase, while the other part enriches at the 

boundaries of the disordered L phase. As for the C-AlMgSiCu interface 

phase along the [010]C at the θ′/Al coherent interface, consistent with the 

results of the C-AlMgSiCu interface phase along the [001]C in Fig. 4-38, 

there is no significant Ag segregation at its interface. 

 

Figure 4-39 (a-b) Atomic-resolution HAADF-STEM image and EDX maps of the 

disordered L-AlMgSiCu phase in the matrix of the alloy thermally exposed at 

210 ℃ for 24 h. (c-d) Atomic-resolution HAADF-STEM image and EDX maps of 

the C/L-AlMgSiCu interface phases at the θ′/Al interface in the alloy thermally 

exposed at 210 ℃ for 24 h 
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4.7. Summary of this chapter 

In this chapter, based on CALPHAD, the content of each element in 

the Al-Cu-Mg-Ag-Si-Sc alloy was reasonably controlled, achieving a 

synergistic enhancement of strength and heat resistance in the Al-Cu-Mg-

Ag alloy. Furthermore, combined with multiscale characterization and 

first-principles calculations, the effects of different precipitate structures 

on mechanical properties and heat resistance were analyzed. The main 

conclusions are as follows: 

(1) The concept of constructing multiple interface segregation 

structure containing interface phases and segregation layers at the 

precipitate/matrix interface was proposed. Combined with CALPHAD, the 

alloy designed based on this concept achieved a yield strength of 400 MPa 

after thermal exposure at 200 ℃ for 100 h, with a strength retention rate 

of 97%. This sets a new record for the synergistic enhancement of strength 

and heat resistance in aluminum alloys. At the same time, the concept of 

constructing multiple segregation structure at the precipitate/matrix 

interface can provide references for the design of other heat-resistant 

materials. 

(2) A multiple interface segregation structure containing C/L-

AlMgSiCu interface phase, χ-AgMg interface phase, and Sc segregation 

layer was constructed at the θ′/Al coherent and semi-coherent interfaces in 

the designed alloy under peak-aged state. This multiple interface 

segregation structure effectively hindered the coarsening of θ′-Al2Cu 

phase during thermal exposure, thereby improving the heat resistance of 

the alloy. Moreover, the added Si promoted the formation of C/L-

AlMgSiCu phase in the early ageing stage, which further served as 

heterogeneous nucleation sites for θ′-Al2Cu phase, promoting the 

precipitation of θ′-Al2Cu phase and enhancing the room temperature 
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mechanical properties of the alloy, ultimately achieving a synergistic 

enhancement of strength and heat resistance. 

(3) The χ-AgMg interface phase is a newly discovered three-layer 

atomic interface phase. Based on atomic resolution HAADF-STEM and 

EDX data, a crystal model of this structure was successfully constructed. 

Ex-situ/in-situ TEM characterization and AIMD calculations showed that 

Ag atoms near the aluminum matrix in the χ-AgMg interface phase were 

prone to diffuse into the matrix at high temperatures, causing the structure 

to gradually be destroyed and eventually dissolve into the matrix. However, 

the presence of the χ-AgMg interface phase can still inhibited the 

coarsening of θ′-Al2Cu phase to a certain extent. In contrast, the C-

AlMgSiCu phase has higher thermal stability can better hinder the 

coarsening of the θ′-Al2Cu phase during long-term thermal exposure. 

(4) After the χ-AgMg interface phase dissolves into the matrix, larger 

σ-Al5Cu6Mg2 and ξ-AgMgAl phases were formed. Combined with 

multiscale ex-situ TEM characterization, σ phase can act as nucleation 

sites, promoting the precipitation of ξ-AgMgAl phase. 
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Chapter 5. Revisiting the effect of Ag 
additions on Ω precipitation and heat 
resistance of Al-Cu-Mg-Si-Ag alloys 

5.1 Foreword 

In Chapter 4, the design process of heat-resistant aluminum alloy 

referenced the research of Gable et al.119, 197 on the effect of Mg/Si mass 

ratio on the precipitation behavior of Ω phase in Al-Cu-Mg-Ag-Si alloy. 

The results showed that when the Mg/Si mass ratio is less than 2, the 

precipitation of Ω phase will be completely inhibited. However, studies by 

Bai et al.81, 171 and Zhou et al.149 indicated that increasing the content of Ag 

can inhibit the formation of θ′-Al2Cu phase and promote the precipitation 

of Ω phase in Al-Cu-Mg-Ag alloy. Therefore, the increase of Ag content 

can inhibit the formation of θ′-Al2Cu phase and promote the precipitation 

of Ω phase198-200, while the addition of Si will inhibit the precipitation of 

Ω phase and promote the formation of θ′-Al2Cu phase. When Si and Ag 

are added to the alloy at the same time, their inhibition and promotion 

effects on the precipitation of Ω phase will compete. In addition, in the 

study of Gable et al.119, 197, the Ag content in the alloy was only 0.3 wt.%, 

which is relatively low. Therefore, it remains questionable whether simply 

increasing the Ag content in low Mg/Si mass ratio Al-Cu-Mg-Ag-Si alloys 

can promote the precipitation of the Ω phase. 

In this study, two groups of Al-Cu-Mg-Ag-Si alloys with different Ag 

contents, namely Al-4Cu-0.4Mg-0.2Si-0.5Ag and Al-4Cu-0.4Mg-0.2Si-

0.8Ag, were used to investigate the effect of Ag content in low Mg/Si mass 

ratio alloys on the precipitation behavior of the Ω phase and alloy 

properties. Quantitative results such as SEM, TEM, EBSD and mechanical 
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properties show that when the Mg/Si mass ratio in the alloy is less than 2, 

increasing the Ag content can promote the precipitation of Ω phase. Based 

on the above results, the critical conditions for the precipitation of Ω phase 

in Al-Cu-Mg-Ag-Si alloys are proposed, which helps us design a new heat-

resistant aluminum alloy system with different Ω/θ′ phase ratios according 

to service conditions. 

5.2 Mechanical properties of Al-Cu-Mg-Ag-Si alloys 

with low Mg/Si ratio 

As shown in Fig. 5-1a, in the early stage of ageing, the microhardness 

of the alloys increased rapidly, and the alloys with different Ag content 

both reached the peak aged state after 4 hours of ageing. The 

microhardness of 0.8Ag and 0.5Ag alloys under peak aged state are 165.79 

± 3.10 HV and 165.6 ± 3.83 HV, respectively. After reaching the peak 

ageing, the microhardness of both alloys gradually decreased with the 

extension of ageing time, while the 0.8Ag alloy showed a more significant 

decrease in the microhardness. 

 

Figure 5-1 Mechanical properties of different alloys. (a) is the microhardness of 

different alloys under different ageing conditions, and (b) shows the stress-strain 

curves of the peak aged alloys before and after thermal exposure 
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The stress strain curves of different alloys under different ageing 

conditions are shown in Fig. 5-1b. The yield strength of 0.8Ag and 0.5Ag 

alloys under peak aged state are 437 ± 13 MPa and 428 ± 9 MPa, 

respectively. When the peak aged alloys were thermally exposed at 210℃ 

for 100 h, the yield strength of 0.8Ag and 0.5Ag alloys drop to 199 ± 7 

MPa and 225 ± 1 MPa, respectively. That is, increasing the content of Ag 

could slightly improve the strength of the alloys under the peak ageing 

condition but reduces heat resistance of Al-Cu-Mg-Ag-Si alloys. As for the 

elongation of the alloys, Liang et al.201 and Li et al.20 reported that Si 

addition to the Al-Cu-Mg alloys would reduce the elongation of the alloys. 

Thus, the elongation of the 0.8Ag and 0.5Ag alloys under the peak ageing 

condition is relatively low, which is around 2%. After thermal exposure, 

the elongation of both alloys is increased as the tensile properties decrease. 

5.3 Multi-scale microstructure of Al-Cu-Mg-Ag-Si 

alloys with low Mg/Si ratio 

5.3.1 Micro scale structures of the alloys after solid solution 

treatment 

The micro scale constitutes and corresponding EDX spectra of the 

0.8Ag and 0.5Ag alloys are shown in Fig. 5-2a and Fig. 5-2b, respectively. 

After the homogenization heat treatment, most of the micro scale 

constituents had been dissolved to the Al matrix, thus there is a small 

number of dot-like micro-scale constituents in both alloys. According to 

the calculated vertical section of the Al-Cu-Mg-Si-Ag quinary phase 

diagram in Fig. 5-3, ideally there should be no constituents in both alloys 

after homogenization heat treatment at 530 °C. The existence of the dot-

like constituents may be caused by the incomplete dissolution of the micro-

scale constituents in the alloy due to the insufficient homogenization time. 
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The EDX spectra shown in Fig. 5-2 show that the dot-like constituents 

contain Al, Cu and Ag. However, due to the small size of the constituents, 

the EDX results may be influenced by matrix composition. The detected 

content of Ag in the matrix is about 2.3 at. %, which is higher than that in 

the dot-like constituents. Therefore, the Ag was dissolved in the matrix 

almost completely in both alloys after homogenization, and the 

constituents might be the Al2Cu phase 101.  

 

Figure 5-2 Microstructure of (a) 0.8Ag alloy and (b) 0.5Ag alloy after 

homogenization heat treatment 

 

Figure 5-3 Vertical section at the composition Al-4Cu-0.4Mg-0.2Si-xAg (wt.%) 
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5.3.2 Nano scale precipitates under peak ageing 

According to the HAADF-STEM images and HRTEM images shown 

in Fig. 5-4, there are Ω, θ′-Al2Cu and L-AlMgSiCu (the disordered version 

of C-AlMg4Si3Cu phase, also named QP2 or Q″)112, 191, 202 precipitates in 

the 0.8Ag alloy, while no Ω phase has been found in the 0.5Ag alloy under 

different zone axes.  

 

Figure 5-4 The nano-scale precipitates in the different alloys under peak aged state. 

(a) and (c) are the HAADF-STEM images of 0.8Ag alloy along [110]Al and [001]Al 

zone axes, respectively. (b) and (d) are the HRTEM images of Ω phase and θ′-

Al2Cu in 0.8Ag alloy along the two axes, respectively. (e) and (g) show the 

HAADF-STEM images of 0.5Ag alloy along these two axes, and the HRTEM 

images of θ′-Al2Cu are shown in (f) and (h), respectively. The corresponding fast 

Fourier transform (FFT) patterns are inserted in the HRTEM images.  

Therefore, it has been concluded that not only Mg/Si but also Ag 

content can affect the precipitation of Ω phase in Al-Cu-Mg-Ag-Si alloys. 

According to the statistical results measured using HAADF-STEM images 

of 0.8Ag alloy under peak aged state, the numbers of Ω and θ′-Al2Cu 

precipitates in the same area are 83 and 289, respectively. The Ω and θ′-
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Al2Cu precipitate on the {100}Al and {111}Al habit planes, respectively. 

When the zone axis of the observed areas is [011]Al, the θ′-Al2Cu 

precipitates grown on the (100) plane and the Ω precipitates grown on the 

(111
_

) and (1
_

11
_

) planes can be observed. Therefore, when the thickness is 

not considered, the numbers of observed θ′-Al2Cu and Ω precipitates are 

1/3 and 1/2 of total numbers of θ′-Al2Cu and Ω precipitates, respectively. 

Thus, the actual number of θ′ phases is 867, and that of Ω phases is 166 

(see Tab. 5-1). 

Table 5-1 The number of different precipitates in the same large region in 0.8Ag 

alloy under peak ageing 

 θ′ Ω θ′ + Ω 

Observed 289 83  

Actual 867 166 1033 

Percentage 83.9% 16.1% 100% 

Ag and Mg elements will not only segregate at the Ω/Al interface, but 

also at the θ′/Al interface. Fig. 5-5 shows the EDX elemental maps of 

precipitates in different alloys. In addition to evenly distributed AgMg 

segregation layers at the Ω/Al interface, the unevenly distributed AgMg 

segregation layers were also found in the 0.8Ag alloy, while there were 

only unevenly distributed AgMg segregation layers in the 0.5Ag alloy. The 

atomic structure of the unevenly distributed AgMg segregation layers 

observed in 0.8Ag alloy was shown in Fig. 5-6. There are three atom layers 

in the newly discovered AgMg interface phase. The Ag (bight) and Mg 

(dark) atomic columns alternately arrange in each of the 1st and 3rd layers 

while the 2nd layer is comprised of alternative Ag (bight) and Ag+Mg (less 

bight) columns. That is, the unevenly distributed AgMg segregation layers 

in 0.8Ag and 0.5Ag alloys are also the recently discovered χ-AgMg 

interface phase.  
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Figure 5-5 The HAADF images and EDX elemental maps of nano-scale precipitates 

in different alloys. (a) and (e) show the HAADF-STEM images in 0.8Ag alloy 

along [110] and [001] zone axes, while (b-d) and (f-h) show the corresponding EDX 

elemental maps, respectively. The precipitates in 0.5Ag alloy along [001] zone axis 

is shown in (i), while the corresponding EDX elemental maps are shown in (j-l).  

 

Figure 5-6 The atomic resolution HAADF-STEM images of the χ-AgMg interface 

phase at the θ′/Al interface in peak aged 0.8Ag alloy. The crystal information of 

interface structure containing χ-AgMg is inserted in (b). 
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In addition to the χ-AgMg interface phase at the θ′/Al interface, there 

are C/L-AlMgSiCu interface phases. As shown in Fig. 5-7, the C-

AlMgSiCu interface phase exists at the coherence θ′/Al interface, while 

the disordered L-AlMgSiCu phase with interrupted C unit cells 

precipitates at the edge of the θ′-Al2Cu. Marioara et al.168 reported that the 

disordered L-AlMgSiCu had high thermal stability, thereby improving the 

heat resistance of alloys. Therefore, there are multiple interface structures 

including χ-AgMg and C/L-AlMgSiCu at the coherence/semi-coherence 

θ′/Al interface in both alloys. Based on the work in Chapter 4, the multiple 

interface structures had been proven to be effective in inhibiting the 

coarsening of θ′-Al2Cu, thereby improving the heat resistance of the alloys. 

It was also found the C interface phase is quite tough during thermal 

exposure. 

 

Figure 5-7 The atomic resolution HAADF-STEM images of the θ′-Al2Cu with C-

AlMgSiCu interface phase in peak aged 0.8Ag alloy. The crystal information of C 

phase is inserted in (b). 

5.3.3 Nano scale precipitates after thermal exposure 

Similar to the alloys in peak-aged state, as shown in Fig. 5-8, Ω still 
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only exists in the 0.8Ag alloy, while there are θ′-Al2Cu phases in both 

alloys after thermal exposure.  

 

Figure 5-8 The nano-scale precipitates in the different alloys after thermal 

exposure. (a) is the HAADF-STEM image of 0.8Ag alloy along [011]Al. (b) and (c) 

are the HRTEM images in 0.8Ag alloy along [011]Al and [001]Al, respectively. (d) 

shows the HAADF-STEM image of 0.5Ag alloy along [011]Al, and the HRTEM 

images along [011]Al and [001]Al are shown in (e) and (f), respectively. The 

corresponding Fast Fourier Transform (FFT) patterns are inserted in the HRTEM 

images. 

However, the statistic results for 0.8Ag alloy, as given in Tab. 5-2, 

shows that the percentage of Ω phase drop significantly from 16.1% to 2.4% 

after thermal exposure heat treatment. According to Figs. 5-8, 5-9 and 5-

10, in addition to θ′-Al2Cu, the square σ-Al5Cu6Mg2 
109, ξ-AgMgAl, 

irregularly shaped AgMg phase and lath-like Q′-Al3Cu2Mg9Si7 
191 

precipitated in both alloys during thermal exposure heat treatment. That is, 

the thin χ-AgMg interface phase also disappeared and the thick ξ-AgMgAl 
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interface phase (shown in the white dashed box in Fig. 5-10a) precipitated 

at the σ/Al interface after thermal exposure.  

Table 5-2 The number of different precipitates in the same large region in 0.8Ag 

alloy after thermal exposure 

 θ′ Ω θ′ + Ω 

Observed 1714 62  

Actual 5142 124 5266 

Percentage 97.6% 2.4% 100% 

 

Figure 5-9 TEM images and EDX elemental maps of precipitates in 0.8Ag 

alloy after thermal exposure. (a) is the HAADF STEM image. (b-d) are the 

corresponding EDX elemental maps of the area marked by the white dashed box. 

(e) shows the HRTEM image along [001]Al, while the corresponding EDX 

elemental maps of e are shown in (f-h), which is marked by the white dashed box. 

The corresponding Fast Fourier Transform (FFT) pattern of Q′ marked by orange 

dashed box is inserted in (e). 

In addition, Ding et al.191 reported that the L-AlMgSiCu (or termed 

QP2) phase is the precursor phase of Q′-Al3Cu2Mg9Si7. That is, the 

independently L-AlMgSiCu and C/L-AlMgSiCu interface phase 
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precipitated during the artificial ageing heat treatment gradually grew and 

transformed to Q′-Al3Mg9Si7Cu2. Furthermore, the size of Q′-

Al3Mg9Si7Cu2 is larger than that of L-AlMgSiCu by comparing Fig. 5-8 

with Fig. 5-4. Therefore, the phase transition during the thermal exposure 

heat treatment gradually led to a decrease in the number density of L-

AlMgSiCu at semi-coherence θ′/Al interface and partly destroyed the 

multiple interface structures. As a result, the corresponding inhibiting 

effect on coarsening of θ′-Al2Cu is reduced, resulting the significantly 

decline in the mechanical properties of both alloys after thermal exposure. 

 

Figure 5-10 HAADF-STEM images and EDX elemental maps of precipitates in 

0.8Ag alloy after thermal exposure. (a) and (e) are the HAADF STEM images, (b-

d) and (f-g) show the corresponding EDX elemental maps. 

5.4 Anomalous decrease in heat resistance due to 

increase of Ag content 

The tensile test results show that increasing the content of Ag in Al-

Cu-Mg-Ag-Si alloys improves the yield strength of the alloys, but reduces 

the heat resistance of the alloys. As for the age hardenable aluminum alloys, 

the yield strength of the alloys at room temperature could be calculated by 
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the following equation203-208:  

 y ss g ppt   = + +   (5-1) 

where the σy is the total strength of the age hardenable aluminum alloy, σss 

and σg represent the solid solution strengthening effect and the grain size 

strengthening effect, respectively. σppt is the contribution of precipitation 

strengthening to the overall strength. 

According to the Tab. 2-1, the contents of main solute elements except 

Ag are similar in different alloys. In addition, under peak aged state, the 

supersaturated solute elements basically form different types of 

precipitates or AgMg segregation layers. Therefore, the remaining 

contents of solute elements in the matrix of both alloys are similar and the 

contribution of solid solution strengthening (σss) is almost the same in both 

0.8Ag and 0.5Ag alloys. Meanwhile, the grain size of different alloys is 

shown in Fig. 5-11. After rolling process and artificial ageing heat 

treatment, the grain size of the 0.8Ag alloy is consistent with that of 0.5Ag 

alloy. That is, the contribution of grain size strengthening (σg) is similar in 

both 0.8Ag and 0.5Ag alloys. Therefore, the superior strength of the 0.8Ag 

alloy over the 0.5Ag alloy under the peak aged state is mainly due to the 

difference in precipitation strengthening. 

 

Figure 5-11 The EBSD inverse pole images of 0.8Ag and 0.5Ag alloys under peak 

aged condition. The average grain diameter of (a) 0.8Ag and (b) 0.5Ag alloys are 

201 ± 111 and 180 ± 99 μm, respectively. 
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As shown in Fig. 5-4, θ′-Al2Cu and L-AlMgSiCu phases are present 

in both 0.8Ag and 0.5Ag alloys, while Ω phase is present only in the 0.8Ag 

alloy. In addition, the content of Si in 0.8Ag alloy is consistent with that in 

0.5Ag alloy. Therefore, the volume fraction of L-AlMgSiCu phase is 

similar in both 0.8Ag and 0.5Ag alloys as only L-AlMgSiCu phase 

consume Si content during artificial ageing heat treatment. Fig. 5-12 shows 

the diameter distribution of θ′-Al2Cu and Ω phase in both alloys under 

peak aged state.  

 

Figure 5-12 The diameter distribution of θ′-Al2Cu and Ω phase in different alloys, 

under peak aged state and thermally exposed state.  

The average diameter of Ω phase is 22.7 ± 13.2 nm, while the average 

diameters of θ′-Al2Cu in 0.8Ag and 0.5Ag alloys are 36.6 ± 12.7 nm and 

34.8 ± 12.8 nm, respectively. As mentioned above, the main body (i.e., 

core) of Ω phase is an orthorhombic Al2Cu 48 (space group: Fmmm，a = 

0.496 nm, b = 0.859 nm and c = 0.848 nm), while the θ′ is an Al2Cu phase 

with tetragonal structure 209, 210 (space group I4/mmm, a = 0.404 nm, c = 

0.580 nm). Therefore, the Ω core has the same composition as the θ′ phase. 
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In addition, the diameter of Ω phase is smaller than that of θ′ phase in the 

0.8Ag alloy. As a result, it is speculated that a larger number of fine Ω 

precipitates and coarse θ′ precipitates can be generated in the 0.8Ag alloy, 

than the coarsen θ′ precipitates in the 0.5Ag alloy, as the two alloys have 

highly similar amounts of solutes (except for Ag) in the supersaturated 

solid solution and almost the same size for θ′ precipitates. Thus, the total 

number density of precipitates is higher in the 0.8Ag alloy, improving its 

yield strength. 

After heat exposure treatment at 210 ℃ for 100 h, the yield strength 

of the 0.8Ag alloy turned to be lower than those of the 0.5Ag alloy. Before 

the thermal exposure process, both alloys were in the peak aged state, i.e., 

almost all solutes in the initial SSSS aggregated to form precipitates. 

Therefore, the subsequent thermal exposure process is the coarsening 

period of the precipitates. Hutchinson et al.9 reported that the thickening 

kinetics of Ω phase increased when the temperature was above 200 ℃. The 

statistic results in Tabs. 5-1 and 5-2 support that Ω phase is prone to 

coarsening under 210 °C thermal exposure heat treatment, leading to a 

rapid decrease in the number density of Ω phase. Therefore, the more 

obvious decrease in the number density of precipitates in 0.8Ag alloy than 

that in 0.5Ag alloy leads to the more obvious decline in strength of 0.8Ag 

alloy. 

5.5 Facilitating effect of Ag on Ω phase precipitation 

in Al-Cu-Mg-Ag-Si alloys 

The current work reveals that increasing the content of Ag will 

promote the precipitation of Ω phase in Al-Cu-Mg-Ag-Si alloys even with 

a low mass ratio of Mg/Si. According to TEM characterization results, the 

addition of Si to Al-Cu-Mg-Ag-Si alloys will promote the precipitation of 
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C/L-AlMgSiCu phase at the very early stage of ageing, which will 

consume Mg atoms (labeled as MgC) in the supersaturated solid solution. 

Then, the remaining Mg atoms (labeled as Mgexcess) in the supersaturated 

solid solution will combine with Ag to form AgMg interface phase at θ'/Al 

interface or/and AgMg segregation layers at Ω/Al interface. C phase has a 

monoclinic structure with the atomic composition of AlMg4Si3Cu 169 

(space group P21/m, a = 1.032 nm, b = 0.405 nm, c = 0.810 nm, β = 100.9°). 

However, as shown in Fig. 5-7a, the L-AlMgSiCu is disordered, which 

means the actual atomic Mg/Si ratio of L-AlMgSiCu is deviating from that 

of C-AlMgSiCu. Using atom probe tomography (APT), Ding et al. 191 and 

Torsæter et al. 211 detected that the atomic Mg/Si ratio in L-AlMgSiCu is 

about 1. In addition to the L-AlMgSiCu phase, there are C-AlMgSiCu 

interface phases with regular lattice in the alloys. Therefore, the atomic 

ratio of Mg to Si in C/L phase is set as 1.2 and the parameters in Tab. 5-3 

can be calculated according to the following Equations: 

 
( )

( ) 1.2* * ( )
( )

C

W Si
W Mg Ar Mg

Ar Si
=   (5-2) 

 ( ) ( ) ( )excess CW Mg W Mg W Mg= −   (5-3) 

in which W(Mg)C is the part of Mg used to form the C/L phase, while 

W(Mg)excess is the remaining Mg in the supersaturated solid solution used 

to form the AgMg interface structure. The relative atomic masses of Mg, 

Si and Ag are represented by Ar(Mg), Ar(Si) and Ar(Ag), respectively. The 

actual content of Mg and Si elements in the supersaturated solid solution 

after solution heat treatment are marked using W(Mg) and W(Si), 

respectively. 

The contents of MgC, Mgexcess and corresponding Ag/Mgexcess atomic 

ratios of different Al-Cu-Mg-Ag-Si alloys, as well as their correlation to 
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the presence or absence of Ω phase in the aged alloys, are summarized in 

Tab. 5-3. When the mass ratio of Mg to Si in alloys is around 1.7, Ω phase 

only precipitates when the content of Ag is 0.8 with an Ag/Mgexcess atomic 

ratio of 1.12, while there is no Ω phase when the atomic ratio of Ag to 

Mgexcess in the alloys are 0.33, 0.73 and 0.80.  

Table 5-3 Summary of Ω precipitation in Al–Cu–Mg–Ag–Si alloys with a low 

Mg/Si ratio 

Composition  

(wt.%) 
W(Mg)/W(Si) 

MgC 

(wt.%) 

Mgexcess 

(wt.%) 

Ag/Mgexcess 

(atomic 

ratio) 

Ω  

Al-4.0Cu-0.4Mg-

0.2Si-0.3Ag119 
2 0.20 0.20 0.33 No 

Al-3.89Cu-0.4Mg-

0.24Si-0.49Ag 
1.67 0.25 0.15 0.73 No 

Al-4.15Cu-0.3Mg-

0.17Si-0.47Ag-0.1Sc  
1.76 0.17 0.13 0.80 No 

Al-3.66Cu-0.38Mg-

0.22Si-0.76Ag 
1.72 0.23 0.15 1.12 Yes 

Al-4.4Cu-0.3Mg-

0.7Ag-0.3Mn-0.2Ti-

0.50Si120 

0.73* 0.43 0 ∞ No 

* Represent the actual mass fraction of Mg to Si in the supersaturated solid solution 

after solution heat treatment. After calculation using CALPHAD, the actual 

composition of the supersaturated solid solution is Al-4.43Cu-0.30Mg-0.71Ag-

0.13Mn-0.12Ti-0.41Si (in wt.%) 

According to the APT results 35, the atomic ratio of Ag and Mg atoms 

in the co-AgMg clusters, which are the precursors of Ω-phase, is close to 

1. Therefore, it is inferred that only when the atomic ratio of Ag to Mgexcess 

in the supersaturated solid solution is greater than 1, it is possible to form 
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precursor co-AgMg clusters that can continue to convert to the Ω phase. 

When it comes to the Al-4.4Cu-0.3Mg-0.7Ag-0.3Mn-0.2Ti-0.50Si alloy, 

although the atomic ratio of Ag to Mgexcess is close to infinity, much higher 

than 1, there are still no Ω phases precipitated during artificial ageing. This 

is because all the content of Mg was consumed by the formation of C/L 

phase, there is no Mgexcess available to combine with Ag in the 

supersaturated solid solution. Therefore, another criterion that the Ω phase 

can precipitate is the presence of an appropriate amount of Mgexcess in the 

supersaturated solid solution. As mentioned above, the atomic ratio of Mg 

to Si in C/L phase is about 4:3, there will be Mgexcess in the supersaturated 

solid solution when the mass fraction of Mg to Si in the supersaturated 

solid solution is higher than 1.2. To ensure sufficient Mgexcess for the 

formation of co-AgMg clusters, the criterion of Mg/Si mass fraction in 

supersaturated solid solution is set as higher than 1.4. Therefore, only when 

the two criteria are met at the same time in alloys, W(Mg)/W(Si) > 1.4 and 

X(Ag)/X(Mgexcess) > 1, can the Ω phases precipitate. 

5.6 Summary of this chapter 

The influence of Ag content on Ω precipitation and heat resistance of 

the Al-Cu-Mg-Si-Ag alloys, with Mg/Si mass ratio lower than 2, has been 

investigated by SEM, EBSD, TEM and CALPHAD. The conclusions are 

as follows: 

(1) When the Mg/Si mass ratio in Al-Cu-Mg-Ag-Si alloys is lower 

than 2, increasing the content of Ag could still promote the precipitation of 

Ω phase during artificial ageing state. This is contrary to previous findings. 

However, the predominant precipitate is still the θ′-Al2Cu phase, in both 

alloys with 0.8 and 0.5 wt.% Ag. 

(2) For such alloys, new criterions of W(Mg)/W(Si) > 1.4 and 
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X(Ag)/X(Mgexcess) > 1 correspond to the formation of Ω phase, where 

Mgexcess denotes the remaining Mg solutes after the formation of precursory 

C/L phase.  

(3)  After artificial ageing of the alloy with 0.8 wt.% Ag at 180℃, 

the Ω precipitates are smaller than θ′-Al2Cu precipitates in both alloys. Ω 

phase, excluding its interfacial Ag-Mg layers, has the same composition as 

θ′-Al2Cu. Therefore, the formation of fine Ω precipitates increases the 

number density of the precipitates, improving the yield strength. 

(4) The Ω precipitates are more likely to coarsen than the θ′ with 

multiple interface structures during the thermal exposure treatment at 

210℃. This significantly reduces the number density of precipitates in the 

0.8Ag alloy and thus causes the abrupt deterioration of residual strength. 



 

142 

 

Chapter 6. Precipitation behavior of 
σ/Ω/θ′ phase in Al-Cu-Mg-Ag-Si 

Alloy 

6.1 Foreword 

The results of Chapter 5 indicate that increasing the Ag content in low 

Mg/Si mass ratio Al-Cu-Mg-Ag-Si alloys can promote the precipitation of 

the Ω phase. That is, there exists a mutual restriction relationship between 

Ag and Si on the precipitation of the Ω phase in Al-Cu-Mg-Ag-Si alloys. 

Liu et al.112 and Barlow et al.109 have reported that increasing the Mg 

content in Al-Cu-Mg-Si alloys can promote the formation of the σ-

Al5Cu6Mg2 phase. Gable et al.119 demonstrated that increasing Mg content 

in Al-Cu-Mg-Ag-Si alloys can promote the formation of the Ω phase, but 

the influence of Mg content on the precipitation of the σ-Al5Cu6Mg2 phase 

was not investigated. Therefore, further research is needed to determine 

whether increasing the Mg and Ag content simultaneously in Al-Cu-Mg-

Ag-Si alloys would lead to competition between the σ- Al5Cu6Mg2 and Ω 

phases. Moreover, the influence of different precipitates on the mechanical 

properties and heat resistance of the alloy is not yet clear and requires 

further investigation. Clarifying the relationship between the content of 

each element in Al-Cu-Mg-Ag-Si alloy and the precipitation behavior, 

mechanical properties and heat resistance of the alloy is helpful to deeply 

understand the influence of different types of precipitation on the strength 

and heat resistance of the alloy. 

In this study, the influence of Mg/Ag content on the precipitation 

behavior of the Ω, σ, and θ′ phases in Al-Cu-Mg-Ag-Si alloys and their 

heat resistance properties were investigated using four groups of alloys 
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with different Mg and Ag content. Mechanical properties and multiscale 

microstructure characterization results indicate that increasing Mg content 

can simultaneously promote the precipitation of the Ω and σ phases while 

inhibiting the precipitation of the θ′ phase. Moreover, simultaneous 

increase in Mg/Ag content can promote the precipitation of the Ω phase 

while inhibiting the precipitation of the σ and θ′ phases. Regarding the 

mechanical properties of the alloy, alloys mainly strengthened by the Ω 

phase exhibit excellent room temperature mechanical properties but poor 

performance under long-term high-temperature service conditions. On the 

other hand, alloys primarily strengthened by the θ′ phase with a multiple-

precipitate structure show lower room temperature mechanical properties 

but better performance under long-term high-temperature service 

conditions. Additionally, based on these results, critical conditions for the 

precipitation of σ/Ω/θ′ phases in Al-Cu-Mg-Ag-Si alloys are proposed, 

which helps us to select the appropriate alloy composition range based on 

different service conditions. 

6.2 Effect of Mg/Ag content on mechanical 

properties and heat resistance of alloys 

In this study, four groups of Al-Cu-Mg-Ag-Si alloys with different 

Mg/Ag elemental contents were utilized to investigate the influence of 

alloy composition on the precipitation sequence of the Ω phase, σ-

Al5Cu6Mg2 phase, and θ′-Al2Cu phase in the alloy. The specific alloy 

compositions are listed in Tab. 2-1. Based on the Mg and Ag contents in 

the alloys, the alloys were named 3M5A, 5M5A, 8M5A, and 8M8A, where 

"M" represents the Mg content and "A" represents the Ag content. For 

example, 3M5A denotes Mg and Ag elemental contents of 0.3 wt.% and 

0.5 wt.%, respectively. Fig. 6-1a illustrates the microhardness of different 
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alloys aged at 180 ℃ for different ageing times. According to the 

microhardness results, it can be observed that when the Ag content is 

constant, increasing the Mg content enhances the room temperature 

mechanical properties of the alloy. Moreover, further increasing the Ag 

content can enhance the strength of the alloys with high Mg content, 

indicating that increasing both Mg and Ag contents improves the room 

temperature mechanical properties of the alloy. Fig. 6-1b shows the 

microhardness results of peak-aged alloys after thermal exposure at 210 ℃ 

for different times. Increasing the Mg content enhances the room 

temperature mechanical properties of the alloy but leads to a rapid decline 

in strength during thermal exposure at 210 ℃. As for the high Ag content 

alloy 8M8A, although its strength decreases, its final strength after thermal 

exposure at 210 ℃ for 100 h still exceeds that of the low Ag content 8M5A 

alloy. That is, increasing the Mg content enhances the room temperature 

mechanical properties of the alloy but reduces its long-term service 

performance at high temperatures. Conversely, increasing the Ag content 

can simultaneously enhance the room temperature mechanical properties 

and heat resistance of the alloy. 

 

Figure 6-1 (a) The microhardness of different alloys under different ageing 

conditions. (b) The microhardness of different alloys after different durations of 

thermal exposure   
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In addition to long-term service at high temperatures, heat-resistant 

aluminum alloys also need to exhibit good tensile properties at high 

temperatures. Fig. 6-2 shows the tensile results of the four alloy groups 

tested at 210 ℃. According to the high-temperature tensile strength, the 

yield strengths of the 3M5A, 5M5A, 8M5A, and 8M8A alloy groups at 

210 ℃ are 289 ± 14 MPa, 292 ± 13 MPa, 296 ± 6 MPa, and 325 ± 7 MPa, 

respectively. That is, increasing the Mg content can improve the tensile 

properties of the alloy at 210 ℃ to a certain extent, but the 8M8A alloy 

with a higher Ag content has the most obvious improvement in tensile 

properties at 210 ℃. This may be attributed to the fact that in the peak-

aged state, alloys with high Mg/Ag content exhibit higher initial strength, 

and their strength decrease trend at high temperatures is lower than that of 

alloys with lower Ag content, ensuring that the 8M8A alloy maintains good 

high-temperature mechanical properties at 210 ℃. 

 

Figure 6-2 High temperature mechanical properties of different alloys tested at 

210 ℃  



 

146 

 

6.3 Multi-scale microstructure characterization of 

Al-Cu-Mg-Ag-Si alloy 

6.3.1 Micrometer scale microstructure 

8M8A alloy, with the highest content of alloying elements, was 

chosen as the sample to investigate the micron scale constituents during 

homogenization heat treatment. The as-cast microstructure in Fig. 6-3a-b 

reveals that the micron scale constituent is mainly dendritic AlCu-rich 

phase. After homogenization at 520 ℃ for 24 h, most of the dendritic 

micron scale constituents have dissolved into the matrix, leaving behind 

some scattered point-like constituents. 

 

Figure 6-3 (a-b) SEM images of the 8M8A alloy under as-cast state at different 

magnification. (c-d) SEM images of the 8M8A alloy after homogenization at 

different magnification. The EDX spectrum results are inserted in (b) and (d) 

Combining with the EDX results, these point-like micron scale 

constituents were identified as AlCuSc phase. According to the Tab. 2-1, 

the alloy used in this study contains a small amount of Sc, leading to the 
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formation of AlCuSc phases during homogenization. In addition, referring 

to the vertical cross-section phase diagram of Al - 4Cu - 0.5Ag - 0.2Si - 

0.1Sc – xMg alloys shown in Fig. 6-4, the melting temperature of the alloy 

gradually decreases with the increase in Mg content. When the Mg content 

reaches 0.8 wt.%, the melting point of the alloy is around 533 ℃. 

Considering the temperature fluctuation phenomenon during the actual 

heat treatment process, a homogenization and solution temperature of 520 ℃ 

was chosen. Therefore, the excessive presence of micro scale point-like 

constituents in the homogenized alloy might also be attributed to 

insufficient homogenization temperature or time, resulting in incomplete 

dissolution of the dendritic AlCu-rich constituents. 

 

 Figure 6-4 Vertical cross-section phase diagram of Al - 4Cu - 0.5Ag - 0.2Si - 0.1Sc 

- xMg alloy   

Fig. 6-5 shows the EBSD results of the 3M5A and 8M8A alloys after 

solution heat treatment. The average grain sizes of the 3M5A and 8M8A 

alloys are 45 ± 30 μm and 39 ± 25 μm, respectively, indicating that the 

grain sizes of the alloy plates are similar after rolling and solution heat 
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treatment. Therefore, grain boundary strengthening contributes similarly 

to the overall strength of the alloys used in this study. After aging heat 

treatment, the difference in strength between the alloys is mainly attributed 

to the differences in the types, number densities, and volume fractions of 

nano-precipitates in different alloys. 

 

Figure 6-5 EBSD results of the (a) 3M5A and (b) 8M8A alloys after solid solution 

treatment 

6.3.2 Nanoscale microstructure of alloy in peak aging state 

The variation in solute element content significantly alters the 

precipitation behavior of Al-Cu-Mg-Ag-Si alloys. Fig. 6-6 shows the 

HAADF-STEM images obtained along different zone axes of the four 

alloys in the peak-aged state. In the 3M5A alloy with low Mg content, the 

main strengthening phase is the plate-like θ′-Al2Cu phase. As the Mg 

content increases, the Ω phase and the σ-Al5Cu6Mg2 phase gradually 

precipitate. In the 8M5A alloy with higher Mg but lower Ag content, the 

precipitation of θ′-Al2Cu phase is suppressed, and the main strengthening 

phases is transformed into plate-like Ω phase and square-shaped σ-

Al5Cu6Mg2 phase. When the Ag content is further increased in the high 

Mg alloy, the precipitation of the σ-Al5Cu6Mg2 phase and the θ′-Al2Cu 

phase is completely suppressed, and the generation of the Ω phase is 
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promoted. Similar to the findings of Gable et al.119, it is demonstrated that 

increasing the Mg/Si mass ratio in Al-Cu-Mg-Ag-Si alloys enhances the 

precipitation rate of Ω phase. 

 

Figure 6-6 (a-d) HAADF-STEM images of 3M5A, 5M5A, 8M5A, and 8M8A alloys 

along [001]Al zone axis in peak aging states. (e-h) HAADF-STEM images of 

3M5A, 5M5A, 8M5A, and 8M8A alloys along [011] Al zone axis in peak aging 

states  

Therefore, altering the solute element content in Al-Cu-Mg-Ag-Si 

alloys can control the types of precipitates during the artificial ageing heat 

treatment. Increasing Mg content can suppress the formation of θ′-Al2Cu 

phase while promoting the precipitation of Ω phase and σ-Al5Cu6Mg2 

phase. Elevating Ag content can simultaneously inhibit the precipitation of 

σ-Al5Cu6Mg2 and θ′-Al2Cu phases while promoting the formation of Ω 

phase. The results from Chapters 4 and 5 of this study indicate that when 

the precipitation of Ω phase is suppressed in Al-Cu-Mg-Ag-Si alloys, Ag 

elements in the alloy form χ-AgMg interface phase at the θ′/Al coherent 

interface. Figs. 6-7 and 6-8 show the EDX mapping results at the θ′/Al 

interface and Ω/Al interface for different alloys. 
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Figure 6-7 (a) EDX maps of 3M5A alloy in peak-aged state. (b) EDX maps of 

5M5A alloy in peak-aged state. (c) EDX maps of 8M5A alloy in peak-aged state 

 

Figure 6-8 (a) EDX maps of 5M5A alloy in peak-aged state. (b) EDX maps of 

8M5A alloy in peak-aged state. (c) EDX maps of 8M8A alloy in peak-aged state 
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According to the EDX results, χ-AgMg and C-AlMgSiCu interface 

phases exist at the θ′/Al coherent interface in the 3M5A and 5M5A alloys 

with low Mg content. However, due to the small size and low number 

density of θ′-Al2Cu phases in the 8M5A alloy with higher Mg content, χ-

AgMg interface phase is not observed at the θ′/Al coherent interface. As 

shown in Fig. 6-8, increasing Ag content suppresses the precipitation of θ′-

Al2Cu phase in the 8M8A alloy, resulting in the formation of an AgMg 

segregation layer with a double atomic layer structure at the Ω/Al interface.  

Fig. 6-9 shows the atomic-resolution HAADF-STEM images of the 

θ′-Al2Cu phase interface structure in different alloys. The interface phase 

structure at the θ′/Al coherent interface is characterized as χ-AgMg and C-

AlMgSiCu interface phases. Thus, in the low Mg content 3M5A and 5M5A 

alloys, the presence of multiple segregation structures at the θ′/Al interface 

effectively inhibits the coarsening of θ′-Al2Cu, enhancing the heat 

resistance of the alloy. As for the phases precipitated at the semi-coherent 

interface, with the increase in Mg content, they gradually transition from 

the disordered L-AlMgSiCu phase to the disordered QP-AlMgSiCu phase 

and GPB zone. 

Fig. 6-10 is atomic-resolution HAADF-STEM images of precipitates 

containing MgSiCu, where blue triangles represent the C-AlMgSiCu unit 

cell structure, orange hexagons represent the Q′-AlMgSiCu unit cell 

structure, and green triangles represent the unit cell structure of the GPB 

zone. According to the Fig. 6-10, the nanoscale precipitates in the 3M5A 

alloy along the [001]Al direction mainly consist of the disordered L-

AlMgSiCu phase with excellent heat resistance, containing a small amount 

of the disordered QP1 phase with the Q′ unit cell structure. As for the 

5M5A alloy, the nanoscale precipitates along the [001]Al direction mainly 

consist of a composite disordered phase containing both L-AlMgSiCu and 
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QP1, indicating the coexistence of C and Q′ unit cells. The large amount 

of the QP1 phase makes it prone to phase transformation during 

subsequent high-temperature exposures, thereby reducing the heat 

resistance of the alloy. In the 8M5A alloy, besides the coexistence of L and 

QP1 disordered phases, there are also S-Al2CuMg phases and GPB zones. 

The presence of the S phase can effectively enhance the room-temperature 

mechanical properties of the alloy, but it tends to coarsen after 

temperatures exceed 150 ℃212, leading to a significant decrease in heat 

resistance. In the 8M8A alloy, the main nanoscale precipitates transform 

into a composite precipitate structure containing both C-AlMgSiCu unit 

cell and GPB zone. The larger S-Al2CuMg phase is less, which may be 

mainly due to the precipitation of the Ω phase, resulting in a large amount 

of Mg element being consumed. 

 

Figure 6-9 Atomic-resolution HAADF-STEM images of θ′/Al interface structures in 

the different alloys under peak-aged state. (a) and (d) 3M5A alloy. (b) and (e) 5M5A 

alloy. (c) and (f) 8M5A alloy 
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Figure 6-10 Atomic resolution HAADF-STEM images along the [001]Al zone axis 

of different alloys under peak-aged state. (a) and (e) 3M5A alloy. (b) and (f) 5M5A 

alloy. (c) and (g) 8M5A alloy. (d) and (h) 3M5A alloy 

To quantitatively analyze the content of different types of precipitates 

in the alloy, the number density and volume fraction of θ′-Al2Cu, Ω, and 

σ-Al5Cu6Mg2 phases in the different alloys were calculated based on the 

method shown in Fig. 6-11. As for the θ′-Al2Cu phase, the formula 

established by Nie et al.151 was used, which considers the difference in 

sample thickness (T) and the observed area (Afov) to correct the number of 

precipitates in the actual observation area. The specific formula is as 

follows: 
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Where N is the number of θ′-Al2Cu phases directly counted in the observed 
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area, N1 is the number of θ′-Al2Cu phases that cannot be directly observed, 

n and fv are the number density and volume fraction of the θ′-Al2Cu phase, 

d represents the average diameter of the θ′-Al2Cu phase, and Afov represents 

the area of the observed area. t is the thickness of the θ′-Al2Cu phase, and 

T is the thickness of the observed area in the TEM sample, which is 

calculated based on CBED. 

 

Figure 6-11 (a) The CBED pattern for calculating the foil thickness. (b) The linear 

fit graph of the relationship between
2 2/i ks n and 

21/ kn . (c) HAADF-STEM image 

for calculating the number and diameter of Ω phase. (d) HRTEM image for 

calculating the thickness of Ω phase 

After calculation, the number density and volume fraction of the θ′-

Al2Cu phase in different alloys are shown in Tab. 6-1. For the calculation 
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of the number density and volume fraction of the Ω phase, the relevant 

formulas have been established in the Chapter 3 of this work. Therefore, 

the number density and volume fraction of the Ω phase in different alloys 

can be directly calculated using formulas 3-1, 3-2, and 3-3. The calculation 

results are shown in Tab. 6-2. 

Table 6-1 The number density, volume fraction and corresponding parameters of θ′-

Al2Cu phase in peak-aged state 

 3M5A 5M5A 8M5A 8M8A 

d (nm) 37.2 ± 14.8 38.2 ± 15.0 26.4 ± 12.0 \ 

t (nm) 2.3 ± 0.6 2.5 ± 0.7 3.07 ± 0.7 \ 

T (nm) 130 ± 3.9 133 ± 4.0 118 ± 3.54 \ 

n (nm-3) 
3.08 ± 0.3 × 10-

6 

2.81 ± 0.2 × 

10-6 

0.58 ± 0.1 × 

10-6 

\ 

fv (%) 0.77 ± 0.06 0.79 ± 0.06 0.10 ± 0.01 \ 

Table 6-2 The number density, volume fraction and corresponding parameters of Ω 

phase in peak-aged state 

 3M5A 5M5A 8M5A 8M8A 

d (nm) \ 36.9 ± 19.2 47.5 ± 29.6 28.0 ± 17.7 

t (nm) \ 1.57 ± 0.31 1.5 ± 0.2 1.51 ± 0.33 

T (nm) \ 110 ± 3.3 56.1 ± 1.7 67 ± 2.01 

n (nm-3) \ 0.3 ± 0.1 × 10-6 1.8 ± 0.4 × 10-6 8.5 ± 1.3 × 10-6 

fv (%) \ 0.05 ± 0.01 0.48 ± 0.11 0.81 ± 0.12 

As for the σ-Al5Cu6Mg2 phase, it has a cubic structure, and its 

orientation relationship with the aluminum matrix conforms to [100]σ // 

[100]Al and (100)σ // (100)Al. When observed from the [100]Al zone axis, 

due to the nanoscale size of this precipitate phase and its thickness being 

much smaller than the actual thickness of the observed region, σ-

Al5Cu6Mg2 phases growing along the [100]Al, [010]Al, and [001]Al 

directions can all be observed. Therefore, the total number of σ-Al5Cu6Mg2 

phases counted using TEM images is the actual total number of σ-
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Al5Cu6Mg2 phases in the observed region, without the need for further 

correction of the actual quantity. Thus, based on the formula established 

by Nie et al.151 and optimized according to the actual orientation 

relationship, the formula for calculating the number density and volume 

fraction of the σ-Al5Cu6Mg2 phase is as follows: 

 
1 2d d d=    （6-4） 
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where d is the equivalent diameter of the σ-Al5Cu6Mg2 phase, and d1 and 

d2 are the lengths of the two sides of the same σ-Al5Cu6Mg2 phase. N is 

the number of σ-Al5Cu6Mg2 phases directly counted in the observation 

area, and T and Afov are the thickness and area of the observation area of 

the transmission electron microscope sample, respectively. n and fv 

represent the number density and volume fraction of the σ-Al5Cu6Mg2 

phase, respectively. The calculation results are shown in Tab. 6-3. 

Table 6-3 The number density, volume fraction and corresponding parameters of σ 

phase in peak-aged state 

 3M5A 5M5A 8M5A 8M8A 

d (nm) \ 17.2 ± 2.1 19.9 ± 2.2 \ 

T (nm) \ 133 ± 4.0 118 ± 3.54 \ 

n (nm-3) \ 0.11 ± 0.01 × 10-6 0.92 ± 0.01 × 10-6 \ 

fv (%) \ 0.06 ± 0.01 0.72 ± 0.01 \ 

The statistical results presented in Tabs. 6-1, 6-2, and 6-3 indicate that 

with the increase in Mg content, the number density of θ′-Al2Cu phases in 

the alloy gradually decreases, and the thickness of the θ′-Al2Cu phase 

gradually increases, while the number density of Ω phase and σ phase 
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gradually increases. When the Ag content is increased, the size of the Ω 

phase can be refined, while the growth of the σ phase will be inhibited. 

6.3.3 Nanoscale microstructure of alloy after thermal 

exposure 

Fig. 6-12 shows low-magnification HAADF-STEM images of the 

four peak-aged alloys after thermal exposure at 210°C for 100 h, which are 

used to analyze the size changes of the θ′-Al2Cu phase, Ω phase, and σ-

Al5Cu6Mg2 phase before and after thermal exposure. The main 

strengthening phase remains unchanged before and after thermal exposure 

in the 3M5A alloy, which is still the θ′-Al2Cu phase. When the increase of 

Mg content, as indicated by the EDX mapping results shown in Fig. 6-13, 

the 5M5A alloy still contains the θ′-Al2Cu phase, Ω phase, and σ-

Al5Cu6Mg2 phase after thermal exposure, but the number of the Ω phase 

notably decreases. As for the 8M5A alloy, the main precipitate remains the 

σ-Al5Cu6Mg2 phase, with minor amounts of the θ′-Al2Cu phase and Ω 

phase. Similarly, the amount of Ω phase also decreases significantly. In the 

high Mg and high Ag 8M8A alloy, the precipitate significantly changes 

before and after thermal exposure. At the peak-aged state, the main 

precipitate in the 8M8A alloy is the Ω phase and the GPB zone containing 

the C-AlMgSiCu unit cell along the [001]Al direction. With the increase of 

thermal exposure time, the Ω phase still exists in the alloy, but its number 

density decreases significantly, while larger precipitates of the S-Al2CuMg 

and σ-Al5Cu6Mg2 phases are precipitated along the [001]Al direction. 
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Figure 6-12 (a-d) HAADF-STEM images of 3M5A, 5M5A, 8M5A, and 8M8A 

alloys along [001]Al zone axis after thermal exposure. (e-h) HAADF-STEM images 

of 3M5A, 5M5A, 8M5A, and 8M8A alloys along [011] Al zone axis after thermal 

exposure   

 

Figure 6-13 EDX maps of (a)5M5A alloy, (b) 8M5A alloy and (c) 8M8A alloy after 

thermal exposure, respectively.  
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Fig. 6-14 is atomic resolution HAADF-STEM images of the 

precipitates in the different alloys grown along the [001]Al direction after 

thermal exposure. As for the low Mg content 3M5A alloy, similar to the 

peak-aged state, the main precipitate after thermal exposure is still the 

disordered L-AlMgSiCu phase, with only a small number of the combined 

L+QP1 disordered phase containing both C-AlMgSiCu and Q′-AlMgSiCu 

unite cell. In addition, the main precipitate consists of a combined 

disordered phase of L+QP1 and GPB zones in the peak-aged 5M5A alloy. 

After thermal exposure, both the L+QP1 disordered phase and the the GPB 

zone continue to grow and transform into larger Q′-AlMgSiCu and S-

Al2CuMg phases.  

Fig. 6-14c and 6-14g reveals that the 8M5A alloy is similar to the 

5M5A alloy, where the main precipitates at the peak-aged state are the 

L+QP1 disordered phase and the S-Al2CuMg/GPB composite precipitate. 

After thermal exposure, the precipitates gradually transform into the Q′-

AlMgSiCu and S-Al2CuMg phases. As for the 8M8A alloy, the main 

precipitates at the peak-aged state are the small-sized composite 

precipitates containing the C-AlMgSiCu unite cell and the GPB zone. 

These composite precipitates grow during thermal exposure, transforming 

into larger Q′-AlMgSiCu and S-Al2CuMg phases. Considering the low-

magnification HAADF-STEM images shown in Fig. 6-12, although the 

5M5A, 8M5A, and 8M8A alloys all contain larger precipitates of Q′-

AlMgSiCu and S-Al2CuMg phases after long term thermal exposure, there 

are significant differences in their number densities. As the Mg content 

increases, the number of the S-Al2CuMg phase with a coarser cross-

sectional area gradually increases. Therefore, in the three groups of 5M5A, 

8M5A and 8M8A alloys with lower thermal exposure performance, the 

rapid decrease in the number density of the Ω phase before and after 
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thermal exposure and the rapid coarsening of the precipitated phase along 

the [001]Al direction are the reasons for the significant decrease in the heat 

resistance of the alloy. 

 

Figure 6-14 Atomic resolution HAADF-STEM images along the [001]Al zone axis 

of different alloys after thermal exposure. (a) and (e) 3M5A alloy. (b) and (f) 5M5A 

alloy. (c) and (g) 8M5A alloy. (d) and (h) 3M5A alloy. The blue triangle is the C-

AlMgSiCu unit cell structure, and the orange regular hexagon is the Q′-AlMgSiCu 

unit cell structure 

6.4 Effect of precipitation phase type on strength and 

heat resistance of Al-Cu-Mg-Ag-Si alloy 

To analyze the influence of different types of precipitates on the 

strength and heat resistance of the alloy, it is necessary to quantitatively 

analyze the size changes of the θ′-Al2Cu phase, Ω phase and σ-Al5Cu6Mg2 

phase before and after thermal exposure. Low-magnification HAADF-

STEM images were used to statistically count the diameter or side length 

changes of the precipitates. The results are shown in Figs. 6-15, 6-16, and 

6-17.  

As shown in Fig. 6-15, under the peak-aged state, there is no 
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significant change in the size of the θ′-Al2Cu phase in the 3M5A and 5M5A 

alloys, while the size of the θ′-Al2Cu phase in the 8M5A alloy changes 

significantly. This is mainly attributed to the increase in Mg content, which 

promotes the precipitation of the Ω phase and σ-Al5Cu6Mg2 phase while 

inhibiting the precipitation of the θ′-Al2Cu phase. Consequently, a large 

amount of Cu solute atoms in the alloy are used for the precipitation of the 

Ω phase and σ-Al5Cu6Mg2 phase, leading to a decrease in the size of the 

θ′-Al2Cu phase. After thermal exposure, significant coarsening of the θ′-

Al2Cu phase is observed in the high-Mg 5M5A and 8M5A alloys, while no 

significant size change is observed in the low-Mg 3M5A alloy. The high 

thermal stability of the main strengthening phase, θ′-Al2Cu, ensures that 

the 3M5A alloy maintains high mechanical performance even after long 

term thermal exposure. 

Regarding the Ω phase, since the Ω phase in the 5M5A alloy is almost 

completely dissolved after thermal exposure at 210°C for 100 h, the size 

change of the Ω phase before and after thermal exposure in the 5M5A alloy 

was not statistically analyzed. As shown in Fig. 6-16, simultaneously 

increasing the Mg/Ag element content effectively refines the size of the Ω 

phase and increases its number density. After long term thermal exposure, 

significant coarsening of the Ω phase is observed in both alloys, but it is 

more pronounced in the high-Ag 8M8A alloy. This indicates that in high-

Mg alloys, the Ω phase is prone to coarsening during long term thermal 

exposure, leading to a rapid decline in alloy mechanical properties. For the 

σ-Al5Cu6Mg2 phase, the size statistical results show that it also coarsens to 

a certain extent before and after thermal exposure. 



 

162 

 

 

Figure 6-15 The diameter distribution of θ′-Al2Cu phase in different alloys before 

and after thermal exposure. The average diameter of the θ′-Al2Cu phase of different 

alloys under different heat treatment states is inserted 

 

Figure 6-16 The diameter distribution of Ω phase in different alloys before and after 

thermal exposure. The average diameter of the Ω phase of different alloys under 

different heat treatment states is inserted 
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Figure 6-17 The side length distribution of σ-Al5Cu6Mg2 phase in different alloys 

before and after thermal exposure. The average side length of the σ-Al5Cu6Mg2 

phase of different alloys under different heat treatment states is inserted 

Fig. 6-18 shows the isothermal section of the Al-Cu-Mg-0.5Ag-0.2Si-

0.1Sc alloy at 210°C. When the Cu content is 4 wt.%, the equilibrium 

phase containing MgSi gradually transitions from the Q-AlMgSiCu phase 

to the S-Al2CuMg phase in the alloy with increasing Mg content. In the 

3M5A alloy, the precipitates containing MgSi elements in the alloy are 

mainly the disordered L-AlMgSiCu phases and the C-AlMgSiCu interface 

phase at θ′/Al interface before thermal exposure. Both the L-AlMgSiCu 

phase and the C-AlMgSiCu interface phase exhibit high thermal stability, 

and their phase transformation rates are relatively slow. Therefore, there is 

no significant change in the size of the C/L-AlMgSiCu phase after thermal 

exposure. Consequently, the C/L-AlMgSiCu interphase phase existing at 

the θ′/Al interface in the 3M5A alloy can effectively inhibit the coarsening 

of the θ′-Al2Cu phase, thereby improving the heat resistance of the 3M5A 

alloy. 
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Figure 6-18 Isothermal section of Al-Cu-Mg-0.5Ag-0.2Si-0.1Sc alloy at 210 °C 

When the Mg content is increased to 0.5 wt.%, the main precipitate 

in the peak aged alloy is the L-QP1-GPB composite disordered precipitate 

phase. QP1 and GPB zone are easy to coarsen and grow during subsequent 

thermal exposure, transforming into larger Q′-AlMgSiCu phase and S-

Al2CuMg phase. The growth of precipitates leads to a reduction in the 

number density of the C/L-AlMgSiCu interface phase at the θ′/Al interface, 

weakening its inhibitory effect on the coarsening of the θ′-Al2Cu phase, 

resulting in an increase in the size of the θ′-Al2Cu phase. In addition, the 

growth of the L-QP1-GPB composite precipitate requires a higher number 

of solute atoms such as Mg and Cu, leading to the dissolution of the Ω 

phase in the alloy, further reducing the number density and volume fraction 

of precipitates in the alloy, thereby causing a rapid decrease in mechanical 

properties after long term high-temperature thermal exposure. 
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When the Mg content is increased to 0.8 wt.%, due to the 

consumption of Mg elements by the abundant σ-Al5Cu6Mg2 phase 

precipitated in the 8M5A alloy, the main precipitates at peak aging are still 

the L-QP1-GPB composite disordered precipitates. This composite 

precipitate phase coarsens during subsequent thermal exposure, 

transforming into larger-sized Q'-AlMgSiCu and S-Al2CuMg phases. In 

contrast, in the 8M8A alloy with high Ag content, the main precipitate at 

peak aging is the GPB zone, the precursor of the S-Al2CuMg phase, which 

is easy to grow further and transform into the S-Al2CuMg phase during the 

thermal exposure process. The growth of both the L-QP1-GPB composite 

disordered precipitate and the GPB zone in the two alloys requires a higher 

content of Mg/Cu elements, leading to the dissolution of the Ω phase in 

the alloy, reducing the number density of precipitates in the alloy, and 

consequently reducing the mechanical properties of the alloy after long 

term high-temperature thermal exposure. 

Moreover, for the 8M5A and 8M8A alloys, the σ-Al5Cu6Mg2 phase 

present in low Ag content alloys exhibits high thermal stability at elevated 

temperatures22. However, the σ-Al5Cu6Mg2 phase is a cubic particle. When 

it is dispersed in the matrix, the probability of hindering dislocation 

movement is less than that of the lath-shaped C/L/Q′-AlMgSiCu phase, the 

rod-shaped S-Al2CuMg phase, the disc-shaped θ′-Al2Cu phase and the Ω 

phase, resulting in a low contribution value of the σ phase to the 

mechanical properties. In the 8M5A alloy, the significant reduction in the 

density of Ω phase after long term thermal exposure leads to the 

predominant presence of the σ-Al5Cu6Mg2 phase. In contrast, in the 8M8A 

alloy, although the number density of the Ω phase also significantly 

decreases, the number of the rod-like S-Al2CuMg phase in the alloy 

increases significantly after long term thermal exposure. The strengthening 
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effect of S-Al2CuMg phase is superior to that of the cubic σ-Al5Cu6Mg2 

phase. Therefore, after long term thermal exposure, the strength of the 

8M8A alloy is higher than that of the 8M5A alloy. This indicates that 

although the σ-Al5Cu6Mg2 phase exhibits high thermal stability, its cubic 

shape has a poorer effect on dislocation hindrance, and it cannot serve as 

a beneficial precipitate phase in high-strength heat-resistant aluminum 

alloys. 

Furthermore, considering the mechanical properties of alloys under 

different heat treatment conditions and temperatures as shown in Figs. 6-1 

and 6-2, the low-Mg 3M5A alloy exhibits lower mechanical properties at 

room temperature in the peak-aged state. However, its performance does 

not show a significant decrease after long term thermal exposure at high 

temperature, allowing it to serve for extended periods at high temperatures. 

This is mainly attributed to the multiple interface structures containing χ-

AgMg interface phase, C/L-AlMgSiCu interface phase, and Sc segregation 

layer at the θ′/Al interface, which inhibits the coarsening of θ′ during high-

temperature thermal exposure. When the Mg content is increased, the rapid 

precipitation of the Ω phase improves the mechanical properties of the 

alloy at room temperature. However, the increase in Mg content promotes 

the precipitation of QP1, GPB, and S-Al2CuMg phases, which are prone 

to coarsening or phase transformation during aging, leading to rapid 

coarsening of precipitates in the alloy during thermal exposure. Moreover, 

to provide the solute atoms required for the growth of precipitates such as 

S-Al2CuMg, the Ω phase, which has low stability at 210°C, tends to 

dissolve. Therefore, high-Mg alloys have higher mechanical properties at 

room temperature but lower heat resistance after long term thermal 

exposure. Currently, in the Al-Cu-Mg-Ag system, increasing the Mg 

content is an important factor in improving the alloy's mechanical 
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properties at room temperature38. However, in high-Mg alloys, the phase 

transformation during long term thermal exposure leads to a rapid decline 

in performance, which is detrimental to the stability of components 

requiring long-term service. The results in Fig. 6-2 indicate that high-Mg 

alloys with a high content of the Ω phase still exhibit significant 

advantages in mechanical properties under short-term high-temperature 

service conditions. Therefore, high-Mg/Ag Al-Cu-Mg-Ag-(Si) alloys 

mainly strengthened by the Ω phase are more suitable for fabricating 

components that require short-term service but operate at high 

temperatures. Conversely, low-Mg Al-Cu-Mg-Ag-Si alloys containing 

multiple interfacial segregation structures are more suitable for 

components requiring long-term service at medium to high temperatures. 

6.5 Precipitation mechanism of σ/Ω/θ′ phase in Al-

Cu-Mg-Ag-Si alloy 

6.5.1 Precipitation mechanism of σ phase in Al-Cu-Mg-Ag-

Si alloy 

The presence of Si is crucial for the precipitation of the cubic σ-

Al5Cu6Mg2 phase in Al-Cu-Mg-Ag alloys109. However, there is no Si in 

the σ-Al5Cu6Mg2 phase. Currently, the mechanism by which Si promotes 

the precipitation of the σ-Al5Cu6Mg2 phase in Al-Cu-Mg-Ag alloys 

remains unclear. To analyze the effect of Si addition on the precipitation 

behavior of the σ-Al5Cu6Mg2 phase, the relationship between the 

equilibrium phase type and σ-Al5Cu6Mg2 phase in different Al-Cu-Mg-

(Ag)-Si alloys under heat treatment in the existing literature was calculated 

using Pandat software. The results are shown in Fig. 6-19, and the 

corresponding data used for Fig. 6-19 are presented in Tab. 6-4. 
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Figure 6-19 A schematic diagram illustrating the relationship between equilibrium 

phases and σ-Al5Cu6Mg2 at different aging temperatures for various alloys19, 20, 27, 

109, 113, 119, 120, 122, 166, 201, 213-222. All equilibrium phases for the alloys are based on heat 

treatment processes and alloy compositions obtained using Pandat software, as 

described in the referenced literatures 

As shown in Fig. 6-19, there is no presence of the σ-Al5Cu6Mg2 phase 

after aging heat treatment in Al-Cu-Mg alloys without Si. After adding Si 

elements to the alloy, not all Si-containing alloys exhibit the σ-Al5Cu6Mg2 

phase. When the equilibrium phases of the alloy after heat treatment is 

FCC + S + Mg2Si or FCC + θ + Q + (Mg2Si + Si), there is no σ-Al5Cu6Mg2 

phase present in the alloy. However, when the equilibrium phase 

composition is FCC + θ + Mg2Si or FCC + θ + Mg2Si + S, the σ-

Al5Cu6Mg2 phase is present in the alloy. 
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Table 6-4 The equilibrium phase parameters corresponding to each alloy shown in 

Fig.6-19 

composition 
Ageing 

temperature 
Equilibrium phase σ 

Al - 3.63Cu - 1.67Mg109 200/265 ℃ FCC + S N 

Al - 1.52Cu - 0.75Mg213 190 ℃ FCC + S N 

Al - 2.5Cu - 1.5Mg19 200 ℃ FCC + S N 

Al - 4Cu - 1.3Mg214 190 ℃ FCC + S + θ N 

Al - 3.98Cu - 0.52 Mg201 175/225 ℃ FCC + S + θ N 

Al - 4.0Cu - 0.4Mg119 250 ℃ FCC + S + θ N 

Al-4.46Cu-0.33Mg-0.68Ag- 

0.33Mn120 
190 ℃ 

FCC + θ + Al12Mn + 

AgAlMg + S 
N 

Al-4.46Cu - 0.33Mg - 

0.33Mn120 
190 ℃ FCC+θ+Al12Mn+S N 

Al- 4.14Cu - 0.65Mg - 0.76Mn20 160 ℃ FCC+Al12Mn+θ+S N 

Al - 4.0Cu - 0.4Mg - 0.2Si119 250 ℃ FCC + θ + Mg2Si Y 

Al-4.0Cu-0.4Mg-0.2Si-0.3Ag119 250 ℃ FCC + θ + Mg2Si Y 

Al-4.0Cu-0.4Mg-0.1Si-0.3Ag119 250 ℃ 
FCC + θ + Mg2Si + 

AgAlMg 
Y 

Al - 4Cu - 0.5Mg - 0.2Si - 0.5Ag 180 ℃ 
FCC+θ+Mg2Si+ 

AgAlMg 
Y 

Al - 2.5Cu - 1.5Mg - 0.1Si19 200 ℃ FCC + S + Mg2Si N 

Al - 2.5Cu - 1.5Mg - 0.25Si19 200 ℃ FCC + S + Mg2Si N 

Al - 3.63Cu - 1.67Mg – 0.5Si109 200/265 ℃ FCC+S+θ+Mg2Si Y 

Al - 2.5Cu - 1.5Mg - 0.5Si19 200 ℃ FCC+S+Mg2Si+θ Y 

Al - 3.0Cu - 1.8Mg - 0.5Si27 180 ℃ FCC+S+Mg2Si+θ N 

Al - 4Cu - 1.3Mg - 0.3Si214 190 ℃ FCC+S+θ+Mg2Si Y 

Al - 4Cu - 1.3Mg - 0.6Si214 190 ℃ FCC+S+Mg2Si+θ Y 

Al- 4.02Cu - 0.47Mg - 0.15Si201 175/225 ℃ FCC+θ+Mg2Si+S Y 

Al-1.52Cu- 0.75Mg-1.03Si213 190 ℃ FCC + Q + θ + Si N 

Al - 4.3Cu - 2.0Mg - 0.5Si216 190 ℃ FCC+S+θ+Mg2Si Y 
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Table 6-4 The equilibrium phase parameters corresponding to each alloy shown in 

Fig.6-19 (continued) 

composition 
Ageing 

temperature 
Equilibrium phase σ 

Al- 1.27Cu - 1.01Mg - 0.38Si217 170 ℃ FCC+S+Mg2Si+θ N 

Al - 4.0Cu - 0.51Mg - 0.17Si - 

0.1Sc215 
175/225 ℃ 

FCC + θ + S + Mg2Si 

+ ScSix 
Y 

Al - 4.0Cu - 0.4Mg - 0.1Si119 250 ℃ FCC+θ+Mg2Si+S Y 

Al - 4Cu - 0.8Mg - 0.2Si - 0.5Ag 180 ℃ 
FCC+θ+S+Mg2Si+ 

AgAlMg 
Y 

Al - 4.98Cu - 1.45Mg - 0.70Mn 

- 0.40Ag - 0.65Si - 0.13Fe218 
180 ℃ 

FCC + θ+ Mg2Si + S + 

AgAlMg 
Y 

Al - 4Cu - 0.8Mg - 0.2Si - 0.8Ag 180 ℃ 
FCC+θ+S+AgAlMg+ 

Mg2Si 
N 

Al - 4.2Cu - 1.45Mg - 0.70Mn - 

0.40Ag - 0.07Si - 0.13Fe218 
180 ℃ 

FCC + θ + S + 

AgAlMg + Mg2Si 
N 

Al - 1.52Cu - 0.75Mg - 

0.49Si213 
190 ℃ FCC + θ + Mg2Si + Q N 

Al - 4Cu - 1.3Mg - 0.9Si214 190 ℃ FCC+θ+Q+Mg2Si N 

Al - 3.92Cu - 0.58Mg - 0.39Si23 175 ℃ FCC+θ+Q+Mg2Si N 

Al - 4Cu - 0.3Mg - 0.2Si - 0.5Ag 180 ℃ FCC+θ+Q+Mg2Si N 

Al - 4.9Cu - 0.74Mg - 0.51Si - 

0.48Mn113 
170 ℃ 

FCC + θ + Al12Mn + 

Q + Mg2Si 
N 

Al - 3.8Cu - 1.0Mg - 0.70Si220 160 ℃ FCC+θ+Q+Mg2Si N 

Al - 4.4Cu - 0.68Mg - 0.58Mn - 

0.83Si - 0.24Fe219 
190 ℃ FCC+θ+Q+Mg2Si N 

Al - 4.41Cu - 0.69Mg - 0.64Si - 

0.52Mn - 0.12Fe221 
170 ℃ FCC+θ+Q+Mg2Si N 

Al - 5.0Cu - 0.6Mg - 0.5Si222 160 ℃ FCC+θ+Q+Mg2Si N 

Al - 5.0Cu - 0.3Mg - 0.3Si112 180 ℃ FCC + θ + Q + Si N 

Al - 4.42Cu - 0.34Mg - 0.66Ag - 

0.35Mn - 0.5Si120 
190 ℃ FCC + θ + S + Q + Si N 

Al-4Cu-0.7Mg-0.7Si- 0.74Mn20 160 ℃ FCC+θ+Al12Mn + Q N 

Al-1.52Cu-0.75Mg-0.76Si213 190 ℃ FCC + Q + θ + Si N 
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Comparing the equilibrium phases of several alloys with and without 

the presence of the σ-Al5Cu6Mg2 phase, it can be concluded that θ-Al2Cu 

and Mg2Si phases are key equilibrium phases for the precipitation of the 

σ-Al5Cu6Mg2 phase. Therefore, the presence of the σ-Al5Cu6Mg2 phase in 

the alloy is possible only when the equilibrium phases at the aging heat 

treatment temperature include θ-Al2Cu and Mg2Si phases. When the 

equilibrium phases lack θ-Al2Cu, indicating lower Cu content and higher 

Mg content in the alloy. The σ-Al5Cu6Mg2 phase, with a higher Cu/Mg 

atomic ratio compared to the S-Al2CuMg phase, requires more Cu. 

Therefore, in low-Cu alloys, the S-Al2CuMg phase is more likely to 

precipitate. When there is no Mg2Si in the equilibrium phase, it indicates 

either the absence of Si or relatively high Si content in the alloy, favoring 

the formation of the Q-Al4Cu2Mg8Si7 phase, which consumes more 

Cu/Mg elements, resulting in insufficient Cu/Mg elements in the alloy to 

precipitate the σ-Al5Cu6Mg2 phase.  

In alloys with equilibrium phases of FCC + θ + Mg2Si + S, two 

groups of deformed alloys did not produce the σ-Al5Cu6Mg2 phase before 

artificial ageing heat treatment. Niu et al.27 demonstrated that pre-strain-

induced dislocations promoted the nucleation of GPB zone, facilitating the 

precipitation of the S-Al2CuMg phase. The precipitation of the S-Al2CuMg 

phase consumes Cu/Mg elements, thereby inhibiting the precipitation of 

the σ-Al5Cu6Mg2 phase, indicating a competitive relationship between the 

σ-Al5Cu6Mg2 and S-Al2CuMg phases. The HAADF-STEM images of 

different alloys after aging heat treatment in Fig. 6-12 show that in the 

8M5A alloy with a higher density of σ-Al5Cu6Mg2 phase, there is a lower 

number of S-Al2CuMg phase after long term heat exposure. Conversely, 

in the 8M8A alloy with a lower density of σ-Al5Cu6Mg2 phase, there is a 

higher number of S-Al2CuMg phase after thermal exposure, further 
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confirming the competitive relationship between the σ-Al5Cu6Mg2 and S-

Al2CuMg phases. 

Fig. 6-20 shows the isothermal sections of Al-Cu-Mg-xSi alloys with 

different Si contents at 180 ℃. With the increase of Mg content, the phase 

boundary for the precipitation of the σ-Al5Cu6Mg2 phase shifts parallel to 

the right, while its slope remains constant. That is, the relationship between 

Mg, Si, and Cu elements at the phase boundary can be correlated by a 

single expression, aiding in directly determining the possible types of 

precipitates during artificial aging processes based on alloy composition, 

and subsequently enabling efficient alloy composition selection for service 

environments. 

 

Figure 6-20 Isothermal section of Al-Cu-Mg-xSi alloys with different Si element 

contents at 180 °C. (a) 0.2 wt.% . (b) 0.4 wt.%. (c) 0.6 wt.%. (d) 0.7 wt.% 

Based on the isothermal sections shown in Fig. 6-20 for different 

compositions, the critical conditions for the FCC + θ + Mg2Si and FCC + 

θ + Mg2Si + Q phase regions are W(Mg)/W(Si) ≈ 1.8, and for the FCC + 
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θ + Mg2Si + S and FCC + Mg2Si + S phase regions, the critical condition 

is W(Cu) = 2.7 × W(Mg) – 5 × W(Si). Therefore, when the alloy undergoes 

artificial ageing heat treatment at 180 ℃, the conditions for the 

precipitation of theσ-Al5Cu6Mg2 phase in the alloy are (1) W(Mg)/W(Si) > 

1.8 and (2) W(Cu) > 2.7 × W(Mg) – 5 × W(Si). In Al-Cu-Mg-Ag-Si alloys, 

when the alloy content satisfies these criteria, the σ-Al5Cu6Mg2 phase will 

precipitate. Conversely, when W(Mg)/W(Si) < 1.8, the alloy falls into the 

FCC + θ + Mg2Si + Q phase region, where the alloy mainly consists of the 

Q-phase precursor C/L/Q′-AlMgSiCu. Similarly, when W(Cu) < 2.7 × 

W(Mg) – 5 × W(Si), the alloy falls into the FCC + Mg2Si + S region, 

where Mg mainly combines with Cu to form the S-Al2CuMg phase. 

From the atomic resolution HAADF-STEM image of the σ-

Al5Cu6Mg2 phase in the peak-aged 8M5A alloy shown in Fig. 6-21, the 

C/L-AlMgSiCu phase exists at the σ/Al interface. The APT results in 

Chapter 4 indicate that the Si can promote the rapid precipitation of the 

C/L-AlMgSiCu phase. The preferentially precipitated C/L-AlMgSiCu 

phase not only serves as heterogeneous nucleation sites for the θ′-Al2Cu 

phase but also for the σ-Al5Cu6Mg2 phase, thereby facilitating the rapid 

precipitation of the σ-Al5Cu6Mg2 phase. 

 

Figure 6-21 Atomic resolution HAADF-STEM images of the σ-Al5Cu6Mg2 phase in 

the 8M5A alloy under peak-aged state. The C-AlMgSiCu phase unit cell structure 

exists at the σ/Al interface 
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Figs. 6-22 and 6-23 show the HAADF-STEM and EDX electron 

tomography reconstruction results of the peak-aged 8M5A alloy, 

respectively. Combining the Cu/Mg/Si element segregation positions in 

the EDX results with the contrast and position information in the HAADF-

STEM images at different angles, the lath-like L-AlMgSiCu phase, plate-

like θ′-Al2Cu phase, and cubic σ-Al5Cu6Mg2 phase coexist in the rod-

shaped samples prepared. The EDX and HAADF-STEM electron 

tomography reconstruction results indicate that the L-AlMgSiCu phase is 

in contact with the edge of the σ-Al5Cu6Mg2 phase. Therefore, the L-

AlMgSiCu phase precipitated in the early stages of artificial ageing can 

serve as heterogeneous nucleation sites to promote the precipitation of the 

σ-Al5Cu6Mg2 phase. 

 

Figure 6-22 The electron tomography characterization results of the 8M5A alloy 

under peak-aged state 
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Figure 6-23 The EDX electron tomography characterization results of the 8M5A 

alloy under peak-aged state 

6.5.2 Precipitation mechanism of Ω phase in Al-Cu-Mg-Ag-

Si alloy 

The content of Ag significantly influences the number density of the 

Ω phase in Al-Cu-Mg-Ag-Si alloys. For the 8M5A and 8M8A alloys with 

consistent Mg content, higher Ag content promotes the precipitation of the 

Ω phase, ensuring its role as the main strengthening phase. Fig. 6-19 

summarizes the relationship between the precipitation of the σ-Al5Cu6Mg2 

phase and the equilibrium phase composition in Al-Cu-Mg-Ag-Si alloys, 

where the equilibrium phases are ordered based on their phase fractions. 

In Fig 6-19, when the equilibrium phase of the alloy at the ageing 

temperature is FCC + S + θ + AgMgAl + Mg2Si, no σ-Al5Cu6Mg2 phase 

precipitates, and the main precipitate is the Ω phase. However, when the 

equilibrium phase of the alloy at the ageing temperature is FCC + θ + 

Mg2Si + AgMgAl, σ-Al5Cu6Mg2 phase will precipitate. That is, the 

relative fractions of AgMgAl and Mg2Si in the equilibrium phase are 

crucial for whether the Ω phase dominates in the alloy. The equilibrium 

phase AgMgAl contains both Ag and Mg elements, similar to the AgMg 
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segregation layer. Therefore, the equilibrium phase AgMgAl can be 

considered as a phase related to the Ω phase. Fig. 6-24 calculates the phase 

fractions of AgMgAl and Mg2Si in equilibrium in Al-Cu-Mg-Ag-Si alloys 

with different Si contents. When the Si content is consistent, changing the 

Ag element content results in no significant change in the phase fraction 

of Mg2Si, but the phase fraction of AgMgAl undergoes a significant 

change. According to the calculated results, when W(Ag)/W(Si) > 4, the 

phase fraction of AgMgAl at the ageing temperature exceeds that of Mg2Si 

in Al-Cu-Mg-Ag-Si alloys. Thus, W(Ag)/W(Si) > 4 is the critical condition 

for obtaining the Ω phase as the main precipitate in Al-Cu-Mg-Ag-Si 

alloys. Under the premise of meeting this critical condition, selecting an 

appropriate Mg content can result in Al-Cu-Mg-Ag-Si alloys with the Ω 

phase as the primary precipitate. 

 

Figure 6-24 The phase fraction for equilibrium phases AgMgAl and Mg2Si in Al-

Cu-Mg-Ag-Si alloys with different Si contents  
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6.6 Summary of this chapter 

In this chapter, four groups of Al-Cu-Mg-Ag-Si alloys were 

characterized using multiple scale structure analysis and mechanical 

properties. Combined with literature data and thermodynamic calculations 

by CALPHAD, the effects of Cu/Mg/Si/Ag elements on the precipitation 

behavior of the σ-Al5Cu6Mg2 phase and Ω phase in Al-Cu-Mg-Ag-Si 

alloys were analyzed. The effects of different precipitates on the strength 

and heat resistance of the alloys were summarized. The main conclusions 

are as follows:  

(1) Increasing the Mg content promotes the precipitation of the Ω 

phase and σ-Al5Cu6Mg2 phase while suppressing the precipitation of the 

θ′-Al2Cu phase in Al-Cu-Mg-Ag-Si alloys. Increasing Ag content will 

promote the precipitation of the Ω phase and inhibits the precipitation of 

the θ′-Al2Cu phase and σ-Al5Cu6Mg2 phase. 

(2) Comparing the effects of different precipitates on the long-term 

thermal exposure performance and high-temperature mechanical 

properties of the alloys, Al-Cu-Mg-Ag-(Si) alloys with Ω phase as the 

main strengthening phase are more suitable for the preparation of structural 

parts with short service life but high service temperature. Conversely, Al-

Cu-Mg-Ag-Si alloys with low Mg content containing multiple interface 

segregation structures at θ′/Al interface are better suited for components 

requiring long-term service at intermediate to high temperatures. 

(3) Based on CALPHAD results and literature data, the critical 

conditions for the precipitation of the σ-Al5Cu6Mg2 phase in Al-Cu-Mg-

Ag-Si alloys were summarized as follows: (1) W(Mg)/W(Si) > 1.8; (2) 

W(Cu) > 2.7 × W(Mg) – 5 × W(Si). When W(Mg)/W(Si) < 1.8, the main 

precipitate phase in the alloy will be the C/L/Q′-AlMgSiCu phase, which 

is precursor of equilibrium Q phase. When W(Cu) < 2.7 × W(Mg) – 5 × 
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W(Si), the alloy will generate precursors such as the GPB zone for the S-

Al2CuMg phase. Within the commonly used aging temperature range, 

there are no significant differences in the equilibrium phases of the alloy, 

making this criterion universally applicable. 

(4) Based on CALPHAD results and literature data, the critical 

conditions for promoting the precipitation of the Ω phase while inhibiting 

the σ-Al5Cu6Mg2 phase and θ′-Al2Cu phase in Al-Cu-Mg-Ag-Si alloys 

were summarized. When W(Ag)/W(Si) > 4, selecting an appropriate Mg 

content can result in Al-Cu-Mg-Ag-Si alloys with the Ω phase as the main 

precipitates. 
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Chapter 7. Summary 

In this work, the effects of aging heat treatment processes and alloy 

element compositions on the precipitation behavior, mechanical properties, 

and heat resistance of Al-Cu-Mg-Ag-(Si) alloys were investigated by 

combining the SEM, TEM, APT, microhardness test and tensile test and 

other characterization test methods with CALPHAD, first principle 

calculation and AIMD simulations. In addition, the critical conditions for 

the precipitation of the σ-Al5Cu6Mg2 phase, θ′-Al2Cu phase, and Ω phase 

in Al-Cu-Mg-Ag-Si were established. Moreover, A multiple interface 

segregation structure was constructed at the θ′/Al interface, achieving a 

synergistic improvement in the strength and heat resistance of the 

aluminum alloy. The main conclusions are as follows: 

(1) Based on the Kampmann-Wagner-Numerical theory, it is revealed 

that the relationship between the size of the Ω phase and the critical size 

( *

thermalr  ) of the Ω phaseat thermal exposure temperature is a key factor 

influencing the coarsening of Ω phase during thermal exposure. After 

artificial ageing heat treatment, when the size of the Ω phase in the alloy 

is smaller than the critical size *

thermalr , the rapid dissolution of smaller Ω 

phases leads to a significant decrease in the number density of Ω phases in 

the alloy, resulting in a notable reduction in heat resistance. However, 

when the size of the Ω phase is greater than or equal to the critical size 

*

thermalr , the coarsening rate of the Ω phase is consistent with the normal 

coarsening rate under thermal exposure temperature, but a larger initial 

size results in a larger final size after long-term thermal exposure. 

Therefore, the closer the size of the Ω phase in the alloy after artificial 

ageing is to the critical size at thermal exposure temperature, the better the 

heat resistance of the alloy. This discovery contributes to optimizing heat 
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treatment parameters in industrial production to achieve maximum heat 

resistance of the alloy while ensuring ageing strength. 

(2) The concept of constructing a multiple interface segregation 

structure at the precipitate/matrix interface is proposed. Alloys designed 

based on this concept exhibit a yield strength of 400 MPa after thermal 

exposure at 200 ℃ for 100 h, with a strength retention rate of 97%, setting 

a new record for the synergistic improvement of strength and heat 

resistance in aluminum alloys. A multiple interface segregation structure 

containing C/L-AlMgSiCu interface phase, χ-AgMg interface phase, and 

Sc segregation layer was constructed at the θ′/Al coherent and semi-

coherent interfaces in the designed alloy under peak-aged state. First-

principles calculations show that the C -AlMgSiC interface phase and χ-

AgMg interface phase can significantly reduce the formation energy of the 

θ′-Al2Cu phase and improve the stability of the θ′-Al2Cu phase. The 

addition of Si promotes the rapid precipitation of the C/L-AlMgSiCu phase 

in the early stages of artificial ageing, further acting as a heterogeneous 

nucleation site for the precipitation of the θ′-Al2Cu phase, increasing the 

density and volume fraction of the θ′-Al2Cu phase, and ultimately 

achieving a synergistic improvement in alloy strength and heat resistance. 

(3) The χ-AgMg interface phase is identified as a new interface 

structure. Based on atomic resolution HAADF-STEM and EDX data, a 

crystal model of this structure was successfully constructed. Combined 

with TEM characterization and first-principles calculations, it is revealed 

that the dissolution of the χ-AgMg interface phase during high-temperature 

exposure is caused by the diffusion of Ag elements in contact with the 

aluminum matrix. Furthermore, TEM results at different thermal exposure 

temperatures demonstrate that although the χ-AgMg interface phase 

gradually dissolves at high temperatures, it still partially inhibits the 
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coarsening of the θ′-Al2Cu phase, thereby improving the heat resistance of 

the alloy to some extent. 

(4) Using two groups of low Mg/Si ratio Al-Cu-Mg-Ag-Si alloys with 

different Ag contents, based on CALPHAD, multiple scale structure 

characterization and mechanical property tests, the critical conditions for 

the precipitation of the Ω phase in low Mg/Si ratio Al-Cu-Mg-Ag-Si alloys 

were updated as: W(Mg)/W(Si) > 1.4 and X(Ag)/X(Mgexcess) > 1. Here, 

X(Mgexcess) represents the atomic percentage of Mg remaining after the 

formation of the C/L-AlMgSiCu in supersaturated solid solution. This 

update enhances the understanding of the precipitation sequence and heat 

resistance performance of Al-Cu-Mg-Ag-Si alloys, facilitating the design 

of new heat-resistant aluminum alloy systems with different proportions 

of Ω/θ′ precipitate phases based on different service conditions. 

(5) Increasing the Mg and Ag contents promotes the rapid 

precipitation of the Ω phase and improves the room temperature 

mechanical properties of Al-Cu-Mg-Ag-Si alloys. However, in high 

Mg/Ag alloys, the Ω phase and the QP1/S phase coarsen rapidly during 

prolonged exposure at 210 ℃, leading to a rapid decline in alloy 

mechanical properties. Comparing the effects of different precipitates on 

the long-term thermal exposure performance and high-temperature 

mechanical properties of the alloys, Al-Cu-Mg-Ag-(Si) alloys with Ω 

phase as the main strengthening phase are more suitable for the preparation 

of structural parts with short service life but high service temperature. 

Conversely, Al-Cu-Mg-Ag-Si alloys with low Mg content containing 

multiple interface segregation structures at θ′/Al interface are better suited 

for components requiring long-term service at intermediate to high 

temperatures. 

(6) Based on CALPHAD results and literature data, the critical 
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conditions for the precipitation of the σ-Al5Cu6Mg2 phase in Al-Cu-Mg-

Ag-Si alloys were summarized as follows: (1) W(Mg)/W(Si) > 1.8; (2) 

W(Cu) > 2.7 × W(Mg) – 5 × W(Si). When W(Mg)/W(Si) < 1.8, the main 

precipitate phase in the alloy will be the C/L/Q′-AlMgSiCu phase, which 

is precursor of equilibrium Q phase. When W(Cu) < 2.7 × W(Mg) – 5 × 

W(Si), the alloy will generate precursors such as the GPB zone for the S-

Al2CuMg phase. In addition, the critical conditions for promoting the 

precipitation of the Ω phase while inhibiting the σ-Al5Cu6Mg2 phase and 

θ′-Al2Cu phase in Al-Cu-Mg-Ag-Si alloys were summarized. When 

W(Ag)/W(Si) > 4, selecting an appropriate Mg content can result in Al-

Cu-Mg-Ag-Si alloys with the Ω phase as the main precipitates. 
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