Faculteit Wetenschappen

Departement Fysica

Study of the effect of cation substitution on the local
structure and the properties of perovskites and

Li-ion battery cathode materials

Studie van het effect van kation substitutie op de lokale
structuur en de eigenschappen van perovskieten en Li-ion

batterij kathodematerialen

Proefschrift voorgelegd tot het behalen van de graad van
Doctor in de Wetenschappen: Fysica
aan de Universiteit Antwerpen, te verdedigen door:

Myléne Hendrickx

Promotor
Prof. Dr. Joke Hadermann Antwerpen, 2020






Doctoral Committee

Chairman

Prof. Dr. Jan Sijbers, University of Antwerp — Belgium

Promotor

Prof. Dr. Joke Hadermann, University of Antwerp — Belgium

Members

Prof. Dr. Sofie Cambré, University of Antwerp — Belgium

Prof. Dr. Dirk Lamoen, University of Antwerp — Belgium

Prof. Dr. An Hardy, University of Hasselt — Belgium

Prof. Dr. Peter Battle, University of Oxford — England

Contact Information

Myléne Hendrickx

University of Antwerp — Department of Physics
EMAT — Electron Microscopy for Materials Science
Groenenborgerlaan 171, B-2020 Antwerp

Belgium

Mylene.Hendrickx@uantwerpen.be


mailto:Mylene.Hendrickx@uantwerpen.be




Table of contents

TABLE OF CONTENTS .ottt st bbb b et bbb bt et st e e e bt |
PREFACE...... ettt bt bbbt e e bRt e e btk e bRt eh e e bRt et ke e b ere et \Y
LIST OF ABBREVIATIONS ...ttt Vil
CHAPTER 1. INTRODUCTION ..ottt sttt st s et st nbe e 1
1.1, GOAl OF thE TNESIS ... bbbttt bbb e 3
1.2, Strategy OF the ANAIYSIS ........cviiiiiiie e 3
1.3. Basics of the applied tEChNIQUES ...........ooiiiiie e 5
1.3.1. Transmission €leCtroN MICIOSCOPY .......eviveieiirierieeste ettt ettt sttt b ettt sb e et sb et b se s 5
I = D ) TSSO UPPPTPRTPRPN 7
1.3.3. EIECtron diffraCTION ......cviviiciiriiee e 8
1,34 HAADF-STEM ...ttt bbb bbbt e bbbt e et ne et e n e 13
1.3.5. ABF-STEM ...ttt bbbt b bbb R bbbt 13
PART I: PEROVSKITES ...ttt bttt nbe et 15
CHAPTER 2. INTRODUCTION TO PEROVSKITES ...ttt 17
2.1. Ideal and distorted PEIrOVSKITES. .......ccueiiiiiieriecteei ettt ettt re st sbeere e besre e e sre e 17
A 1o I = ST o o =T o USRS 20

2.2, PRYSICAl PrOPEITIES ... ettt ettt ae et s ae et e be e e e st e s be et e sbeeneesbesaeennesreans 22
7 Y/ Vo | 1= T S 22
S oL 1 | S 23
2.2.3. RelaXOr fEITOMAQGNELIC. ... c.vieeieieise ettt sttt et e e saesbesreanee e e saeneeseesreeneenens 24
224, MUILITEITOIC ... ettt et et et e e s e en s e st e se e teseeebeeseaneeneeneeseneenteaneaneas 24
2.2.5. APPIICALIONS ...ttt bbbt bbb bbb bbbttt 27
CHAPTER 3. ALa;FeBSbOy & AsLaFe;SbOq (A = Ca, Sr, Ba; B = Ni, Co) SERIES. .................. 29
T8 I 1o o [ Tox 1 T o SR 29
3.2. ALa;FeBShOg (A=Ca,Sr; B=Ni,C0) & BaLaFeNiShOg.........ccccoviriiiniiiie e 31
3.2.1. Experimental results and diSCUSSION ..........cciiiiieiiiirieenie ettt 31
B O o3 To] [0 o S SSRSSSRS 50

3.3. AoLaFesSh0g (A = Ca, Sy BA) c.veeeiieieiiieeiee ettt et e ne e 51
3.3.1. Experimental results and diSCUSSION ........c.ciiiiriiiiiiiiee ettt s sbe e 51
3132 CONCIUSION ...t bbb et bt bt bbb e e a e s b e b e b bt eb e e bt ebeen e e b e nbesbenbesneaneas 66

3.4. Conclusion of ALa;FeBShOg and AzLaFesSh0g........c.ceuriieieiiieie et 66



CHAPTER 4. Zn,FeBOg (B = Nb, Ta) SERIES & ZNSNO3......irvveeeeereeeeeereeeeeseeeseessesserreeseeseee 67

o I 0 o [N o o] TSP P RSP ORPTRPN 67
4.2. Experimental results and diSCUSSION .........ecveveiieiiiiie ettt sre e sresraesresre s 68
O B O To] [V o] [PPSO RSP ORTTRRN 81
CONCLUSION PART ottt bbb bbbt b bbb e b 83
APPENDIX PART | oottt sttt ettt e ne et e sneentesteanaeseeeneentenneas 85
PART IT: LI-ION BATTERY CATHODE MATERIALS........coi et 87
CHAPTER 5. INTRODUCTION TO LI-ION BATTERY CATHODE MATERIALS............... 89
5.1. Types of cathode MALErialS ..........cocoiiiiiieiiii e 90
5.2. Structural changes UPON CYCHING ......coveieieiiiiiiisisie e 94
5.3, FUNAMENTAI QUESTIONS.......cuiiiiitiiiiieieee ettt 96
CHAPTER 6. SYNTHESIS AND STRUCTURE OF LMR-NMC......c.ccccooiiiiiinireeene e, 97
G T8I 1o T [T 1 o o SR 97
6.2. Solution-gel VS CO-PreCipitation .........c.cciviiiiiiiiiic et re e 98
6.2.1. EXPErimMENtal FESUILS.......eoieeee ettt te e et e e s e e sre e aeenteeneennee e 98
LT 1 1ol U 11 [ o PSSP 107

6.3. Co-precipitation: Crystal structure of LMR-NMC ..........cccooiiiiiiinieeeee e 109
6.3.1. Experimental results and diSCUSSION ..........couiiriiiiiiiiiieieiese e 109

LGRS @] o o [1] o] S PSS 122
CHAPTER 7. SN-SUBSTITUTION IN LMR-NMC......cocoiiiiiiieitcee e 125
7% T 1o T [T 1 o PR SS 125
7.2. Experimental results and diSCUSSION .........cuiiiiiiiinieieicee s 127
7.2.1. Morphology, microstructure and electrochemical properties of Sn-doped LMR-NMC .................. 127
7.2.2. Crystal structure of Sn-doped LIMR-NIMC.........ccoiiiiiiiiiiiiesee e 134

G T O] o 11 o PSS 140
CHAPTER 8. Ti-SUBSTITUTION IN LizMNO3 ..ot 141
S T8I 1 (o o [T 1 o o SRS 141
8.2. Experimental results and diSCUSSION .........cvviiiiiriiiiieieeee e 142
8.2.1. Morphology, microstructure and electrochemical properties of LioMnQOj3 and Li2MnogTig.20s....... 142
8.2.2. Crystal structures of Li2MnOsz and LizMnogTi0.203 .......ccoviuiiiiiriiiiiiciinnsseecceee s 145

S TG I O] o o 111 o] S PS 152
CONCLUSION PART H oottt sttt et ne et sta e nnennee 153



APPENDIX PART T ..o s 155

PART I IN-SITU TEM....ooiiiiiiii s 159

CHAPTER 9. IN-SITU ELECTRON DIFFRACTION USING AN ELECTROCHEMICAL

LIQUID HOLDER..... .ottt bbb bt et nb et n et et 161
9.1 INEFOAUCTION ...ttt b bt b ettt b b nn e enes 161
9.2. EXPErimental rESUILS.........cooiiiiiie s 164

9.2.1. Sample preparation and dePOSILION ..........ceiiiriiiieiiiiee e 164
9.2.2. Flushing the liquid through the Nan0-Cell .............ccoiiiiiiii e 167
9.2.3. Acquisition Of diffraCtion PALtEINS .........cccveiieiiee et sre s 169
9.3 CONCIUSION ...tttk b bbbt b et b et b et b e 174

GENERAL CONCLUSION ...ttt sttt sb e sb et neenree e 177

ALGEMENE CONCLUSIE ...ttt st 183

OUTLOOK ...t b bt btk ettt ekt e s bt e she e she e s h bt e bt et e e b e e et e e eb e e esneenneenree e 189

SCIENTIFIC CONTRIBUTION ..ottt ettt n e nre e 191

REFERENCES. ... ..ottt bt bttt e ettt e s b et st e e e st e e nbe e nbe e sbeesaeennbennts 195

ACKNOWLEDGEMENT ...ttt sttt ettt e e nbeenbeesbeesree s 207






Preface

The physical properties of materials are determined by the type and arrangement of the atoms
present in the material. Therefore, the characterization of the crystal structure is necessary to
investigate the physical properties. Understanding the relationship between the crystal structure
and the physical properties allows us to adjust the properties by changing the composition and

symmetry using cation substitution.

In this thesis, | investigated the effect of cation substitution on the crystal structure of two main
groups of materials: perovskites and Li-ion battery cathode materials using transmission
electron microscopy. In the first chapter, Chapter 1, | explain in more detail the aim of this
study, followed by an introduction to the used experimental techniques to determine the crystal

structure of the different materials. The following chapters can be divided into three parts.

In Part I, | studied how the crystal structure of perovskites changes when different cations are
substituted, and how it affects the physical properties.

Chapter 2 provides an introduction about the different types of distortion that can occur in
perovskites along with the physical properties that are related to the studied materials. In
Chapter 3, | report on the structural investigation of two series AlLa;FeBSbOg and
AzLaFe>SbOg with cation substitution A = Ca, Sr, Ba, and B = Ni, Co. The studies revealed that
the substitution of the A and B cation changes the symmetry of the crystal structure and the
degree of B cation ordering, which results in different magnetic properties. The crystal structure
of the perovskite Zn,FeBOs with cation substitution B = Nb and Ta is solved in Chapter 4,
where the local structural variations discovered by TEM explain the measured physical
properties. This part ends with a conclusion about the complexity of cation substitution in

perovskites.



In Part 11, | studied the structure evolution of layered Li-ion battery cathode materials during
electrochemical cycling and how the cation substitution and the synthesis affects the crystal
structure and electrochemical properties.

Chapter 5 provides a brief overview of Li-ion batteries and the relationship between the crystal
structure and their performance. In Chapter 6, | examine the influence of the synthesis on the
crystal structure, performance and structure evolution upon charging and discharging of a well-
known cathode material: Li-rich Mn-rich Li1.2Nio.13Mno.54C00.1302 (LMR-NMC). In Chapter
7 and Chapter 8, | investigate two types of cation substitution to improve the electrochemical
performance: Sn substitution in LMR-NMC and Ti substitution in LizMnOs. At the end of this
part, a conclusion is drawn about the influence of the synthesis and the cation substitution on
the crystal structure and electrochemical performance of LMR-NMC and Li>MnOs. Further, |
also demonstrate the need for in-situ experiments to study the structural changes caused by

electrochemical cycling directly.

Part 111 is dedicated to my first attempts to work with an electrochemical liquid cell inside the
TEM, where | investigated the abilities to follow the structure evolution of layered Li-ion
battery cathode materials in-situ in the TEM during electrochemical cycling.

In Chapter 9, | first explain the importance of these in-situ experiments. Then the challenges
and problems that | have encountered during the experiments are pointed out, along with the
possible solutions to tackle these problems. In the conclusion of this part, the following steps

needed to succeed in the in-situ experiment are summarized.

Finally, the thesis ends with a general conclusion about the work discussed in the thesis and
an outlook about the future developments that can be done on the different studies.
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Chapter 1. Introduction

A crystalline material consists of an arrangement of atoms that are periodically ordered in the
three dimensional (3D) crystal lattice, which is called the crystal structure. The type and the
arrangement of the atoms determine the physical properties of the material. Therefore, to
investigate the physical properties, the crystal structure has to be determined, and more
importantly, the correlation between the crystal structure and the physical properties.
Understanding the relationship between the structure and the properties allows adjusting the
properties by changing the composition and symmetry of the material using cation substitution.
For example, SrSnOs is a diamagnetic semiconductor [1], but when Co or Mn is substituted,
the material becomes, in the case of Sr.SnCoOe, a ferromagnetic metal and for Sr.SnMnOs a
ferromagnetic semiconductor [2]. By investigating how the crystal structure and the
corresponding properties change for specific cation substitutions, a guideline can be designed
to help researchers to choose the best cation substitution in order to produce their desired

physical properties.

The family of perovskite materials is well-known for its compositional flexibility that results
in a wide variety of physical properties. Therefore, cation substitution in perovskites is widely
studied to find new materials with properties, such as magnetoelectricity, which is of great
importance in micro- and nano-electronics. During my PhD, | investigated a number of series
of cation substitution in perovskites, of which I describe three different series in the first part
of my thesis.

Furthermore, cation substitution is also used to find new materials that exhibit similar
properties, but that can replace the expensive or toxic materials that are currently used in
applications. For example, for lithium batteries, LiCoO: is a widely used cathode material, but
cobalt is very rare and toxic. Therefore, cation substitution is used to find new cathode materials
that are safer and less expensive, but also exhibit better electrochemical performance. In the
second part of my thesis, | focus on cation substitution in layered Li-ion battery cathode

materials.



In order to investigate the crystal structure, waves should be used that can interact with the
crystal lattice, which means that the incident wavelength must be of the order of magnitude of
the distance between the atoms. Electrons, neutrons and X-rays are all suitable for structure
characterization. Electrons interact very strongly with matter and can only reach a few hundred
angstroms (A) in the crystal before they start to lose energy due to the multiple scattering and
inelastic interactions with atoms. The major advantage of electrons (for both imaging and
diffraction techniques) is that areas of just a few hundred A of a crystal can be studied, in
contrast to X-rays and neutrons. The latter two require a large volume of the specimen due to
the low incident beam intensity (neutrons) or low interaction (X-rays) compared to electrons.
Due to the relatively large volume needed for neutrons and X-rays, powder diffraction is often
used. In that case, the diffraction pattern consists of a line profile, showing intensity versus
collection angle, that only provides information about the average structure. Moreover, the
line profile suffers from peak broadening and peak overlap, and structures determined from
powder diffraction patterns are therefore often ambiguous. Furthermore, the scattering function
of electrons is proportional to the atomic number Z by a factor 1/3 (~ Z*®), while the factor for
X-rays is 1 (~ Z). This means that heavy atoms scatter X-rays much stronger than light elements
such as oxygen, which makes it more difficult to obtain information of light elements nearby

heavy elements in the case of X-ray diffraction than for electrons.

As the physical properties of the material strongly depend on the crystal structure, local
variations in the structure can affect the properties. Therefore, we investigate the crystal
structure at local scale with electrons in order to determine both the local and average structure.
In some cases, we will combine electron microscopy with X-ray powder diffraction (XRPD)
and/or neutron powder diffraction (NPD). XRPD and NPD provide information about the
average structure, while electron microscopy can determine the local structure. Furthermore,
neutrons are scattered by the nuclei and the magnetic spin of electrons, while electrons are
scattered by the electrostatic potential. Consequently, neutron diffraction provides information
about the magnetic nature of the material, which will be used to investigate the physical

properties.



1.1. Goal of the thesis

The goal of this study is to characterize the crystal structure of new materials and to relate it to
their physical properties in order to investigate the role of the cation substitution. More specific
objectives can be summarized for the perovskites and the Li-ion battery cathode materials

separately:

Objectives for the study of the perovskite materials:

e What are the average and local crystal structure of the new perovskites?

e |If local variations are present in the structure, how are they related to the cation
substitution?

e How does the cation substitution change the physical properties?

e Can we predict how the structure and physical properties will change according to the

choice of cation substitution?

Objectives for the study of the Li-ion battery cathode materials:

e What is the crystal structure of the layered cathode materials, and how does the structure
change upon electrochemical cycling?

e What is the effect of the synthesis on the crystal structure and the electrochemical
properties?

e Which cation substitutions should we use to mitigate the voltage fade of the battery?

e Isit possible to investigate the crystal structure during cycling in an electrochemical liquid
cell inside the TEM?

1.2. Strategy of the analysis

To characterize the crystal structure of the materials, we have to determine the unit cell
parameters, the symmetry and the composition of these materials. For the determination of the
unit cell parameters and symmetry, we used the diffraction technique of selected area electron
diffraction (SAED), and the imaging techniques of high-angle annular dark-field scanning
transmission electron microscopy (HAADF-STEM) and annular bright-field scanning
transmission electron microscopy (ABF-STEM). We investigated the composition of the
studied materials using energy-dispersive X-ray spectroscopy (STEM-EDX).



|:| done by our Cation substitution
collaborators

structure physical
properties
9
Average structure Local structure
by XRD, NPD
Symmetry Homogeneity
SAED STEM-EDX

Atom sites and occupancy

Cations: Anions:
HAADF-STEM, HR-EDX ABF-STEM

Figure 1. Work scheme illustrating the research of this thesis. When cation substitution is applied, the
crystal structure and the corresponding physical properties of the new material are investigated. The
average crystal structure is investigated by powder diffraction using X-rays and/or neutrons. The local
structure is investigated by transmission electron microscopy, where different techniques are performed
to extract different types of information.



1.3. Basics of the applied techniques

As all the techniques that | have used to investigate the crystal structure are based on
transmission electron microscopy (TEM), | will first explain the transmission electron
microscope and the interactions that occur between the electron beam and the sample in order
to explain how we extract the information about the crystal structure using these techniques.
Readers familiar with these techniques can skip this part as it holds no research results specific
to this thesis.

1.3.1. Transmission electron microscopy

A transmission electron microscope is composed of an electron gun, a column containing a
series of electromagnetic lenses with apertures, and different types of electron detectors located
at the end of the column. The microscope is connected to a vacuum system to achieve a pressure
lower than 10 Pa within the column to reduce possible side interactions of the electron beam

with particles in the column, as electrons are strong scatters [3].

Image mode Diffraction mode
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Screen
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Figure 2. Simplified illustration of the electron beam path through the column of the TEM, based
on [3].



The electron gun generates electrons with a given kinetic energy controlled by the accelerator,
which is placed directly under the electron gun. The accelerated electrons then enter the
column, where the sample stage is located in the middle. The lenses above the sample
correspond to the illumination system and are responsible for the formation of the electron
beam onto the sample. The electrons interact with the sample, and the scattered electron rays
interfere with each other and generate a diffraction pattern in the back focal plane of the
objective lens and form the image in the image plane of the objective lens (see Figure 2). The
last part of the column is the imaging system that determines how the image or diffraction
pattern is formed and allows to switch between the visualization of the image and the
diffraction pattern.

Figure 2 illustrates a simplified version of the electron rays that travel through the column of
the TEM. Note that the electron paths shown in Figure 2 correspond to the formation of an
image (i.e. image mode) or diffraction pattern (i.e. diffraction mode) in TEM mode, where the
incident beam is parallel. In scanning-TEM (STEM), the beam is focused to a nanoprobe that
scans parallel to the optic axis across the sample (Figure 3). The image is built up by plotting
the signal generated by the detected scattered electrons as a function of the probe position. The
lenses in the illumination system allow us to switch between TEM and STEM mode.

The images taken on an electron microscope can suffer from many aberrations caused by the
electromagnetic lenses, which results in a smeared image and reduces the resolution. For an
aberration-corrected TEM, a probe-corrector and/or image corrector is mounted in the column

to eliminate these aberrations. Such a microscope can obtain a resolution of 0.8 A.

TEM STEM

Incident

Incident
parallel
beam
Convergence

le 2
e Convergence

angle 2a

l ] Specimen | |

8,> 50 mrad
10 mrad < @, < 50 mrad
8,< 10 mrad

Objective
diaphragm

Collection

angle 28

HAADF detector HAADF detector

ADF detector
BF detector

Figure 3. Schematic illustration of the electron beam in TEM and STEM mode with the different
electron detectors. Figure based on [3].



When the incident electron beam travels through the sample, the electrons can either remain
unaffected or interact with the sample. The techniques used in the thesis are based on the
detection of different electrons or radiation, as shown in Figure 4.

The electrons that go through the sample unaffected are referred to as the direct electrons,
which form the direct beam. A part of this direct beam is used for ABF-STEM imaging, which
is explained further in this chapter. The electrons that interact can be scattered in two ways:

elastic or inelastic, each of which can also be coherent or incoherent

1.3.2. EDX

In the case that the electrons are scattered inelastically, a reduction of impulse and energy takes
place along with the generation of other interactions. When high-energy electrons bombard the
atoms in the sample, the collision can eject an inner-shell electron from an atom (i.e., secondary
electron). Then, an electron from an outer, higher energy shell jJumps to the lower energy shell
to fill the vacancy and emit the energy difference in the form of an X-ray. As these energy
differences between the different electron shells are characteristic for the element, these
characteristic X-rays can be used for chemical analysis. This technique is called energy-
dispersive X-ray spectroscopy (EDX) and is used in the thesis to analyse the composition of
the studied materials.

Furthermore, an electron can also be decelerated due to the nucleus of an atom by giving up
some of its energy. This energy is emitted in the form of X-ray radiation called Bremsstrahlung.
The electrons can give any amount of their energy, but it is more likely that the electrons emit

a low amount of their energy.

incident

Characteristic
electron beam

Bremsstrahlung X-rays
X-rays EDX
| Sample |
Elastically Inelastically
scattered electrons . scattered electrons
direct

HAADF-STEM electron beam

SAED ABF-STEM

Figure 4. Interaction between the electron beam and the examined sample.



An energy-dispersive spectrometer measures the number and energy of the emitted X-rays and
generates an EDX spectrum. Besides the characteristic X-rays, the detector will also collect the
X-ray Bremsstrahlung, which results in a continuous background in the spectrum with discrete
peaks corresponding to the characteristic X-rays. In the TEM instruments used in this thesis, a
Super-X EDX detector was present, which consists of four silicon drift detectors in a
windowless design. They are symmetrically placed around the sample stage resulting in a

substantially bigger collection angle and higher detection efficiency.

1.3.3. Electron diffraction

When the electrons are scattered elastically, the energy is conserved. The electrons interact
with either the negatively charged electron cloud around the nuclei of an atom or the nuclei
itself, resulting in an angular deviation due to the Coulomb force, which is called Rutherford
scattering. Electrons can also be treated as waves, where the scattered electrons are either
coherent (i.e. the frequency of the scattered electrons remains constant) or incoherent (i.e. the
frequency of the scattered electrons differs). Both selected area electron diffraction (SAED)
and high-angle annular dark-field scanning transmission electron microscopy (HAADF-
STEM) are based on the detection of elastically scattered electrons (Figure 4). The main
difference between both techniques is the degree of coherence. SAED is based on coherent
elastically scattered electrons, whereas the detected electrons in HAADF-STEM imaging are

rather incoherent.

When the elastic scattering is coherent, only a shift of the phase occurs. The interference of
these waves generates a diffraction pattern, where the lattice symmetry and cell parameters of
the crystal define the position of the maxima. The intensity of the diffraction peaks is related
to the chemical nature and position of the atoms.

A crystalline structure can be described by a three-dimensional (3D) lattice, defined by its unit
cell with cell parameters a, b, and ¢ and the angles « (bc), £ (4¢), and y (ab). The origin of the
lattice corresponds to the origin of the unit cell, where any lattice point can be described by the

vector:

-

g =ud + Vb + W¢,

with u, v and w integer numbers.



A lattice plane within the unit cell that intersects the d-axis in 1/h, the b-axis in 1/k en the ¢-
axis in 1/1 is described by the miller indices hkl. A family of crystallographic planes is defined
as a set of lattice planes that are parallel to each other and equally spaced [4].

The reciprocal lattice is the Fourier transform of the crystal lattice in real space, which is

constructed by the vectors @*, b* and &*:

c axb

b .
,and ¢c* = ,
\Y%

i* =

where d, b and ¢ are the cell parameters and V the volume in real space.

Each point represents a set of (hkl) lattice planes and can be described by the vector
H = ha* +kb* + 12*,

where h, k, and | are integers. The direction of the vector H is perpendicular to the
corresponding crystallographic planes, and its length is inversely proportional to the interplanar

distance dnw with C the scale factor from the projected diffraction pattern:

Al =1

| Al

Direct space and
crystal structure

Reciprocal space and
diffraction pattern

., 30
., Qi
., )
. b

Figure 5. Scheme of the relationship between the crystal lattice in real space and the reciprocal lattice
in reciprocal space [5]. d* corresponds to the 2D H vector.



When the incident beam is diffracted at a set of (hkl) planes, the diffracted electrons will
interfere. Constructive interference arises when the phase difference is an integer of the
wavelength, which is related to the diffraction angle. Thus the diffraction peaks occur at a set
of (hkl) lattice planes of the crystal with interplanar distance dna When the Bragg condition is
satisfied [5]:

A = 2 dhi sin(Bhki),

with A the wavelength of the incident beam and 6k is the scattering angle.

incident scattered
plane wave

Figure 6. Geometric construction of the Bragg'’s law.

An incident electron can be described by the wave vector kT{ with a length defined by the

wavelength: |k_0)| = 1/A. When that electron is scattered elastically at a set of (hkl) planes, the

length of the wave vector remains constant, but the direction changes. The scattered wave
vector is referred to as k;, where the diffraction angle (20) defines the change in direction. In
the reciprocal lattice, the end of k_(; can be drawn as the origin of the reciprocal lattice, whereas
the end of kT corresponds to the corresponding hkl lattice point. The hkl point is described by
the H vector in the reciprocal lattice, as shown in Figure 7. If all the possible elastically

scattered electrons are included, the corresponding wave vectors E delineate a sphere, which
is called the Ewald sphere. The Ewald sphere has a radius of 1/A and passes through the origin
of the reciprocal lattice. If a point in the reciprocal lattice intersects with the surface of the
Ewald sphere, the set of planes corresponding to that point must satisfy the Bragg equation,
and hence the planes will diffract strongly. Thus, a diffraction pattern is the intersection of the
Ewald sphere with the reciprocal lattice of the examined material.

10



Since the wavelength of high-energy incident electrons is very small (A = 0.025A at 200kV),
the radius of the Ewald sphere (~ 40 A™) is large compared to the distance between the
reciprocal lattice points (order of A). Therefore, the Ewald sphere can be approximated as a
flat plane perpendicular to the incident beam, and the diffraction pattern can be considered as
a two dimensional (2D) intersection of the reciprocal lattice. The sample examined in a TEM
is very thin, resulting in that the reciprocal lattice points are elongated in the direction parallel
to the incident beam. Therefore, also diffraction peaks (referred to as reflections in the
diffraction pattern) that do not satisfy the Bragg condition can still be visible in the formed

diffraction pattern.

Ewald’s
sphere

Incident

beam

©
¢ Reciprocal

lattice

Figure 7. Visualization of diffraction using the Ewald sphere with radius 1/ and the 2D reciprocal

lattice with unit vectors @* and b*. Diffraction can only be observed when a reciprocal lattice point,
other than the origin, intersects with the surface of the Ewald’s sphere. The unit cell of the reciprocal

lattice is shown using double lines. d* represents the 2D H vector [5].

11



The structure factor Fna is a mathematical description of how a material scatters the incident

electron beam and expresses both the amplitude and the phase of the diffracted beam.

Fru = Zlﬁ(Z] eZn’i(hx]-+kyj+le))’

with f; the scattering factor of element i and (x;,yj,z;) the coordinates of atom j. The intensity of
a diffracted beam is approximately equal to the square of the structure amplitude |Fni|>. Each
point in the reciprocal space is represented by its coordinates h, k, | and the corresponding
structural factor Fna. Since the intensity of the structure factor varies according to the hkl
planes, information about the arrangement of the atoms can be obtained from this. Extinguished
reflections (i.e. extinctions) can be mathematically represented in the form of reflection
conditions. Because certain symmetry elements cause specific reflection conditions, the space

group can thus be determined from the diffraction patterns.

The kinematic approach is used when it is assumed that the electrons scatter only once, but
when electrons are scattered multiple times, it becomes dynamical diffraction. The contribution
of dynamical scattering increases with heavier elements and increasing thickness of the sample.
When dynamical scattering occurs, the intensities are no longer directly related to the structure
factor described above. Also, intensities can appear at reciprocal lattice points that should be

extinct due to the symmetry, which is called double diffraction.

For SAED (selected area electron diffraction), a parallel beam interacts with the sample and
generates a diffraction pattern that is projected onto a CCD camera. The SA (selected area)
aperture (see Figure 2) selects the region of which the diffraction pattern is projected. From
the acquired diffraction patterns, the symmetry and unit cell parameters of the studied material
can be deduced. In combination with the imaging techniques, which will be discussed in the

next section, SAED allows to derive the crystal structure.
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1.3.4. HAADF-STEM

When the electron penetrates through the electron cloud and approaches the nucleus, the
electron will be strongly attracted and scattered through a larger angle, which is called high-
angle Rutherford scattering. The angle of the scattered electron depends on the atomic number
(2) of the atom. When the scattering angle becomes larger, the degree of coherency becomes
less, and the electrons that are Rutherford-scattered through high angles become incoherent.
In the case of HAADF (high-angle annular dark-field) STEM, high-angle Rutherford scattered
electrons are detected, which are incoherent. This means that the electrons do not have a phase
relationship. Therefore, they are not subject to the orientation of the sample and thus involve
no diffraction contrast. The image contrast is related to the Z value (I ~ Z?), as electrons
interacting with heavier elements are more likely to be scattered over large angles. This means
that the atom columns appear as bright dots on a dark background where the intensity is related
to the Z value, which makes that the intensity in the image is directly interpretable. In order to
only detect these high-angle scattered electrons, a disk-shaped detector with a hole (so-called
annular detector) is used. Typically the detector angles range from 50 mrad (~3°) to 200 mrad
(~11.5°). When detectors with lower angle are used in the dark-field mode (i.e. the diffracted
electrons are selected to form the image), the coherent Rutherford scattered electrons will
contribute more to the image. The intensity of the image is then related to both diffraction
contrast and Z contrast, which makes the image not directly interpretable.

1.3.5. ABF-STEM

The electrons detected in ABF (annular bright-field) STEM are collected with an annular
detector that typically ranges from 11 mrad to 23 mrad, which is the outer area of the so-called
bright-field region. In bright-field imaging, the direct beam electrons are selected to form the
image. When the electron beam is placed on an atomic column, the electrons will scatter, and
fewer electrons are detected in the bright-field region. Therefore, the atom columns appear as
dark dots on a bright background. In the range for annular bright-field, the electron intensity is
less sensitive to the atomic number (I ~ ZY%), which makes it possible to visualize light elements

nearby heavy elements.
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Part I: Perovskites

In the first part of my thesis, | study the effects of cation substitution on the crystal
structure of perovskites, and in collaboration with groups from the University of
Oxford and Rutgers, we investigated what these changes in structure mean for the
physical properties of these perovskites.

The structural changes are related to distortions in the structure that are typical for
perovskites, therefore, in Chapter 2 | will first explain the different types of distortions
along with the physical properties that are related to the studied materials. Then in
Chapter 3 and 4, the structural investigation of three different perovskite series with
cation substitution is discussed. Also the relationship to the measured properties will
be discussed in order to explain why certain substitutions have or have not produced
the desired physical properties. Finally, Part | ends with a conclusion about the effect

of cation substitution on the crystal structure of perovskites.
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Chapter 2. Introduction to Perovskites

During this research, perovskites with many different types of distortions, such as octahedral
tilt and Jahn-Teller effect were observed. Hence | will give an introduction so that the reader
is aware of both the ideal perovskite structure and the distortions that can occur in perovskites

and how they are conventionally described.

2.1. Ideal and distorted perovskites

Perovskites are widely investigated due to their wide variety of physical properties, which is a
result of their enormous compositional and structural flexibility.

The perovskite structural family is based on the mineral CaTiOs, named after the Russian
mineralogist, Count Lev Aleksevich von Perovski [6]. The perovskite structure has a general
stoichiometry ABX3, where A and B are cations, and X is an anion. The structure consists of a
framework of BXs octahedra with the A cations occupying the cuboctahedral places. As the
perovskites investigated in this thesis are oxide perovskites, | will continue with the notation
of O instead of X.

Figure 8. The crystal structure of the ideal cubic perovskite with Pm3m symmetry, where the green,
purple and red atoms represent the A cation, B cations and oxygen, respectively. (A) Emphasizes the
BOs octahedra, whereas (B) shows the 12-coordinated cuboctahedral position of the A cation.

The ideal perovskite ABOs is cubic, described by the Pm3m symmetry, as shown in Figure 8.
The cubic lattice parameter a,, varies between 3.8 A — 4.2 A and is related to the bonding

distances A-O and B-O. The radius of the different ions determines the lattice parameter:

a, = \/E(rA + 19) =205+ 1)

17



The ratio between the two expressions for the lattice parameter is called the Goldschmidt
tolerance factor t and allows to measure the degree of distortion in case of a non-ideal
perovskite [7,8]:

Ty + To

s V2(rg + 15)

For an ideal cubic perovskite structure t = 1, but when the tolerance factor deviates from 1, i.e.
when the ionic radii of the A and B cations do not satisfy the equality, distortions will occur.
In the case that t < 1, the relative size of the A cation is too small to occupy the cuboctahedral
place, and consequently octahedral tilts will occur to fill the space between the octahedra in
order to stabilize the structure. Along the tilt axis, the octahedra can rotate either in the same
direction, which is referred as an in-phase tilt (Figure 9A) or in the opposite direction, which
is referred as an anti-phase tilt (Figure 9B) [9]. All possible tilt systems were derived
theoretically using group theory analysis and are commonly designated using the Glazer
notation [10]. These notations use the symbol a*b*c*, where a, b and c represent the relative
magnitude of the tilting along the [100], [010] and [001] pseudo-cubic directions. The subscript
*' denotes the phase of the tilt: "0" indicates no tilts, "-" means the tilt is anti-phase, and "+"
stands for an in-phase tilt. Any possible tilt system can be expressed by a linear combination
of the six basic tilts [9]:

a*b’h® b%*h° h%h%*
ab’h° h%h° h%h%a~

These can be combined into more complex tilts, in which the same letters indicate the same

magnitude of the tilt, and different letters indicate different magnitudes of the tilt.

(A)

: . (B)
I Iy

Figure 9. lllustration of the (A) in-phase and (B) anti-phase octahedral tilt along the c-direction. The
four adjacent octahedra in the plane perpendicular to the tilt axis rotate in the opposite direction.

18



By collecting extensive structural data and calculations of tolerance factors, Reaney et al. [11]
demonstrated that at room temperature, the structure of perovskites with 0.985 <t < 1.06 often
adopt untilted structures. Perovskites with 0.964 <t < 0.985 are usually tilted in anti-phase and
perovskites with t < 0.964 are prone to show in-phase and anti-phase tilting. In this study, only
the octahedral tilts have been taken into account; however, it is not the only cause of structural

changes.

Besides octahedral tilts, the Jahn-Teller (JT) distortion can occur, which describes the
geometrical distortion that is associated with the electron configuration of the B cations. The
Jahn-Teller effect can be grouped into two categories. The first arises from incomplete d" shells
of degenerate orbitals and is referred to as the first-order Jahn-Teller (FOJT) deformation. A
nonlinear molecular system that is in a degenerate state will undergo a deformation that lifts
up the degeneracy in order to lower the energy whereby B-O bond lengths will either elongate
or compress (Figure 10A). FOJT is typical for the transition metal cations with an odd number
of d-electrons in the eg orbitals. The FOJT distortion is accompanied by a change in the
electronic configuration and orbital ordering, and therefore, is closely linked to the magnetic
behaviour of the perovskite [12,13].

(A) First-order Jahn-Teller (B) Second-order Jahn-Teller

I T I¢ I
e ;
‘.r L <« ol 20>
e Q
N d d
- - xR - Xy  Energy
Mn®* (:wy' — e, — d,,..
— t ,
5, |
\ Add _.[._ dxv d, dyz electronic state 1
:EEE A Splitting between the two
:':‘: clxz dyz _ dxy electronic levels (ES) - »
Atomic displacement
Octahedral JT distorted JT distorted \/\/
environment Octahedra Octahedra
(elongation}) {compression) electronic state 2

Figure 10. (A) The first-order Jahn-Teller distortion destroys the degeneracy and split the eg and tyg
orbitals of Mn®** into the Oweyz, dazerz, dyy, v @nd dy; orbitals, causes an elongation. In other cases, it is
energetically more favourable to compress the two B-O bond lengths perpendicular to the four in-place
B-O bond lengths. (B) To lower the energy of the structure, a displacement of the cation relative to the
anions occurs, which is called the second-order Jahn-Teller distortion. Based on [14].
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The second group, the so-called second-order Jahn-Teller (SOJT) deformation, arises from
empty and filled molecular orbitals that are close in energy [15]. The energy of the structure
will decrease when a small energy gap is created between the empty d° orbitals of the B cation
and the filled O 2p® orbitals, which leads to the off-centre displacement of the B cation inside
the BOs octahedra (Figure 10B) [16].

2.1.1. A- and B-site ordering

Substitution of the A and/or B cations can induce order. Ordering of the cations is more likely
to occur when there is a significant difference in size and/or charge of the cations. These
differences serve as a driving force for the cations to occupy crystallographically different
positions within the structure. In the absence of a significant difference in charge and/or size,
a disordered distribution of the cations is more likely.

There are three simple patterns of ordering for the A and B cations (Figure 11) [17]. The most
symmetrical ordering is the so-called rock-salt arrangement. For the B cations, this means that
the octahedron BOs alternates along the three pseudo-cubic directions with the octahedron
B'Os, which can be represented as (111) because the BOs and B'Os octahedra form alternating
layers parallel with the (111) planes. Rock-salt ordering can be compared to a OD situation

because every BOs octahedron is isolated from all other BOg octahedra.

B-site A-site \ \
N
2 (111) 0(230
. 09°0
. @ 01}90
S OQI}O

A )

Q -ogpo

(100)
< iz 0000

Figure 11. Schematic illustration of the three types of A/B cation ordering that can be present in the
structure [16]. The rock-salt, column and layered ordering arise from ordering on respectively the
(111), (110) and (100) planes, which are marked by arrows.

Layered
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Another type of order is the column order, in which the octahedra are alternated along only two
pseudo-cubic directions. This ordering is called (110) because the BOs and B'Os octahedra
alternate in layers parallel with the (110) planes. It can also be described as a 1D arrangement
because the BOg octahedron only has the same neighbours in one dimension. Finally, the last
type is layered ordering (100). This can also be described as a 2D situation, in which the BOs
octahedra have the same neighbours in 2 dimensions. The BOs octahedra alternate with the
B'Os octahedra in layers parallel to the (100) planes. This (100) order has the lowest symmetry.
For B cations, the rock-salt ordering is the most common because in this arrangement the
oxygen atoms that lie between the different B cations are able to shift towards the smallest B
cation in order to reduce the lattice stress that is induced by the difference in the size of the B
cations. The almost complete absence of rock-salt arrangement in the A cations in perovskite
has to do with the environment of the oxygen atom. In the rock-salt arrangement for A cations,
the oxygen atoms cannot shift to the smallest A cation, which leads to permanent lattice stress
in the structure. When the A cations are ordered in accordance with the layered arrangement,
the oxygen atoms can shift to the layer with the smallest A cations, which reduces the lattice
stress. Therefore, in perovskites of the form AA'BB’Os, we often see a layered arrangement of
the A/A' cations and a rock-salt ordering for the B/B' cations [16].

By the substitution of A and B cations, more complex perovskites can be synthesized.
Depending on the number of different elements and their ratio, they can form double
perovskites such as AA'BB'Og, or triple perovskites like AA>BB’>0O9 or AzBB'B"Qq, or other

combinations.
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2.2. Physical properties

Perovskite materials display numerous interesting and useful physical properties. The
perovskites investigated in this thesis are synthesized with the focus on magnetic properties or

multiferroic behaviour.

2.2.1. Magnetism

Magnetic order in a material occurs due to the magnetic interaction between the magnetic
moments, which can be calculated by the Ising model, where the interactions between

neighbouring spins are described by the Hamiltonian [18,19]:
H= —%;>]ijsiS;,

where J;; is the spin-spin coupling constant where i and j refer to neighbouring sites on the
lattice and s; is the spin corresponding to the lattice site i. The spin-spin coupling constant
describes the exchange interaction between the nearest neighbouring spins. When J;; > 0, the
spins prefer to align parallel to each other (Figure 12b), and the structure becomes
ferromagnetic (FM). When J;; <0, the neighbouring spins prefer to align antiparallel (Figure
12c¢), and then the structure becomes antiferromagnetic (AFM). In the FM case, the structure
possesses a net magnetization even in the absence of an external magnetic field, whereas, in
the AFM case, the ordered magnetic moments cancel each other completely out, which leads
to a zero net magnetization. When the magnitude of the magnetic moment at positions i and j
differs, the magnetic moment cancellation is incomplete, resulting in a small net magnetization.

In that case, the structure is ferrimagnetic (Figure 12d).

(@) N\ T \‘/VL / \ 2N\ / —— paramagnetic (e)
(b) T T T T T T T T T 1‘ — ferromagnetic
(c) T wlr T wl( T »L T l 1 »I, — antiferromagnetic

(d) T ¥ T s T \: T \: 1 1 — ferrimagnetic G-type AFM

Figure 12. A scheme of the (a) paramagnetic, (b) ferromagnetic, (¢) antiferromagnetic, and (d)
ferrimagnetic order arrangement of the magnetic moments. The perovskite in () demonstrates the G-
type ordering of the B cations that leads to antiferromagnetism.
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In a magnetic material, the spontaneous magnetization disappears above a specific temperature.
This temperature is referred to as the Curie temperature T¢ for ferromagnetic and ferrimagnetic

materials, and the Néel temperature Tn for antiferromagnetic materials.

2.2.2. Spin glass

Besides the typical magnetic systems, the structure can become a spin glass at low temperature.
A spin glass is a disordered magnetic system where competition between exchange interactions
prevents long-range magnetic ordering and leads to magnetic frustration. The term 'glass' refers
to the magnetic disorder, which can be associated to the positional disorder in conventional
glass, which has a highly irregular bond structure in contrast to a crystal with a uniform pattern
of atomic bonds, which can be seen as a ferromagnet. The magnetic frustration arises from a
roughly equal amount of positive and negative interactions J;; in the system leading to a mean
value of the interactions close to zero. Note that in FM or AFM the spin-spin coupling J;; is
respectively positive or negative, whereas in a spin glass, /;; can be both positive and negative,
which, in turn, leads to disordered-induced frustration. At low temperatures, the spins freeze in

place without strong thermal fluctuations. The randomly oriented spins result in an overall

magnetization:

N
1
m = NZ(SL) = O'
=1
while the spin-glass order parameter is non-zero:

N
1 2
q= NZ(%) # 0.
=1

The non-zero order parameter indicates the freezing of spins into the disordered ground state.
The main difference that distinguishes spin glasses from other magnetic systems is the time
dependence. A spin glass exhibits spin glass behaviour when an external magnetic field is
applied below the transition temperature Tc. When then the external magnetic field is removed,
the magnetization rapidly lowers to the remanent magnetization and then slowly decays to zero.
Spin glasses differ from ferromagnets because for ferromagnets the remanent magnetization
remains constant after removing the external magnetic field. In the case of a paramagnet, the

magnetization immediately drops to zero when the external magnetic field is removed [20-22].
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2.2.3. Relaxor ferromagnetic

The term relaxor ferromagnets is based on the behaviour of relaxor ferroelectric materials. At
high temperature, a relaxor ferroelectric behaves similar to a normal ferroelectric, but upon
cooling the material transforms to a relaxor state in which nanoscale polar domains are formed
with randomly distributed directions of dipole moments. The transformation occurs at the so-
called Burns temperature (Tg). The polar nanoregions are dynamical at a temperature close to
Tg, but freeze at lower temperatures [23].

Similarly, for relaxor ferromagnetic materials, ferromagnetic nanodomains appear below a
specific temperature that arises from compositional disorder, i.e. the disorder in the
arrangement of different ions on the crystallographically equivalent sites. The term ‘relaxor
ferromagnet' has been used for the first time by Kimura et al. [24] to describe the behaviour
of Cr** doped NdosCaosMnOs (~2% Cr®"), in which ferromagnetic domains were formed
within the antiferromagnetic ordered structure of the undoped material. Later, relaxor
behaviour was found in the perovskite LasNi2SbOe, in which the B cation disorder of the two
crystallographically different B-sites Ni and (Ni, Sb) leads to the formation of small
ferromagnetic domains [25,26].

In contrast to a spin glass, where spins can be aligned on atomic scale, the relaxor state is
characterized by the presence of nanoscale ferromagnetic clusters of variable sizes.

2.2.4. Multiferroic

Multiferroic materials display two or all three of the ‘ferroic’ properties: ferroelectricity,
ferromagnetism and ferroelasticity. However, nowadays, this definition is extended to
materials with antiferromagnetic ordering.

The possibility for a material to exhibit ferroelectricity and ferromagnetism depends on the
structure. A material cannot be ferroelectric if there is spatial inversion, because then the
inversed dipole will cancel out the initial dipole and destroy the polarity (Figure 13A). In the
case for ferromagnetism, magnetism will be destroyed when time inversion symmetry is
included in the material, as the spins and their reversed spins will cancel each other out (Figure
13B). This means that both the spatial inversion symmetry and time inversion symmetry should

be eliminated from the structure.
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(A) Space inversion (B) Time reversal
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Figure 13. A simplified illustration of (A) space inversion and (B) time reversal. For ferroelectric
materials, no space inversion symmetry is present, while in ferromagnetic materials the time inversion
symmetry should be eliminated. As a consequence, for multiferroics, both the space inversion and time
inversion symmetry is broken.

Moreover, ferromagnetism is induced by the presence of B cations with unpaired electrons in
the d" shell to carry the magnetic moment, while in all conventional ferroelectric perovskites,
ferroelectricity is induced by the off-centre displacement of the B cations with empty d° shells
caused by the SOJT effect. Such compounds are non-magnetic, and thus the electronic
requirements for the B cations are in conflict with those for magnetic compounds. However,
ferroelectricity can also originate from non-conventional patterns, such as from octahedral
tilting (i.e. rotation of the octahedral, which is accompanied by A cation displacement inducing
ferroelectric distortion, e.g. LaMnOs [27]), charge order (i.e. noncentrosymmetric ion
arrangement that can induce ferroelectricity, e.g. Pri.xCaMnQOz [28]), lone pair effects (i.e. lone
pairs of electrons on the A-site distort the geometry of the BOg leading to ferroelectricity, e.g.
BiFeOs [29]) or induced by the magnetic order present in the structure (i.e. long-range
magnetic order in which the magnetic dipole arrangement breaks the space inversion
symmetry, e.g. TboMnOs [30]).

Magnetoelectric materials show a strong electromagnetic coupling that allows inducing
polarization by a magnetic field and vice versa. The effect can be described by the free energy
F of the system in terms of the applied magnetic field H whose ith component is denoted H;,
and an applied electric field E whose ith component is denoted E; [31]:

Bijk Yijk

1 1
—F(E, H) = EEOSijEiEj + EHOHUH,_I‘IJ + aijEiI_Ij + TELI_Iij + THlE]Ek + -
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The first term %eoei ;E;E; describes the electrical response to an electric field where & is the

permittivity of free space and ¢;; the relative permittivity. The second term %MoﬂiniHj is the
magnetic response to a magnetic field, where u, and u;; denote the permeability of free space
and the relative permeability, respectively. The third term a;;E;H; represents the linear

magnetoelectric coupling, whereas the other terms represent higher-order magnetoelectric

coefficients. The magnetoelectric effect can be established by the polarisation P;(H;) and

magnetization M; (E;):
—0F Bijk
p = ( ) — wH o+ kg
l OE; /g, T T
—0F Yijk
M, = (— = a;E + “LEEE, +
i (aHi)HL:O a;;k; + o kT

As the magnetoelectric coupling describes the influence of the magnetic field (electric field)
on the polarization (magnetization), in practice, the linear magnetoelectric coefficient can be
determined by measuring the polarization (magnetization) when applying a magnetic field

(electric field):

P oM
= PH” BE

— Magnetically polarizable

= Ferromagnetic
Electritically polarizable

=== Ferroelectric
Multiferroic

Magnetoelectric

Figure 14. The relationship between multiferroic and magnetoelectric materials. Ferromagnetics
(ferroelectrics) form a subset of magnetically (electrically) polarizable materials such as paramagnets
and antiferromagnets (paraelectrics and antiferroelectrics). The intersection (red) represents materials
that are multiferroic. Magnetoelectric coupling (blue region) is an independent phenomenon that can
but need not, arise in any of the materials that are both magnetically and electrically polarizable. In
practice, it is likely to arise in all such materials, either directly or via strain [31].
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2.2.5. Applications

Perovskites and derivative structures have a wide variety of useful physical properties such as
magnetoresistance, superconductivity, photovoltaic properties, etc. The flexibility of cation
substitution in perovskites results in the possibility of tuning the electric and magnetic
properties in a desired manner.

The field of magnetic perovskites finds potential applications in storage and sensing/actuating
devices. Some examples are listed in Table 1.

As interest in micro and nanoscale devices and high-density data storage grows, an integration
of multi-functions into one material has become highly desirable. The coexistence of several
properties will possibly reveal novel physical phenomena and offers possibilities for the
development of new devices. The new prototype devices based on multiferroic functions may
offer particularly good performance for spintronics, e.g., reading the spin states, and writing
the polarization states to reverse the spin states by an electric field, to overcome the high-

writing energy in magnetic random-access memories [32].

Table 1. Some perovskites with their properties and existing or potential applications.

Existing and potential

Compound Properties " Ref
applications
NdCoOs, . .
NdoSroC00s, Soft ferromagnets Recording heads, magnetic cores [33]
and transformers
NCo9Ca9.1C003
. Electrode material for epitaxial
SrRuOs Ferromagnetism ferroelectric thin films [34]
(La, A)IMnOs3 Ferromagnetism, spin-polarized Magnetic field sensors, spin- [34]
A =Ca, Sr, Ba electrons, giant magnetoresistance electronic devices
BiFeOs Multiferroic, magnetoelectric coupling Magnetic field detectors, memories  [32]
Magnetic field sensors and
YFeOs Multiferroic magneto-optical data storage [35]
devices
LuzInsFeOs Multiferroic thin film Memory devices and spintronic 1457
applications
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Chapter 3. ALa;FeBSbOg & ArLaFe,SbOy
(A =Ca, Sr, Ba; B = Ni, Co) series

This section is based on the papers:

1) M. Hendrickx, Y. Tang, E.C. Hunter, P.D. Battle, J.M. Cadogan and J. Hadermann,
Cala2FeCoShOg and ALazFeNiSbOg (A=Ca, Sr, Ba): cation-ordered, inhomogeneous,
ferrimagnetic perovskites, Journal of Solid State Chemistry, 2020, 285, 121226 [37]

2) Y. Tang, E.C. Hunter, P.D. Battle, M. Hendrickx, J. Hadermann and J.M. Cadogan.
Ferrimagnetism as a consequence of unusual cation ordering in the perovskite
SrLa>FeCoShOs. Inorganic Chemistry, 2018, 57, 12, 7438-7445 [38]

3) (in preparation) M. Hendrickx, Y. Tang, E.C. Hunter, P.D. Battle and J. Hadermann,
Structural and magnetic properties of the perovskites: AoLaFe>SbhOg (A=Ba, Sr, Ca)

Due to the many samples discussed in this section, not all the TEM data shown in the

corresponding papers are also shown in this thesis, rather the results are clustered, using, when

possible, images that are representative for several samples at the same time.

3.1. Introduction

One of the strategies that have been used to control the physical properties of perovskites is
partial cation substitution. The substitution can take place at the A-site, the B-site or both,
resulting in more complex formulae, for example, AA'BB'Os and A2A'B2B'Oq. It is possible
for the different cation species on the A-and B-sites to occupy their respective sites in either an
ordered or disordered manner [39,40]. This ordering is highly significant because it can control
the distortion away from the cubic symmetry and consequently, the magnetic and electric
properties of the compound.

An unequal occupation of magnetic cations at two crystallographically distinct B-sites in the
structure of a double or triple perovskite can generate interesting magnetic behaviour. For
example, relaxor ferromagnetic behaviour was found in the triple perovskite, LasNi2SbOs,
below the transition temperature of 105 K. B cation ordering was observed, where one of the
two B-sites is occupied only by Ni?*, while the other site is occupied by 2/3 Sb%* and 1/3 Ni?".
The presence of the diamagnetic ion Sb®" at only one B-site causes that the perovskite behaves

as a ferrimagnet below the transition temperature, but the local irregularities in the cation
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distribution cause the formation of magnetic microdomains that are too small to be detected by
neutron diffraction but were observed using TEM [25,26]. Hence the compound can be
classified as a relaxor ferromagnet. LazC0.ShOg shows the same cation ordering pattern as
LasNi2SbOg, but the sharp increase in magnetization observed in the latter at the transition
temperature is not observed in the former [41].

In general, magnetic transition temperatures are expected to be highest in the members of an
isostructural series that contain the most strongly magnetic cations. In an attempt to prepare a
relaxor ferromagnet with an enhanced transition temperature, Fe?*-containing analogues of
LasNi,ShOg were synthesized, such as SrsFe,TeOs. However, the majority of the Fe®* and Te®*
cations in this compound adopt a 2:1 ordering pattern over the B-sites that, in turn, leads to the
adoption of an antiferromagnetic structure; neither ferrimagnetism nor relaxor behaviour was
observed [42]. Therefore, in the first study, compositions were prepared in which only 1/3 of
the B-sites is occupied with Fe3*, accompanied by partial A cation substitution to balance the
charge, in the form of ALa,FeBShOy (A = Ca, Sr; B = Ni, Co) and BaLa2FeNiShOs. The crystal
structure of the series is studied and then compared to the observed magnetic properties. Then,
the study was extended to the investigation of the Fe-rich AoLaFeShOg (A = Ca, Sr, Ba)
perovskites.

The samples have been prepared in solid-state reactions by the group of Prof. Dr. Peter Battle
at Oxford University. More details about the synthesis can be found in the appendix at the end
of Part I. The experimental details of the used TEM techniques are also listed in the same
appendix. The experimental details of the other experiments can be found in the corresponding
papers [37,38].
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3.2. ALa;FeBSbOs (A=Ca,Sr; B=Ni,Co) & BaLa,FeNiSbOq

3.2.1. Experimental results and discussion

X-ray powder diffraction (XRPD) and neutron powder diffraction (NPD) were performed by
the group of Prof. Dr. Peter Battle at Oxford University on the five compounds at 300K and
5K to derive the crystal structure. Both the XRPD and NPD patterns of each compound were
indexed and analysed in the primitive monoclinic space group P2:/n with a ~\/ﬁ, b ~\/E
and ¢ ~2a,, where a, is the unit cell parameter of the primitive pseudo-cubic perovksite.
CalLazFeCoSbOg shows the largest monoclinic distortion. In the P2:/n space group, the
structural model, see Figure 15a, involves a 4e site that accommodates a disordered
distribution of A and La, three further 4e sites occupied by oxide anions and two independent
B-sites corresponding to 2d and 2¢ which accommodate the three cation species Fe®*, Co?*/Ni?*
and Sb°*. For all the compounds except for CaLa,FeCoShQ, the B cation distribution over the
two crystallographically distinct sites derived from the NPD data can be represented by
ALax(FeosB)2d(FeosSh)2c0q. In the case of CaLaFeCoShOs, a slightly different distribution
was found that is equal to CalLaz(Feo.32C0Sho.18)2d(F€0.68Sh0.82)2cOo.

Magnetometry and NPD performed by the group of Prof. Dr. Peter Battle show that these
perovskites are ferrimagnets with a G-type magnetic structure (Figure 15b). The magnetic
moments of the nearest-neighbour B cation positions are aligned in an antiparallel manner, and
the presence of the diamagnetic Sb® on the 2c site results in a non-zero remanent
magnetization. The remanent magnetization and the coercive field of each component at 5K

are presented in Table 2, together with their Curie temperatures.

Table 2.Coercive fields and remanent magnetization per formula unit, Hc (kOe) and M; (us) at 5 K and
the corresponding Curie temperature T. (K) of ALa;FeBSbOs (A=Ca, Sr, Ba; B = Ni, Co). The
compounds are ordered from high to low Hc and M..

Hc Mr TC
Compound

(kOe) (bB) (K)
SrLazFeCoSbOg 6.1 ~1.0 ~215K
CalLayFeCoSbOg 5.0 1.0 ~ 250 K
SrLazFeNiSbOg 0.7 0.35 ~ 350K
CalLazFeNiSbOg 0.3 0.24 ~ 350K
BalLa2FeNiSbhOg 0.5 0.21 ~ 350K
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Despite the cobalt-containing compounds exhibiting magnetic behaviour different to that
shown by the nickel-containing compounds, the only structural difference detected by XRPD
and NPD was the presence of antimony on both six-coordinate sites in the CaLa>FeCoShOg
component. In order to investigate the origin of the differences in magnetic properties and
whether the difference in B cation distribution is related to the magnetic properties, | studied

the local structure using transmission electron microscopy.

Figure 15. (a) Crystal structure, derived from XRPD and NPD, adopted by ALa;FeBSbOg (A=Ca, Sr,
Ba; B=Ni, Co). Green octahedra and blue octahedra are occupied by different B cations. The corners
of the octahedra represent the oxygen atoms. The red atoms represent the alkaline earth and La atoms
at the A-site. (b) The G-type magnetic structure adopted by ALa,FeBSbOy (A=Ca, Sr, Ba; B=Co, Ni).
Arrows indicate the direction of ordered spins at the B-sites. Green spheres represent the 2d sites, and
blue spheres represent the 2c¢ sites.

All SAED patterns obtained from CalLaFeCoSbOg CalazFeNiSbhOg, SrLa,FeCoShOy, and
SrLazFeNiShOg could be indexed with the P21/n model. Representative patterns of the main
zones are shown in Figure 16. Also, the high-resolution HAADF-STEM images of the four
compounds are very similar, and therefore only the image from CaLaFeCoSbOg taken along
the [010] zone is displayed in Figure 17. As the crystal structures of the four compounds are
very similar, only the TEM data of CaLa>FeCoSbOg will be displayed in this thesis, as
representative for all four compounds. The TEM data of the other three compounds can be
found in the corresponding papers [37,38]. The barium-containing compound showed a

different main phase and will be discussed separately below.
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Figure 16. SAED patterns along the zone axes [100], [010] and [001] of the P21/n symmetry obtained
from the five ALa,FeBShOg samples. The SAED patterns corresponding to the calcium and strontium
compounds represent the main phase, while the SAED patterns obtained from the barium compound
represent the additional phase present in the BaLa,FeNiSbOg sample.
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In HAADF-STEM images, the intensity of the atom columns is proportional to the atomic
number of the elements: | ~ Z2. Therefore, in Figure 17 the rows with alternation of darker and
brighter dots along the a-axis correspond to, respectively, the alternating (Co,Fe) ((Ni,Fe) in
the nickel-containing compounds) and (Sh,Fe) atom columns, and show clear ordering of the
B cations. This is supported by the accompanying EDX maps, shown in Figure 18. The
continuous rows of bright dots along the a-axis correspond to the A-sites occupied statistically
by La and Ca (Sr in the other compounds). The EDX maps also show that Co (Ni) and Sh
occupy separate B-sites, while Fe is present on both B-sites. The maps of Ca and Sb show
artefacts due to the overlap of the K-line of Ca (3.692 keV) and the L-line of Sb (3.604 keV).
The intensity at B positions in the Ca maps is due to the overlapping Sb peak, oppositely, the
intensities observed at A positions in the Sb maps are due to the overlapping Ca peak. The true
signal on the Ca maps is only the homogeneous, much weaker signal overlapping with the La

positions.

Figure 17. High-resolution HAADF-STEM image of CaLa,FeCoShOq along the [010] zone axis, where
the continuous rows of bright dots along the a-axis are occupied by both La and Ca. The rows with
alternation of darker and brighter dots along the a-axis correspond to (Co, Fe) and (Sh, Fe) atom
columns, respectively.
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Whereas the NPD refinement for Cala,FeCoSbOgy resulted in a distribution
Calax(Feo.32C0oSho.18)2d(Feo.68Sho.s2)2c09, a line profile (Figure 19) taken along the alternating
B-site positions in the high-resolution EDX (HR-EDX) map revealed a slight preference of Fe
for the Co positions instead.
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Figure 18. Left: The high-resolution HAADF-STEM image of the CalLa;FeBSbOs sample along [010]
together with the individual Ca/La/Fe/Co/Sb elemental maps. Right: the mixed {La,Co,Sbh} element
map.
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Figure 19. Left: Line profile of the elements Fe, Co and Sb in counts. Right: the HAADF-STEM image,
with the individual EDX maps of Fe, Co and Sh, of which the line profile has been taken.
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Since converting the HR-EDX maps to atomic percentage introduces broadening of the peaks,
we have quantified the occupancies at the two different B-site positions by applying the Cliff-
Lorimer method manually after averaging the HR-EDX maps in counts. Figure 20 shows the
averaged individual element maps of the three B cations. The line profile of every element map
is fitted by a combination of Gaussian functions using the program Fityk [43]. Note that the
line profiles were taken from element maps in the same colours, as the display colours affect
the intensity line profiles. The FWHM of the different Gaussian peaks were fixed per element.
The FWHM of Co-K is 1.94 A, Sb-L is 1.98 A, and Fe-K is 2.15 A.

The Cliff-Lorimer method, assuming the thin specimen conditions [3,44], is based on the
following formula:

Csb  __ Kk Isp
— BSb,Co(Fe) ICO(Fe)’

Cco(Fe)

where cp stands for the concentration of element B in atomic percentage, Ig indicates the
measured X-ray counts corresponding to element B, and kg, is the proportionality factor

between element B and B'. By using Cg, + Cc, + Cre = 1 together with the Cliff-Lorimer

formula, where IIS—b is determined by taking the ratio of the area under the Gaussian peaks of
Co(Fe)

Sb and Co (Fe) at one of the B-site positions, we were able to quantify the occupancies of Sb,
Co and Fe at that position. In order to apply this method, we first have to determine the kg, co
en kg, e factors by linking the ratio of the sum of the Gaussian peaks of both B-site positions
to the ratio of the concentration derived from the entire HR-EDX map itself: 32.4 at% Sb, 33.6
at% Co and 34.0 at% Fe.

The quantification of the occupancies of both B-site positions is shown in Table 3. The error

on the occupancies is calculated by propagation with the k factor variation Akg g,/kp g, ~ 0.1

and assuming the error on the counts Iy is \/E [3]. Note that the values derived from HR-EDX

maps are always only an estimate due to electron beam channelling and broadening [45]. All
three B cations are present at both sites but in different ratios. A higher Fe concentration is
present at the 2d site position, which is mainly occupied by Co, than at the 2c site, which is
mainly occupied by Sb.
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Table 3. The occupancies calculated by the Cliff-Lorimer method for both B-site positions of the
Cala,FeCoSbhOg sample. The average composition over both positions is in agreement with the overall

measured composition shown in Table 5.

Sb [at%] Co [at%)] Fe [at%)]
2c site 56(2) 15(1) 29(2)
2d site 9(1) 52(3) 39(3)
Average 33(2) 34(3) 34(4)
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Figure 20. The individual element maps are shown for Sb, Co and Fe with on the right the
corresponding line profiles (black) given in counts. Each peak is fitted by a Gaussian peak displayed
in a blue dashed line, where the FWHM is fixed for each element. The green line shows the sum of the

Gaussian peaks.
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However, an attempt to use this cation distribution in the analysis of the neutron diffraction
data, which were collected from the bulk sample rather than from local regions, resulted in a
significantly worse fit. In the cases of CalLa>FeNiSbOg and SrLa>FeNiShOy, the line profiles
taken over the HR-EDX maps show a preference of Fe for the Ni-dominated positions, while
NPD and XRD showed an equal distribution of Fe between the 2d and 2c positions. The
discrepancy between the derived B cation distributions will be further discussed after the

structure characterization of BaLa,FeNiSbOso.

BaLa2FeNiShOg stands out from the other compounds as the sample shows two phases with
different symmetries, whereas for the other compounds, all SAED patterns could be indexed
using P21/n. In HAADF-STEM (see Figure 25), all regions, and thus both phases, were
ordered. Taking the B cation ordering into account, the SAED patterns of the main phase,
shown in Figure 21, allow several possible space groups: cubic Fm3m (a%%a®), rhombohedral
R3 (aaa), tetragonal 14/m (a%°") or monoclinic 12/m (a'ac®). The corresponding tilts of the
octahedra around the three basis vectors <100>, of the pseudo-cubic perovskite are indicated
following the space groups using the Glazer notation [46]. The difference between the space
groups is related to the presence of either an anti-phase tilt (denoted with '-') or the absence of
a tilt (denoted with '0"). The characteristics of the different space groups are presented in Table
4. The cubic space group Fm3m describes a structure without any octahedral tilt, while the
rhombohedral R3, monoclinic 12/m and tetragonal 14/m describe a structure with respectively
three, two or one anti-phase octahedral tilt along the different [100]p, [010], and [001],
directions. Therefore, ABF-STEM images were taken along the pseudo-cubic zone axes to
investigate whether octahedral tilts are present or not. The contrast of ABF-STEM images is
proportional to ZY* so that atomic columns appear as dark spots on a white background, and
allows visualizing the light oxygen atomic columns (Zo=8) in the presence of heavy elements.
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BaLaZFeNiSbO9

Figure 21. SAED patterns of the BaLa,FeNiSbOg sample along the zone axes [100]/[010] and [001],

indexed using space group 12/m.

Table 4. The four considered possible space groups for the main phase of BaLa,FeNiSbQOs, with the
corresponding transformation matrices and octahedral tilts, as well as the space group corresponding
to the second additional phase of BaLa;FeNiSbOs.

Space Lattice vectors w.r.t. the parent .
Crystal class ) Glazer notation
group perovskite axes [100]p[010]p[001]p
Cubic Fm3m [200] [020] [002] a%a’%a’
Rhombohedral R3 [110] [011] [222] aaa
Tetragonal 14/m [110] [110] [002] a%’c”
Monoclinic 12/m [110] [110] [002] aacd
Monoclinic P21/n [110] [110] [002] aact
“ An anti-phase tilt is denoted with ¢-’, in-phase with ‘+” and absence of a tilt with ‘0> and an equal letter

denotes an equal size of the tilt angle [46].
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Figure 22A shows elongation, up to splitting in the best parts of the image, of the oxygen
columns, indicating the presence of an anti-phase octahedral tilt, which means that the main
phase has at least one pseudo-cubic axis containing an anti-phase octahedral tilt, and thus
allows to eliminate the cubic space group Fm3m (a%a’a’). Likewise, the rhombohedral space
group R3 (aaa) can also be discarded, since the ABF-STEM image in Figure 22B shows no
tilt, indicating that there is at least one a°. Including the ABF-STEM images in our TEM study
limits the possible space groups to only two, namely the tetragonal 14/m and monoclinic 12/m.
The transition from the pseudo-cubic structure to the tetragonal or monoclinic unit cell is the
same as for the space group of the additional phase P2:/n (a'ac’). The difference lies in the
direction in which the anti-phase octahedral tilt is present; for 14/m (a°") an anti-phase tilt is
only present along the c-axis (=cp), while for 12/m (a'ac) anti-phase tilts are present along the
[110] (=ap) and [110] (=bp) orientations.
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Figure 22. ABF-STEM images taken from the main phase 12/m of BalLa,FeNiSbhOs. (A) ABF-STEM
image taken along the [110] orientation ([010],), where the arrows show splitting of the oxygen column
confirming the presence of anti-phase octahedral tilts. (B) ABF-STEM image taken along the [001]
orientation (i.e. [001],), where the arrow shows the absence of a tilt. The different tilts are also
illustrated in the close-up at the bottom together with the corresponding view of the model, where the
black atoms represent the A cations, the red atoms represent oxygen, and the purple octahedra
represent the B cations with oxygen at the corners.
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Due to twinning and high similarity between many zones, we cannot distinguish between 12/m
(aac®) and 14/m (a%°) using convergent beam electron diffraction. However, the FFT
(Figure 23), taken from the same area as Figure 22A, shows diffuse intensities at positions
corresponding to the extra reflections hhl: 1=2n+1 in the [110] orientation of the secondary
phase P21/n (aa'c™). Diffuse intensities indicate short-range order between the two phases. The
diffuse intensities allow us to locate the cp axis on the image, and index it as [110] of P24/n,
and consequently also as [110] of 12/m or 14/m. As we see splitting of the oxygen columns in
two 90° directions, there is a tilt around an axis perpendicular to cp. This agrees with 12/m but
not with 14/m. The deduction of 12/m is also supported by the diagram in Figure 24 that shows
the group-subgroup relationship between the possible space groups for perovskites with rock-
salt B cation ordering and octahedral tilts (using different settings, 12/m corresponds to C2/m,
and P21/n corresponds to P21/c). This shows that P21/n is a subgroup of 12/m, while there is no
group-subgroup relation between P2:/n and 14/m. The group-subgroup relation between the

two phases P2:1/n and 12/m makes them more likely to coexist within a single crystal.

Figure 23. The FFT was taken from the same area as Figure 22A, but with lower magnification to
visualize the diffuse intensities better, which are marked by the arrows. The bright reflections can be
indexed by the 12/m symmetry, while the diffuse intensities correspond to the extra reflections hhl:
I=2n+1 seen in the [110] orientation of the P21/n symmetry
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Figure 24. A schematic diagram indicating the group-subgroup relations among the 12 space groups,
derived as the isotropy subgroups of Pm3m, including cation ordering and octahedral tilts. A dashed
line joining a group to its subgroup indicates that the corresponding phase transition is required by
Landau theory to be first-order [46].

Ordering is present between Ni and Sb over B-sites (Ni:Sh = 1:1), while Fe is present at both B-sites
with a preference for the Sb position. Right: High-resolution HAADF-STEM image of BaLa,FeNiSbOy
in P2:/n symmetry along the [100] zones axis, where the continuous rows of bright dots along the b-
axis are occupied by both La and Ba. The rows with alternation of darker and brighter dots along the
b-axis correspond to (Ni, Fe) and (Sb, Fe) atom columns, respectively.
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The SAED patterns of the second phase are shown in Figure 16 and are consistent with the
P21/n (a'a'c*) model found for the calcium and strontium analogues. Similar to the calcium and
strontium analogues, the atomic-resolution HAADF-STEM image and EDX maps (Figure 25)
clearly show ordering between Ni and Sh, with Fe present on both sites. However, unlike the
other compounds, the atomic-resolution EDX map implies a preference of Fe for the Sb-
dominated positions, whereas, for the other compounds, it showed a preference for the Ni/Co
shared positions. Note that NPD and XRPD showed an equal distribution of Fe between the 2d
and 2c positions.

The discrepancy between the refined occupancies from NPD and XRPD and the preferences
derived from the EDX maps are explained by our overview EDX results, which show that all
samples have a certain degree of inhomogeneity, except for SrLa,FeCoSbOg. The overview
EDX maps are shown in Figure 26, where only SrLa;FeCoSbOg shows a homogeneous
distribution for both the A and B cations. The maps from the other compounds show an
inhomogeneous distribution for both the A cations (La, A) and the B cations (Fe, B, Sh), which
is also clarified using scatter plots shown in Figure 27. Regions and entire crystallites with
deviating compositions are present, although the A to B ratio is always approximately 1. In
addition to the expected composition, various measurements correspond to either a phase
deficient in both Fe and La, with increased concentrations of A (Ba/Ca/Sr), B (Ni/Co) and Sb,
or a phase rich in Fe and La, with lower concentrations of A (Ba/Ca/Sr), B (Ni/Co) and Sh. The
variations in both the A cations and B cations are much more significant in the nickel-
containing compounds than in the cobalt-containing compound. The average element contents
for the five compounds, each calculated from approximately 50 crystallites, are shown in Table
5. The homogeneity increases in the sequence BalLaFeNiSbOg < SrLaFeNiSbhOg <
CaLazFeNiSbOg < CaLa2FeCoShOg < SrLaFeCoShOs.

Table 5. The average cation contents in atomic percentage of ALa;FeBSbOg (A=Ca, Sr, Ba; B = Ni,
Co).

A La Fe B Sh
SrLazFeCoSbOq 19(2) 33(1) 15(2) 16(1) 16(1)
Cala2FeCoSbhOg 18(3) 35(3) 15(4) 15(2) 17(2)
CalazFeNiSbOq 18(3) 35(3) 15(5) 15(3) 17(3)
SrLazFeNiSbOg 15(3) 36(4) 17(8) 15(4) 17(4)
BalLazFeNiSbOg 15(4) 37(5) 18(7) 15(4) 15(4)

The targeted values, corresponding to ALa>FeBShOg would be 16.7, 33.3, 16.7, 16.7 and 16.7.
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Figure 26. HAADF-STEM image of particles in the ALa,FeBShOg samples with mixed (A/Ca, Fe/B/Sb)
element maps in counts. The A and B cations in SrLa,FeCoSbOg are homogeneously distributed,
compared to the other compounds.
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The correlation between the A cations and B cations can be explained by local charge neutrality
(LCN). For all four compounds, the formula can be written as Laz.xA1+xFe1-yB1+y2Sb1+y2O0
(A=Ca®*, Sr?*, Ba®**; B=Co?", Ni**), where the (La, A) to (Fe, Sh, B) ratio is always
approximately 1 (i.e. both the perovskite A and B cation positions are fully occupied) and
where it is assumed that an increased La content implies an increase in Fe content and that the
content of B and Sh changes equally. The latter is an approximation necessary to reduce the
number of variables to allow a quantitative analysis of the general tendencies and is supported
by the scatter plots in Figure 28, but not always perfectly valid. If there is local charge
neutrality, this complex formula can be rewritten using a single variable, x, by taking into
account the oxidation states of La®*, Fe** and Sh®*; i.e. LazxA1+xFe1-2xB1+xSb1+xO9. Using this
formula, a theoretical relationship that preserves the charge balance between the La:A and
(B+Sh):Fe ratios can be drawn, shown as the grey line in the scatter plots of Figure 27. The
measured compositions of the calcium-containing compounds agree well with the calculated
relationship, showing that despite the variations in the composition throughout the crystals, the
local charge neutrality is well maintained. Note that some of the error bars in Figure 27 are
very large because the error bars are determined by propagation and taking the ratio of the
measured contents can lead to large error bars.

The strontium and barium analogues show a worse fit. The regions that do not fit the curves
within the error margins, marked in the scatterplots of ALa-FeNiSbOg (A=Sr, Ba), actually do
not agree with the assumption that an increased Fe concentration implies an increase in the La
concentration nor with the assumption that the B cations Ni/Co and Sb increase concomitantly
(see Figure 28). Unfortunately, the inclusion of an extra variable allowing for this variation
makes it impossible to produce an interpretable visualization.

Only in the case of the strontium-containing compound is the Gaussian curve of the charge per
region, assuming a perovskite structure with full oxygen occupancy, not centred at 0 (neutral
charge), but at +0.2(2). We cannot currently explain this slight deviation from charge
neutrality. We propose that it might be due to the presence of a non-perovskite phase. The
deviations are then artefacts caused by the assumption of the perovskite structure for all
crystallites. However, no conclusive evidence was seen for such phase among the SAED
patterns or HAADF-STEM images.
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In general, the cobalt-containing compounds are more homogeneous than the nickel-containing
compounds, which could be related to the different reaction rates of Co?* and Ni?* during the
synthesis of the samples; a d® cation possesses greater crystal field stabilization energy than a
d’ cation, and thus tends to react and diffuse more slowly during the synthesis of the sample.
Besides the B cations, also the A cation substitution has an effect on the homogeneity. Since
the A cations are disordered, the size difference between La and A will induce lattice stress,
which will increase as the mismatch between La and A increases. Most probably, this lattice
stress will force the A and B cations to distribute into domains with different compositions in
order to lower the lattice stress. As the size difference between A and La increases with the
atomic number of the A cations: Ca (A=0.02 A), Sr (A=0.08 A) and Ba (A=0.25 A), it is
expected that the degree of inhomogeneity also increases with the following sequence: Ca-
compounds < Sr-compounds < Ba-compound, which is in agreement with the observed TEM

results.
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Figure 27. Scatterplot taken from the experimental compositions obtained from the inhomogeneous
ALay;FeBSbOq. The x-axis shows the ratio between the A cations, La/A, and the y-axis shows the ratio between
the B cations (B+Sb)/Fe. The ‘t’ in the legend stands for the calculated tolerance factors. The experimental
compositions that do not fit the theoretical relationship between the A and B cations based on the local charge
neutrality, taking into account the error bars, are shown in dark orange/blue. The arrows mark experimental
compositions that do not satisfy the assumption that an increase in La implies an increase in Fe. The inset show
the total charge of all the experimental compositions.
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Figure 28. Scatterplots were taken from the four inhomogeneous compounds. The x-axis and the y-axis
show respectively the Ni/Co and Sh concentrations for each measured composition, given in atomic
percentage. The black line corresponds to a 1:1 ratio, corresponding to both B cations always varying
in the same way, as taken as an assumption in the quantitative treatment described in the main text.
These scatterplots show the assumption is not valid for all crystals but can be taken as a general
tendency.

Since the ionic radius of Ba®* (1.61 A) is significantly larger than the ionic radii of Ca?*, Sr**
and La®*, which are equal to respectively 1.34 A, 1.44 A and 1.36 A [47], the average ionic
radius of the A cations, Ba and La, will vary much more than for the strontium and calcium
analogues, causing clear structural variations with different symmetries. In general, when a
significantly smaller A cation or larger B cation are introduced into the structure, octahedral
tilts can appear to fill the space between the octahedra in order to stabilize the structure. The
presence of such octahedral tilts can be predicted by the Goldschmidt tolerance factor, which
is described in the introduction. Using this as a rough guideline, we found that the measured
compositions for BaLaFeNiSbOg mainly lie in the range where only anti-phase tilts are
expected, which are shown as blue dots in the scatterplot in Figure 27, while a few variations
belong to the range where both in-phase and anti-phase tilts are expected, which are shown as
orange dots and can be ascribed to the P21/n (aa'c*) phase. The measured tolerance factors
agree with our conclusion from TEM that the main phase is 12/m, as the most plausible
transition is from an in-phase tilt around the c-axis (i.e. P21/n (a'a'c*)) to no tilt around the c-
axis (i.e. 12/m (aac?) with increasing A cation size. A similar phase transition has also been
reported for Ba>xSrxInTaOs [48].

47



In the case of the calcium-containing compounds, the difference in ionic radii is negligible, and
all the calculated tolerance factors (Figure 27) correspond to the P21/n symmetry, as expected.
XRPD analysis also suggested a larger monoclinic distortion, which can be explained by the
smaller average ionic radius of the A cations, La and Ca, causing higher octahedral tilts. For
SroLaFeNiSbOg (Figure 27), some of the measured compositions would point towards a
structure with only anti-phase octahedral tilts, similar to BaLa2FeNiSbO, although all SAED
patterns could also be adequately indexed using P2i/n. However, the calculated tolerance
factors vary between 0.956 < t < 0.965, and the tolerance factor is only a rough guideline. In
the case of the homogeneous SroLaFeCoSbhOg, the calculated tolerance factor derived from the

average composition corresponds to 0.956(1), which agrees with the P21/n symmetry.

The magnetic model used by our collaborators to account for the magnetic scattering observed
in the NPD patterns is essentially an antiferromagnetic G-type magnetic structure, albeit with
different ordered moments on the 2c and 2d sites. A G-type structure occurs when
antiferromagnetic superexchange between nearest-neighbour (NN) cations is the dominant
magnetic interaction. If we assume that the samples are homogeneous with B cation ordering
(i.e. 2c site: 2/3 Sb°* and 1/3 Fe®*; 2d site: 2/3 Ni/Co?* and 1/3 Fe3*) and that the NN coupling
is the only significant interaction operating, then we expect to see a mean ordered moment of
Mere/3 on the 2c site and (Mre+2Mconi)/3 on the 2d site, where the Mee and Mconi represent the
magnetic moments of respectively Fe* and Co?*/Ni?*, which are equal to ~5ug and ~3pe/~2s,
respectively. In the total G-type structure, the magnetic moments of Fe** will cancel each other
out, resulting in a net magnetic moment of Mconi per formula unit. However, the observed net
magnetization is lower than the one calculated from this simplistic model. This might be
explained due to the presence of the diamagnetic Sb°* that might reduce the effectiveness and
dominance of the NN coupling. Although the antiferromagnetic Fe—-O-Fe and Ni/Co-O-Fe
interactions between NN sites seem to dominate, it is likely that significant next-nearest-
neighbour (NNN) 90° interactions along Fe-O-O-Fe or Fe-O-O-Ni/Co pathways will
compete with them. The frustration thus introduced might be responsible for the low magnetic
moments. Similar behaviour has been reported in other magnetically dilute, cation-disordered

perovskites [49].
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However, the discussion of the magnetic properties presented above is largely based on the
assumption that our samples are homogeneous while in reality, only SrLa,FeCoSbOg satisfies
this assumption. All the different particles have the perovskite structure, and this allows us to
model the neutron diffraction data to get an average structure, even when the cation distribution
is inhomogeneous. However, the magnetic properties of each particle will be governed by
different local interactions. For example, a crystallite rich in lanthanum and iron might be
expected to have magnetic properties similar to those of LaFeOs [50-52]. The nickel-
containing compounds have a lower saturated moment per formula unit than the cobalt-
containing compounds, which is to be expected given the lower moment of Ni*. However, the
decrease might be partly attributable to the higher level of inhomogeneity present in these
compositions. This is consistent with the fact that BaLa>FeNiSbOg, which shows the greatest
level of inhomogeneity, has the lowest susceptibility and saturated moment, while
CalazFeNiSbOg and SrLa2FeNiSbOg are rather similar to each other.

The magnetic transition temperature of these ALa,FeBSbOs (A=Ca, Sr, Ba; B=Ni, Co)
perovskites is higher than those of LasNi2SbOg, which might in part be attributed to the large

magnetic moment associated with Fe3*,

49



3.2.2. Conclusion

The diffraction and microscopy data show that the trio of cations are distributed in a way which,
to the best of our knowledge, has not been seen in any other perovskite-related compound; one
is occupied by B?* and Fe®*" in a 2:1 ratio and the other by Sb®" and Fe®" in the same ratio.
While X-ray and neutron powder diffraction data agreed for all four compounds with a single-
phase, monoclinic crystal structure in space group P21/n, TEM images revealed different levels
of compositional inhomogeneity at the subcrystal scale. The deviations in the composition
appear to adhere to charge neutrality; this was seen most clearly for the calcium-containing
compounds. In BalLaxFeNiShOg, the most inhomogeneous compound, the compositional
inhomogeneity leads to the occurrence of both a primitive P21/n phase and a body centred 12/m
phase. Magnetometry data, together with neutron diffraction data, have shown that these
perovskites are ferrimagnets with relatively high Curie temperatures, and their ferrimagnetism
can be explained by a G-type magnetic structure model by assuming single-phase
compositions. The decreased average magnetization compared to the predicted one is ascribed
to the inhomogeneity of the compounds. A key conclusion from this work is that structural
models which account well for X-ray and neutron diffraction data and which contain entirely
plausible bond lengths may be flawed because they do not include features in the
microstructure that play an important role in determining the physical properties of the
compound; these features only become apparent when the microstructure is studied by electron

microscopy.
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3.3. AoLaFe,SbOg (A = Ca, Sr, Ba)

3.3.1. Experimental results and discussion

In a continuation of this work, we have investigated the iron-rich AoLaFe>SbOs (A=Ca, Sr, Ba)
perovskite series. As we have seen in the previous ALa,FeBSbOg (A=Ca, Sr, Ba; B=Ni, Co)
series that partial substitution of an A cation with a significantly different size affects the crystal
structure, we expect to also observe different symmetries for the A;LaFe;SbhOs compounds.
The XRPD and NPD analyses indeed show different phases for the different A-compounds;
however, the symmetries derived from XRPD and NPD do not always agree with each other.
For CazLaFe2SbOs, both analyses describe the structure by the monoclinic P2:1/n symmetry
with two crystallographically distinct B-sites with a cation distribution of
CazLa(Fe1.25Sho.25)24(Feo.75S00.75)2c00. In the case of SroLaFe>SbhOg, the XRPD pattern could
be accounted for in terms of a single perovskite phase having a triclinic unit cell with a ~\2ay,
b ~~\2ap and ¢ ~2ap, where the absence of many reflections indicated that this cell was |-
centred. However, the reflections observed in the NPD pattern did not satisfy the reflection
condition for an I-centred unit cell; hkl: h+k+I = 2n. Although these reflections are very weak,
the presence of these reflections reduces the space group to triclinic P1. Finally, for
BayLaFe,ShOg, the XRPD pattern could be indexed by the disordered cubic Pm3m symmetry;
however, the NPD analysis demonstrated broad peaks with tails suggesting some deviations in
the cubic structure.

Therefore, it was necessary to investigate the samples with electron microscopy. Since in the
previous study the discrepancies arise from the inhomogeneity of the A and B cations, we have
first performed an EDX study to examine the homogeneity of the compounds. The EDX maps,
shown in Figure 29, reveal a high degree of inhomogeneity for all three samples with the
experimentally derived average compositions presented in Table 6. The calculated
compositions reveal a B cation ratio Fe:Sb of 3:2 instead of the targeted ratio 2:1. The ratio of
the A cations A:La is approximately 2:1 for the calcium and barium compounds, while for the
strontium compound, the ratio corresponds to 3:2. Nevertheless, the relationship between the
A and B cations is similar as seen in the previous ALaFeBSbOg series: an increase of the

lanthanum content implies an increase of the iron content.
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Table 6. The average cation contents per element, in percentage of the total cation content.

A La Fe Sb
CazLaFe2ShOg 34(6) 17(6) 30(3) 19(3)
BazLaFe2ShOg 34(5) 18(6) 30(3) 18(3)
SroLaFe>ShOg 30(7) 20(8) 32(5) 18(5)

Ca,LaFe,SbO,

‘o

Figure 29. HAADF-STEM image of particles in the A;LaFe.SbOg (A=Ca, Sr, Ba) perovskites with
mixed (Fe, Sb) and (La, A) element maps, given in counts.
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Scatterplots of the experimental compositions of the three samples are depicted in Figure 30,
where the black dot represents the experimentally derived average composition, showing a
deviation from the targeted one, which is marked by a red dot. Therefore, we will describe the
compositional variation of the A and B cations with respect to the experimentally derived
average composition, in which the total charge is held constant, leading to the formula
AZ\>_XLai"]:a>+XFei;e>+X/2Sbi§b>_x/205_,
where <element> stands for the average content of the element. In this simplified model, the
ratio of the (La, A) and (Fe, Sb) cations is approximately 1, and it is assumed that no oxygen
vacancies are present. The relation between the variation of the (A, La) and (Fe, Sh)
concentrations is shown in Figure 30 as a grey line and results in a good fit with the
experimental compositions. This means that for all three samples, the variation in composition
satisfies the derived relationship that preserves the charge balance.
In the case of SroLaFe>SbOg, the total charge is shifted to a positive net charge with an average
of ~ 0.3(3)e. Moreover, the average composition of only the strontium compound does not
agree with the targeted A/La ratio, which might be the cause of the shift in total charge. Assume
that the experimentally derived Sr/La ratio is wrong and is equal to 2:1 as observed in the other
two compounds instead of 3:2. The local charge would then become lower, and thus, closer to
zero, as the oxidation of Sr?* is lower than the oxidation of La®**. Comparing the element lines
of the A cations used for the EDX quantification: the energy of the X-rays corresponding to
the L-line of strontium (1.806 keV) is much lower than the energy of the X-rays corresponding
to the lines of La (L-line 4.647 keV), Ca (K-line 3.692 keV), and Ba (L-line 4.466 keV). As
low energy X-rays are more likely to be absorbed by the sample [3], the detected X-rays of
strontium will suffer more from absorption than the X-rays from the other elements. As a
consequence, it might be that the measured strontium content is lower than in reality present in
the sample, causing a positive shift of the net charge. This might also explain the slight shift of
the net charge that is only observed in the strontium sample in the previous study.
The total charge for BaoLaFe2SbOg lies around zero, while for CazLaFe2SbhOga shift to +0.2(1)e
is observed, which can be attributed to the overlap of the K-line of Ca (3.692 keV) and the L-
line of Sb (3.604 keV). It is possible that during the quantification a very small amount of
calcium was considered as Sb, which leads to a higher positive net charge for the cations due
to the higher oxidation of Sb® compared to Ca?". In the CalLaFeBSbOg samples from the
previous study, the concentration of calcium is much lower compared to lanthanum, which

reduces the possible EDX error found in CazLaFe;ShOs.
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Figure 30. Scatterplots, taken from the experimental compositions obtained from the A;LaFe;SbOq
perovskites. The x-axis shows the ratio between the A cations, A/La, and the y-axis shows the ratio
between the B cations Fe/Sb. The ‘t’ in the legend stands for the calculated tolerance factors. Inset
shows the total charge of all the experimental compositions. The grey line represents the relation
between the variations of the (A, La) and (Fe, Sb) concentrations while preserving the total net charge.
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In contrast to the ALaxFeBSbOg series, the sequence of the degree of homogeneity is
BazLaFe,ShOg > CazLaFe2SbOg > SroLaFe2SbOg; although in both series the greatest level of
inhomogeneity is accounted to a sample with multiple phases. The TEM study, discussed
below, shows that SroLaFe,ShOs consists of two phases, which is supported by the tolerance
factor. The calculated tolerance factors of the different compositions found for
(Ca,La)3(Fe,Sh)30q are all lower than 0.964 (see Figure 30) and indicate that the structure
contains both anti-phase and in-phase octahedral tilts, which is in agreement with the P2:/n
symmetry derived from XRPD and NPD analysis. According to the tolerance factors calculated
from the experimental compositions of (Ba La)s(Fe Sb)zO9 (all t-values > 0.985), the crystal
structure is untilted, which supports the cubic Pm3m symmetry derived from XRPD. In the
case of (SrLa)s(Fe Sb)z0g, the majority of the tolerance factors calculated from the different
experimental compositions correspond to the range with only anti-phase tilts (i.e. the
compositions shown as blue dots in the scatterplot in Figure 30), which can be seen as the main
phase. The remaining tolerance factors (i.e. the compositions shown as green dots) lie in the
range where the structure is described without tilts, similar to Ba;LaFe2SbOg, and would come

from particles of a second phase.

The symmetries of the three samples were determined by a combination of SAED patterns,
HAADF-STEM images and in the case of SroLaFe>SbOg also ABF-STEM images. The SAED
patterns (Figure 31) and HAADF-STEM image (Figure 32) obtained from CazLaFe2ShOq
confirm the P21/n symmetry and cation ordering proposed for Ca;LaFe>ShOg based on the
XRPD and NPD data.
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Ca,LaFe,SbO,: P2 /n

* [100]
" o [010]

Figure 31. SAED patterns of A;LaFe.SbhOs (A=Ca, Sr, Ba). The SAED patterns obtained from
CasLaFe;ShOg could be indexed by the monoclinic P2i/n symmetry. The SAED patterns of
SroLaFe,ShOg show the presence of two phases; the main phase corresponds to an ordered 12/m or
14/m phase, whereas the additional phase is a disordered phase with the orthorhombic Pbnm symmetry.
All SAED patterns of Ba;LaFe,SbOs could be indexed using the disordered cubic Pm3m symmetry.
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Figure 32. High resolution HAADF-STEM image of Ca;LaFe,;SbOq along the [010] zone axis.

From electron diffraction, it was found that Sr.LaFe>SbOg consists of two phases with different
symmetry (Figure 31). The HAADF-STEM image, shown in Figure 33, reveals that the
structure has both ordered as well as disordered regions. Figure 33A and C illustrate the
original HAADF-STEM image and the corresponding FFT, respectively. Figure 33B
represents the inverse FFT when only the diffuse intensities marked by the red arrows in Figure
33C are taken into account, which reveals the presence of areas that contain B cation ordering,
represented by the black and white dots. The combination of the inverse FFT and the original
HAADF-STEM image results in the image shown in Figure 33D, in which the B cation
ordering is represented by the yellow and red dots, corresponding to atom columns that contain
more Sb and Fe, respectively. Comparing the FFTs taken from these regions with the SAED
patterns, the disordered phase could be described by the Pbnm (a'a'c*) symmetry where the
Fe3* and Sb®* cations are distributed in a disordered manner. The SAED patterns corresponding
to the ordered phase can be indexed using the following space groups, which all allow an
ordered cation distribution: 12/m (aa'c®), 14/m (a%a’c’), R3 (aaa’) and Fm3m (a%a’a’). These
are the same space groups as discussed for the BaLa>FeNiSbOg sample, and the characteristics

of these space groups were summed in Table 4.
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Figure 33. A) High resolution HAADF-STEM image of SroLaFe,ShOg along the [100] zone axis. B)
The inverse FFT obtained from the reflections marked by the red arrows in (C). The black and white
dots show areas with B cation ordering. C) The FFT corresponding to the HAADF-STEM image in (A).
D) The original HAADF-STEM image (A) combined with the inverse FFT (C). The yellow and red dots
represent atom columns that contain more Sh and Fe, respectively. The FFT corresponding to the red
region can be indexed by the ordered space group 12/m or 14/m. The FFT corresponding to the blue
region confirms the disordered Pbnm symmetry.
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In order to determine the correct space group of the ordered phase, ABF-STEM images were
taken, which are shown in Figure 34 and Figure 35. In the case of the ABF-STEM image in
Figure 34, the corresponding HAADF-STEM image shows ordering between the Fe and Sb
cations, indicating that the ABF-STEM image represents the ordered phase. The oxygen atom
columns in the ABF-STEM image are shifted upwards and downwards by an octahedral tilt.
Consequently, we can exclude the tilt-free (a%a’a®) space group Fm3m. Figure 35 shows the
ABF-STEM image along one of the <100> directions of the cubic parent, of which the FFT
corresponds to the ordered phase. The HAADF-STEM image shows no tilt, which means that
R3c (aaa) can also be excluded, leaving 12/m (aac®) and 14/m (a’°c) as possible space
groups, which would look identical in ABF-STEM images. As a consequence of the domain
structure, twinning and the high degree of similarity between many zones, we were unable to
distinguish between these two space groups using CBED. Further, no diffuse intensities were
observed that could be used to exclude one of the two space groups, as was possible in the case
of BaLaxFeNiShOy.
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Figure 34. High resolution ABF-STEM (left) and HAADF-STEM (right) image of the ordered phase in

SroLaFe,ShQg along the [010] or [111] zone axis in respectively 12/m or 14/m. The red arrows in the

ABF-STEM image show the up and downwards shift of the oxygen atom columns along the c direction

caused by the presence of an octahedral tilt. The HAADF-STEM image is taken simultaneously with
the ABF-STEM image and shows the ordering between the B cations.
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Figure 35. High resolution ABF-STEM image of the ordered phase in Sr.LaFe,ShOg along the [001]
zone axis in the 12/m symmetry or [110] in the 14/m symmetry.

The element maps in Figure 36 demonstrate that the two phases, defined by the corresponding
FFTs, arise due to the inhomogeneity of the A and B cations. Region 2 shows extra reflections
corresponding to symmetry Pbnm, while region 1 does not show these extra reflections and
corresponds to the 12/m or 14/m symmetry.

The region corresponding to the disordered Pbnm phase contains more iron and lanthanum than

the ordered phase. The compositions calculated from these two regions are:

— Region 1 (ordered 12/m — 14/m): SragsLagsFe27.7Sb2430x  t = 0.987 (= no tilts)

— Region 2 (disordered Pbnm): Srag3lazo.3Fes24Sb1soOx  t = 0.978 (= anti-phase tilts)

The comparison between the calculated tolerance factors and observed symmetries show that
the predicted two phases do not correspond to the observed phases. For the ordered phase, both
12/m (aac®) and 14/m (a%a’c") describe a structure with only anti-phase tilts, while the calculated
tolerance factor predicts an untilted phase (which belongs to the range of green dots in Figure
30). The disordered Pbnm (a'a'c*) phase contains both in-phase and anti-phase tilts, whereas
the predicted phase only contains anti-phase tilts (which belongs to the range of blue dots in
Figure 30). The expected tolerance factors t should be lower in order to be consistent with the
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observed two phases. This means that for the disordered Pbnm phase (i.e. in-phase and anti-
phase tilts) t should be smaller than 0.964, and for the ordered 12/m or 14/m phase (i.e. only
anti-phase tilts) t should vary between 0.964 — 0.985. From the EDX study, we suggested that
the EDX quantification might introduce an error and might detect a lower strontium content
than present in the structure. When the strontium concentration (Sr>* 1.44 A) is higher, and
thus the lanthanum concentration (La®* 1.36 A) lower, the net charge decreases and become
closer to zero, which supports our hypothesis. However, the ionic radius of strontium is larger
than the ionic radius of lanthanum, which means that the tolerance factor would become higher,
which is in contradiction with what we would expect. On the other hand, the ordered phase is
similar to the ordered perovskite SroFeSbOg that is known in literature to adopt an 12/m
structure at room temperature [53], with a reported tolerance factor of 0.993. This again shows
that the tolerance factor can only be used as a rough guideline, but not as a method to determine

the crystal structure.

Y
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12/m-14/m

Figure 36. At the left and in the middle the mixed elemental maps of respectively (Fe, Sh) and (La, Sr)
are shown, with on the right the FFTs corresponding to region 1 and 2, marked in the elemental maps.
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Finally, the TEM study of BaxLaFe,ShOg confirmed that the structure is cubic. The SAED
patterns shown in Figure 31 are consistent with the cubic model Pm3m; however, we cannot
rule out lower-symmetry space groups with the same reflection conditions: R3¢, 14/mcm and
Imma. Moreover, the HAADF-STEM image shown in Figure 37 together with the FFTs of the
two regions marked on the HAADF-STEM image and the line profiles obtained from these two
regions (Figure 38), show that region 1 has ordered B cations, while region 2 does not. Thus
cation-ordered nanodomains are present in the main Pm3m phase. These are probably a
consequence of the compositional variations. Similarly to the disordered phase, the ordered
nanodomains can be equally well described by several space groups, in this case by Fm3m, R3,
14/m or 12/m. Comparing the possible space groups to the average tolerance factor calculated
for BaxLaFe>ShOs: t = 1.02(1), and taking into account the large average A cation size, it is
unlikely that the structure adopts a tetragonal 14/mcm (14/m) or orthorhombic Imma (12/m)
structure. Since no improvement in fit quality of the NPD analysis was achieved when the
symmetry was lowered to rhombohedral space group R3c, we therefore concluded that the data
did not justify the use of a symmetry lower than cubic, which means that the structure can be
described by the disordered Pm3m phase with ordered nanodomains that adopt the cubic Fm3m

symmetry.

Figure 37. High resolution HAADF-STEM image of Ba,LaFe,SbOy along the [110] zone axis combined
with an inverse FFT calculated from the extra reflections marked by the red arrows in the FFT of region
1. The extra reflection in the FFT of region 1 are related to the presence of B cation ordering. The B
cation in region 2 are not ordered, and thus no extra reflections appear in the corresponding FFT.

62



\ (Fesb) (Fe:Sb) ﬂ
[
| \
182 | [\ I\ |
-a.oo'o'co-.'o. “\ Fe I F’e I Fe "‘ ( A :
-..;oou;-ooo;so 3 “ : ," I | Nl ““ I\
' . 3 A | L A |
oo.ovo-oo.t‘QOc < \‘ “ I\ '\“‘\ “‘ Il \’M‘ ‘\“ “l‘\“
oo.-.vtcoc.»o.. .E | ,!‘m\ "l L Y | || \:‘\‘ | |
| | | |
-?‘.oooc-.ooo-’o E‘( "““'5““ ‘,] ‘J\“r‘y‘f | [ |
PREIERTIIFRIINILISSY = “‘/‘““‘ | \ ‘;\/5
\ 5 S R I O T O U " A 7 A J
'.uuoo.--‘Ov.'ou \// / VY \/ */\/‘ \ V
B R EE2EEE R ERE R R N
I..t“ll'.’.l’.. 20
. Distance (Angstrom)
u----u------.k
2-sovoo.'0o?voo {‘
A I " | P | |
........... ' ‘r‘ 7 ’\‘ n I\ \ n I | 0\ |
Jeissisiiias 4 - A A A O L O T [ | N
: ‘ = || | | \~ "} | | [ T A | ||
.............. . | | | | | |
.on-t.o.ovogsoo ‘ “‘L“"'i‘ [ | )“‘ T L O Y
SRS ARt d AL R AR A %‘" | y““ | ‘.:“;\“‘\\ ‘
.olo'o’.'o.!'.. “““ ‘\\H‘H‘ ‘;H‘\ n"J
Q‘Oo'ooogson.;. | \ \\' i ‘J |
.".";000..0.; VAR AL VA A Vv U L
» 5 J
...'..I......"
‘uo'oo.'o;u'-o; 20 25
L E2533%% Distance (Angstrom)

Figure 38. High resolution HAADF-STEM images of Ba,LaFe,SbOq of regions 1 and 2 of Figure 37,
and the corresponding line profiles along the indicated rows of B cations.

Magnetometry demonstrated that all three compounds show a small remanent magnetization
at 300 K suggesting that none of the three compounds is a simple paramagnet at 300 K. At 5
K, the remanent magnetization M, decreases and the coercive field H¢ increases as the radius
of the alkaline-earth cation increases, which are listed in Table 7. Magnetic scattering was also
observed in neutron diffraction for the CazLaFe>2ShOg and BazLaFe>ShOg samples at both 300
K and 5 K. Both samples can be described by a G-type magnetic structure, where the Fe®*
cations on the 2c and 2d sites couples antiferromagnetically with their six nearest-neighbours
(NN) on respectively the 2d and 2c sites. In the case of CazLaFe>SbOy, the presence of different
concentrations of Fe®* cations on the two crystallographic sites results in ferrimagnetism
whereas the cation disorder in BazLaFe,ShQy results in equal populations of Fe** on the two
sites and, consequently, antiferromagnetism. However, in both cases, the ordered magnetic
moment per cation is lower than would be expected for a simple Fe®* system. This might be
explained by the formation of a spin glass under the transition temperature of ~40 K for
CazLaFe2SbOg and ~50 K for BazLaFe2ShOg, where some spins freeze instead of order and

form a glassy phase.
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Table 7. Coercive fields and remanent magnetization per formula unit, Hc (kOe) and M, (us) at 5 K and
the transition temperature (K) of A,LaFe,SbhOy (A=Ca, Sr, Ba).

He M; T
(kOe) (ke) (K)
CazLaFe2ShOg 0.60 0.18 ~215K
SraLaFe2ShOg 2.0 0.074 ~ 250 K
BazLaFe;ShOy 3.0 0.058 ~ 350K

In the case of CazLaFe,ShOy, also no long-range ferrimagnetic ordering is observed at 5 K. By
analogy with Sr.LaCroSbOg [54], we suggest that some of the decoupled spins might lie in the
domain walls that separate different ferrimagnetic regions. TEM has shown that the local cation
composition varies throughout the CazLaFe.SbOg sample and, by analogy with SroFeSbOs
where the NNN interactions dominate [55], in antimony-rich regions, there will be competition
between the NN and NNN interactions which will lead to frustration and hence the absence of
long-range magnetic order. We suggest that it is the spins in these regions that do not belong
to the G-type structure favoured by NN interactions and instead undergo a transition to a glassy
state at ~40 K. This explanation can also be extended to SroLaFe,SbOg where the composition
variation is large enough to cause phase separation, giving that the magnetic behaviour is the
sum of contributions from iron-rich and antimony-rich regions. Unfortunately, the coexistence
of the ordered and disordered phase makes it impossible to refine the NPD pattern and analyse

the magnetic ordering in detail.

Different from CazLaFe2SbOg the random distribution of the B cations in BazLaFe2SbOg
results in an antiferromagnet instead of a ferrimagnet, leading to the coexistence of an
antiferromagnetic phase with a spin glass at low temperatures. As the level of variations in the
composition is similar to CacLaFe SbOg, we propose that the observed behaviour is again
attributable to frustration caused by competition between NN and NNN neighbours in

antimony-rich regions.
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From a structural point of view, CazLaFe;ShOg is the simplest of the three compositions
described above. The X-ray, neutron and TEM data are all consistent with a monoclinic
structure in which the B-sites are occupied by a partially-ordered arrangement of Fe®* and Sbh>*
cations. The two sites are also of a similar size in CaFeShOs, where the Fe:Sb cation
occupancy ratio at the larger B-site has been reported to be 94:6 [53], although, a more marked
difference was apparent in SroFeSbOe for which less-well-ordered cation occupancy ratios of
79.5:20.5 and 89:11 have been reported in independent studies [53,55]. From TEM it was
found that SroLaFe>ShOg contains two phases: an ordered I-centred phase 12/m or 14/m with a
cation ratio Fe:Sb ~ 1:1, and orthorhombic phase Pbnm showing a disordered cation ratio Fe:Sh
~ 3:2. The ordered phase is consistent with the structure of SroFeSbOe reported by Faik et
al. [53]. The different cation ratio Fe:Sb in the disordered phase compared to the ordered phase
(i.e. 3:2 instead of 1:1) might be the driving force for the high degree of disorder. The
discrepancy between the phases derived from XRPD (i.e., 11) and NPD (i.e., P1) is attributed
to the coexistence of both an I-centred and primitive phase. Since the extra reflections present
in the primitive phase are very weak, these reflections were missed in the XRPD analysis. The
combination of both symmetries prevented the refinement from achieving a good fit with high
symmetry and reduced the space group to triclinic that allows getting a better fit by giving more

freedom to the structural parameters.

Cation ordering is also essentially absent from BazLaFe,ShOs. The TEM study confirmed the
disordered cubic Pm3m structure, but also revealed a low concentration of ordered
nanodomains with Fm3m symmetry. The broad peaks and tails observed in the NPD pattern
can be explained by the occurrence of these ordered nanodomains.

It appears that the larger the radius ratio ra/rs, the more likely the cations are to be
disordered [56], with calcium-based compositions tending to order, their strontium analogues
adopting both ordered and disordered forms and the barium analogues being disordered. Vasala
et al. [40] have commented on this trend in the past and ascribed it to the greater need to

maximise the separation between highly-charged cations when the unit cell volume is reduced.
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3.3.2. Conclusion

The complexities in the A;,LaFe2SbOy compounds stem from the presence of two cations, Fe®*
and Sb®*, with differences in size and charge that place them on the borderline between cation
order and disorder. Only CazLaFe>ShOg can be considered to be a true, single-phase compound,
albeit with some degree of compositional inhomogeneity. The barium analogue can be treated
as such, although the level of inhomogeneity is sufficient to support the formation of a few
ordered nanodomains within a matrix of disordered cations. In the case of SroLaFe,SbOg the
inhomogeneity causes a significant degree of phase separation within the sample.

We can conclude that when the A cation size increases, the disorder of the B cations increases
and the symmetry of these triple perovskites A2LaFe>SbOg becomes higher. The variation in
the degree of cation ordering leads to a change from ferrimagnetism in Ca.LaFe,SbOg to
antiferromagnetism in BaoLaFe>SbhOs. In both cases, the inhomogeneity results also in the

presence of a spin glass phase.

3.4. Conclusion of ALaFeBSbOg and A,LaFe,ShOq

These studies were originally motivated in an attempt to observe relaxor ferromagnetism, as in
LasNi,ShOg [22]. We have synthesized a number of triple perovskites containing Fe®* in an
attempt to find more examples of relaxor behaviour but without success. We have invoked
competition between NN and NNN interactions to explain the observed behaviour of our
samples. This leads us to suggest that the relaxor phenomenon is most likely to be observed in
compounds containing Ni?* because the d®tx°® e4? electron configuration leads to a NNN
interaction that is weaker than those involving d°:txg® e4? configurations as Fe®*.

The compounds described in the two studies exemplify the structural complexities that can
exist within the perovskite family. It is possible to synthesize samples whose chemical
formulae suggest that multiple elements are present on the six-coordinate site within the
structure and it is possible that the XRPD and NPD patterns of the sample will be consistent
with the formation of a monophasic product and that still TEM reveals variations in
composition, cation ordering and symmetry that are not seen by XRPD or NPD, and these
variations can have a marked effect on the physical properties of the material.
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Chapter 4. Zn,FeBO¢ (B = Nb, Ta) series
& ZnSN0Os3

This section is based on the paper: Y. Han, Y. Zeng, M. Hendrickx, J. Hadermann, P. W.
Stephens, C. Zhu, C. P. Grams, J. Hemberger, C. E. Frank, S. Li, M. Wu, M. Retuerto, M.
Croft, D. Walker, D. Yao, M. Greenblatt, and M.-R. Li. Universal A-cation splitting in LiNbOz-
type structure driven by intrapositional multivalent coupling. Journal of the American
Chemical Society, 2020, 142, 15 [57]

4.1. Introduction

Multiferroic materials exhibit simultaneous ferroelectric and magnetic ordering. Only in a few
cases, a strong coupling between the magnetization and polarization occurs, the so-called
magnetoelectric effect, which allows to electrically control the magnetism and vice versa for
spin-electronic technology, such as magnetic storage and processing applications [58,59].
However, materials with both magnetic and electric properties are difficult to synthesize
because of the conflicting electronic requirements of these properties [60]. So far, only a few
materials are known to behave as a multiferroic material at room temperature; nevertheless, all
of them have drawbacks such as a small spontaneous polarization or only weak magnetoelectric
coupling [61]. Therefore, it is essential to explore new materials.

One of the strategies to produce ferroelectric polarization in perovskites is via structural
distortion by locating an unusually small cation at the A-site. The small size of the A cation
implies cation displacement and octahedral distortion, which induces polarization, as observed
in the corundum derivative ZnSnO3z [62,63]. Then, to incorporate the magnetic ordering, the
presence of unpaired d" cations is required, such as Fe. However, materials like ZnFeOs3 are
found to be simple magnets [64,65].

First-principle theoretical calculations have shown that in double perovskites the second-order
Jahn Teller (SOJT) effect of the d® ions at the B’-site energetically favours the formation of the
polar LiNbOs (LN)-type structure (R3c) as demonstrated in Mn2FeBOg (B = Nb>*, Ta®") [66].
Nevertheless, to the best of our knowledge, convincing ferroelectric switching has only been

observed in ZnSnOz [63] and FeTiOz [67] among the high pressure and temperature (HPT)-
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prepared LN-type compounds. The Zn-compounds have the relative lowest ferroelectric
reversal barrier energy (Evarrier) indicating that polar corundum with Zn at the A-site is one of
the most promising ferroelectric materials [59,68—71].

These findings have extended the LN-structures to double corundum systems and lead us to
investigate the isostructural Zn,FeBOs (B = Ta®", Nb°*) in an attempt to create multiferroics
with strong magnetoelectric coupling.

Understanding the electric dipole switching in multiferroic materials requires a deep insight in
the atomic-scale local structure evolution to reveal the ferroelectric mechanism, which remains
unclear and lacks a solid experimental indicator in high-pressure prepared LN-type polar
magnets. Therefore, in this work, the crystal structure and the corresponding dielectric and
magnetic properties of the Zn,FeBOs (B = Ta>*, Nb°*) LN-type phases are investigated and
compared to the polar oxide ZnSnOs in order to understand the close relationship between the
A and B cations on the polarization and magnetization.

My contribution to this work is the structural investigation using TEM, where | uncovered A
cation splitting in these materials, which is discussed in the following section. The synthesis of
the samples and the experimental details of the TEM study can be found in the appendix at the
end of Part I. The experimental details of the other experiments mentioned in the next section

can be found in the corresponding paper [57].

4.2. Experimental results and discussion

In a first attempt, the crystal structures of Zn,FeTaOs and Zn,FeNbOe were examined by
synchrotron powder X-ray diffraction (SPXD) by our collaborators at Rutgers, State University
of New Jersey. ZnaFeTaOs could be refined using the noncentrosymmetric space group R3c in
which the Zn and disordered Fe/Ta are displaced in opposite directions along the c-axis, which
results in spontaneous polarization. In the case of Zn,FeNbOg, the SPXD data could also be
indexed by the R3c space group, but unlike ZnzFeTaOs, the Rietveld refinement yielded an
unacceptable fit, containing partially occupied B positions with metal-metal and metal-oxygen
distances that chemically and crystallographically made no sense. These findings suggested
that the crystal structure on local scale is more complicated. Therefore, | solved the structure

using a combination of different electron microscopy techniques.
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The SAED patterns obtained from the Zn,FeNbOe sample, which are shown in Figure 39,
confirm the hexagonal subcell with the cell parameters derived from SPXD, a =b =5.1739(2)
A, and ¢ =5.1739(2) A, and agree with both the R3c and R3¢ symmetry. First, it was expected
that the structure demonstrates stacking-faults, as reported in other honeycomb-layered oxides
(for example the Li-rich Mn-rich NMC compounds described in Part 11). However, the
expected streaks in the SAED patterns stemming from stacking faults are absent. Instead, the
patterns show weak diffuse intensities, marked by arrows, indicating the presence of a different
type of short-range order. The profile of the intensity distribution of these diffuse intensities in
zone [100] is shown in Figure 40a. Fitting of the intensity distribution clearly shows that the
diffuse scattering are concentrated around all G =g + 2¢c*, G =g + 4c*and G = g + 3c*
positions.

Figure 39. Top: Electron diffraction patterns of Zn,FeNbQOg. SAED pattern of zone (a) [100] and (b)
[001], respectively, where the weak diffuse reflections are indicated by arrows. Bottom: Gaussian
filtered HAADF-STEM images of Zn,FeNbOs along the (c¢) [100] and (d) [001] orientations. In the
[100] HAADF-STEM only the atom columns containing the B cations are still clear due to the Gaussian
filter. Note that in this zone, the projected b-axis is perpendicular to c, but in 3D it makes an angle of
30° with the plane of the image (oriented into the image). The rectangles indicate the unit cell, where
the arrows mark the layers of brighter dots (more Nb), which alternate with layers of darker dots (more
Fe) along the c direction. Green and pink represent two different alternations, which are related to the
diffuse intensities in the SAED pattern. All the atom columns in the [001] HAADF-STEM image contain
both Zn, Nb and Fe. The arrows show layers of brighter dots (more Nb) alternating with layers of
darker dots (more Fe) along the b direction.
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Figure 40. Intensity distribution analysis in Zn;FeNbOs. (a) Left, the SAED pattern along the [100]
orientation containing diffuse scattering where the rectangle corresponds to the area of which the
profile of the intensity distribution between two sharp reflections is shown at the right. The peaks
between the two Bragg peaks are fitted using Fityk, and correspond to diffuse reflectionsat G =g +
2c*, G =g+ 3c* and G = g £ 4c*. (b) Left, the FFT taken from the [001] HAADF-STEM image in
Figure 39. The profile obtained from the area marked in the FFT shows diffuse intensitiesat G =g £
a*and G =g+ 2a*.

The HAADF-STEM image taken along [100] indeed shows visible short-range ordering,
forming two dominant alternations of layers of brighter (more Nb) and darker (more Fe) dots:
one brighter-one darker layer (b-d-b), and one brighter-two darker layers (b-d-d-b) as seen in
Figure 39c. To compare the models with the two types of B cation ordering to the experimental
data, we lowered the symmetry to P1 and introduced layered ordering along the ¢ direction:
Nb-Fe-Fe-Nb or Nb-Fe-Nb. Figure 41a-b shows these two models and their calculated electron
diffraction (ED) patterns for zone [100]. Note that these calculated patterns show sharp
reflections as the models are long-range ordered, whereas the real structure shows short-range
order. Figure 41a illustrates the structure including the Nb-Fe-Fe-Nb ordering, marked by the
pink arrows. Without B cation ordering, the structure contains a 61 screw axis (rotation over
60° and shift over 1/6¢) along the c-axis that corresponds to the reflection condition 00I: | =

6n. The unit cell corresponding to the R3c or R3¢ is marked by the black rectangle. When B
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cation ordering is introduced, the rows of the B cations perpendicular to the c-axis are not
equivalent anymore and only the rows with a shift of 1/2¢ are equivalent. Consequently, the
screw axis 61 changes to 63 (i.e. rotation over 60° // c-axis, followed by a shift of 1/2¢), which
changes the reflection condition of 00I: | = 6n to | = 2n. Similar, for the B cation ordering Nb-
Fe-Nb (marked with green arrows in Figure 41b), only the rows with a shift of 1/3¢ are
equivalent, and thus the screw axis 61 reduces to 62, which changes the reflection condition of
00l to I = 3n. The reflections that arise due to the B cation ordering are in agreement with the
observed diffuse intensities in the [100] SAED pattern, corresponding to an appearance of
reflections at 003 (for the b-d-b order) and at 002 and 004 (for the b-d-d-b order).

The Fe-Nb alternation can also be clearly seen in the HAADF-STEM image of zone [001]
(Figure 39d). Each atom column consists of Zn and Nb and/or Fe atoms projected onto each
other. Brighter columns contain more Nb, darker columns more Fe. The arrows on the image
indicate rows of bright dots in planes perpendicular to the b-axis, which alternate along the b
direction with planes of less bright dots. It is clear from the image that the order is short-range,
that switches occur between bright and dark rows, that some areas show no order, etc. Figure
41c-d show the calculated ED patterns for zone [001] using the two models with different
ordering patterns (simple long-range order patterns to show clear Bragg reflections at the extra
positions and interpretable projected views).

In the model with layered ordering Nb-Fe-Fe-Nb (Figure 41c), the ordering is visible in this
zone as (100) planes following a pattern of brighter-darker-darker-brighter dots, which causes
extra reflections along the <a*>-direction, which agrees with the diffuse intensities observed
along the <a*>-axes on the Fourier transform of the image shown in Figure 40b. The
correspondence between the model and the experimental image (Figure 39d) is limited due to
the long-range order in the model versus the short-range order of the real structure. The short-
range order causes local overlap of domains with the two types of orders in the projected
experimental image. The model for the Nb-Fe-Nb order (Figure 41d) shows no signs of the
ordering when observing the structure along the [001] zone and also has no extra reflections in
the [001] zone electron diffraction pattern. This agrees with those regions in the HAADF-
STEM image of Figure 39d where the intensity distribution of the atom columns is
homogeneous.

We have determined that the Zn,FeNbOs compound shows short-range order between Fe and
Nb. No superstructure peaks corresponding to the alternative R3 structure were observed. Thus,

the short-range order maintains the average LN-type structure [61,66].
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Figure 41. The two models

for

Zn,FeNbOs with different layered ordering (left sides) and the

corresponding diffraction patterns (right sides). Only the B cation columns are shown, with more Nb
in the bright atom columns and more Fe in the dark columns. (a) View along the [100] direction of the
model with Nb-Fe-Fe-Nb layered ordering along the c direction. Extra reflections are present at G =
g + 2c* and G = g + 4c*, due to the tripling of the periodicity in this projection, compared to the
subcell. (b) View along the [100] direction of the model with b-d-b layered ordering along the c
direction. Extra reflections are present at G = g + 3c*, due to the doubling of the periodicity in this
projection, compared to the subcell (c) View along the [001] direction of the model with b-d-d-b layered
ordering. Extra reflections are present at G = g + a*(b*) and G = g + 2a*(b*). (d) View along the
[001] direction of the model with b-d-b layered ordering. All columns contain equal amounts of Fe and
Nb. There are no extra reflections compared to the subcell.
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Another effect visible on the HAADF-STEM images is the Zn displacement as discerned in
zone [100] and [241] in Figure 42, where the positions of Zn in some columns split into two
sites (highlighted by rectangles) with different z but similar x and y coordinates. To calculate
the general distance between the splitted Zn atom columns, we applied an intensity profile
along the c direction. By fitting the intensity of the atom columns, the general distances
between the split Zn atom columns are calculated to be between 1.0-1.6 + 0.3 A. If we go back
to the initial structure refined from SPXD, the structure contained two different partially
occupied B-sites close to each other with only a difference in coordinates along the c direction
for the B cations: Fe (0, 0, 0.2929) and Nb (0, 0, 0.2209) which corresponds to a difference of
~ 1 A. However, from TEM we have proven that there is a split of the Zn position. The Zn

displacements and the Fe/Nb displacements should be correlated.
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Figure 42. Top: HAADF-STEM image of Zn,FeNbOg along the [100] and [241] orientation. The bright
dots represent the atom columns containing Fe and Nb, whereas the dark dots are Zn atom columns.
The blue rectangles mark the splitting or shift of the Zn atoms along the c-direction. Bottom: The profile
of the intensity distribution taken from the area marked by the white rectangle. The peaks are fitted

using Fityk, showing clear Zn splitting.
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According to the SAED and HAADF-STEM results, the SPXD data of Zn,FeNbOs were thus
re-refined introducing the B-site Fe/Nb short-range order and the A-site Zn splitting along the
c-axis that were found with TEM. The Zn-splitting is expected to be accompanied by
simultaneous oxygen displacements to relax the local stress, which could not be detected on
the HAADF-STEM images given the small Z of oxygen next to the high Z of Nb. Therefore, a
defect model with both split Zn and O sites is required to better simulate the crystal structure
as reported in other defect oxides [72,73]. Using this model as input, our collaborators at
Rutgers refined the structure using the X-ray data. The final crystallographic data can be found
in the corresponding paper [57].

It was found that about 11% of the Zn-sites are split, and accordingly, the same fraction of
Fe/Nb short-range ordering is correlated via face-sharing octahedral pairs along the c-axis
(Figure 43b-c). The split Zn and O atoms are marked as Zn vs Zn" and O vs O, with
corresponding Fe* and Nb* positions. The overall crystal structure can be viewed as an
interweaving of two sets of LN-type subcells: 11% Zn,FeNbOg and 89% Zn"Fe"Nb O’ as
illustrated in Figure 43b. The refined average Zn-Zn" distance (~ 1.03 A in Figure 43a) agrees
well with the HAADF intensity fitting result (1-1.6 A from Figure 42). The defect model yields
a more reasonable coordination environment in each sublattice as shown in Figure 43b.

To overcome the electrostatic repulsions, Zn/Zn™ and disordered Fe/Nb in the face-sharing
octahedral pairs displace away from each octahedral centroid (dashed circles in Figure 43c to
highlight the atomic displacement (dm)) by 0.380(1) A (dzn), 0.411(4) A (dz+), 0.284(1) A
(dreinb), and 0.217(6) A (dremi+), respectively, in opposite directions along the c-axis. The short
and long (Fe/Nb)-O/O" bond lengths derived from the SPXD data collected at room
temperature, are comparable with a difference of 0.54 A and 0.34 A, giving octahedral
distortion parameters A(re/np) of 172.6 x 10 and Aremi+) of 72.9 x 10 [73], almost doubled
compared with Az, (87.4 x 10™) and 4z.+(33.6 x 10™%). Accordingly, the structural distortion
in ZnFeNbOg results in spontaneous electric polarization of Ps ~ 83.8 and Ps*~71.1uC/cm?
calculated from the point charge model, respectively. Psotary Was calculated based on the sum
of the proportions of each part: Psota)(72.3 £Clcm?) = 0.11xPs + 0.89%Ps". The polarization
is larger than Ps of Zn,FeTaOg ( ~50 x«Clcm?) [60] and ZnSnOs ( ~58 xCl/cm?) [63], and
comparable with the Ps of LiNbO3 (67 xClcm?) [74].
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Figure 43. (a) Rietveld refinement of the SPXD data for Zn,FeNbOs with splitting Zn and O model. The
red cross represents the calculated data, the green line the observed fit, the deep blue line the difference.
The upper black and lower blue ticks mark the peak positions of Zn,FeNbOgs and diamond (internal
standard), respectively; (b) The crystal structure of Zn,FeNbQs. The octahedral colour is set as ZnOg -
blue, Zn"O’ - light violet, (Fe/Nb)Os - green, and (Fe/Nb) O’ - orange, respectively; O, red spheres.
(c) The local structure of Zn/Zn" (top), face-sharing ZnOs/(Fe/Nb)Os (middle) and
(ZnOs) /[(Fe/Nb)Og] " (bottom) octahedral pairs along the c-axis in defect model viewed. The atomic
displacements (ds) away from the ZnOgs and (Fe/Nb)Og octahedral site centroids (highlighted by dashed
circles) are indicated as dz (0.380(1) A), drems (0.284(1) A) and dzn+ (0.411(4) A), durens) (0.217(6)
A), respectively; (d) Comparison of the temperature dependence of the ZFC and FC dc susceptibility
() between Zn,FeNbOs and Zn,FeTaOs at 0.1 T, inset shows the susceptibility inverse (1/y) vs
temperature plots, the black line displays the CW fitting. (e) Comparison of the isothermal
magnetization of Zn,FeNbOs and Zn,FeTaOs measured at 5 and 300 K between -5 and 5 T, respectively.
Inset is the enlarged area between -1 and 1 T.
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The magnetic properties of Zn,FeNbOes and Zn,FeTaOs are almost identical, as shown in
Figure 43d-e. The temperature-dependent magnetic susceptibility of Zn,FeNbOe and
Zn,FeTaOg display a spin glass-like transition around, respectively, 21 K and 22 K (Figure
43d), below which the cusp-like divergence suggests the existence of magnetic frustration with
competition of short-range ferromagnetic (FM) and antiferromagnetic (AFM) interactions. The
isothermal magnetization curves of Zn.FeNbOg at 5 K show a small hysteresis as also observed
in the Ta-analogue (Figure 43e) and implies some weak FM interactions, but the magnetization
curves do not reach saturation at the experimental conditions, which indicate the presence of
competing AFM interactions that might be related to the magnetic frustration of the honeycomb
layers in the ab-plane. In the case of Zn,FeNbOg, the 1/y curve deviates from strict linearity
below 250 K (inset of Figure 43d), which suggests short-range magnetic ordering from the Fe-
rich regions shown in the HAADF-STEM images (layers of dark dots in Figure 39d). A Curie-
Weiss (CW) law fitting of the 1/y curve above 250 K yielded an effective magnetic moment of
4.99 ug [75], which is smaller than the calculated value of 5.92 ug for Fe3* and is attributed to
cationic disordering. The CW constant fcw = -142.5 K indicates that the AFM interactions are
dominant. The same behaviour was observed for Zn,FeTaOes where the 1/x curve deviates from
linearity below 200 K, and the calculated CW constant is equal to -94 K [60].

The dielectric properties of Zn,FeNbOs resemble what was observed in ZnFeTaOs, showing
a high-¢ contact feature near room temperature [60], except for the absence of any small
switchable component at low temperature, which was observed in Zn,FeTaOs. The notable
similarity of physical properties of Zn.FeNbOg and Zn2FeTaOs suggested possible A-site Zn-
splitting in ZnoFeTaOs as well and motivated us to revisit the local crystal structure of
ZnyFeTaOe.
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An electron microscopy study was therefore performed on Zn,FeTaOg for further confirmation
of the Zn-splitting. The HAADF-STEM images along the [100] zone of the Zn,FeTaOs sample
(Figure 44b and Figure 45) do show similar Zn splitting (1.1-1.8 + 0.3 A). As discerned in
zone [100] in Figure 44c, the same short-range ordering of the B cations as in Zn,FeNbOe is
also observed in Zn,FeTaOs with two ordered patterns: Ta-Fe-Fe-Ta layers and Ta-Fe-Ta
layers along the c-direction (Ta, higher Z, brighter columns; Fe, lower Z, darker columns).
Weak diffuse intensities are highlighted by arrows in Figure 44a and Figure 44d. Profiles of
the intensity distribution between the two sharp reflections in zone [100], namely rectangle 1

and 2, are extracted to establish the presence of diffuse intensity (Figure 45).
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Figure 44. SAED patterns and HAADF-STEM images of Zn,FeTaOs. (a) SAED pattern of the [001]
zone, where the arrows highlight the diffuse intensities. (b) HAADF-STEM image of zone [100], the
blue rectangles mark the splitting of the Zn atoms along the c-direction. In (c) a Gaussian blur filter is
applied to the same HAADF-STEM image, revealing more clearly the short-range ordering of layers
with darker atom columns (more Fe) and brighter atom columns (more Ta) with two variations: Ta-Fe-
Fe-Ta layered ordering (pink arrows), and Ta-Fe-Ta layered ordering (green arrows). (d) SAED
pattern along the [100] orientation, where the diffuse intensities are marked by green and pink arrows
corresponding to respectively the Ta-Fe-Ta and Ta-Fe-Fe-Ta ordering.
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Figure 45. SAED pattern and HAADF-STEM images of Zn,FeTaOg with their line profiles. (a) SAED
pattern along the [100] orientation with two line profiles, where we can clearly see the diffuse
intensities (marked by the arrows). (b)) HAADF-STEM image along the [100] orientation with the line
profile of the intensity distribution along the blue rectangle, which clearly shows Zn splitting.

The similar Zn-splitting experimentally discovered in Zn,FeNbOs and Zn,FeTaOs raises the
premise of possible universal A-site splitting of Zn in the HPT-prepared corundum derivatives.
To test this hypothesis, re-examination of other compounds like ZnSnOs was undertaken.

The SAED patterns of ZnSnOs do not show any diffuse intensities in Figure 46. Thus no short-
range order seems to occur, which is understandable considering there is only one type of B
atom and thus no B-site short-range order as in the Fe/Nb and Fe/Ta cases in Zn,FeBOe¢ (B =
Nb, Ta). The HAADF-STEM image along the [100] orientation (Figure 46d) does not show
any Zn splitting along the c-direction in ZnSnOz. However, the HAADF-STEM image along
[241] (Figure 46a) orientation exhibits Zn displacement upwards and downwards along the c-
direction. There was also a similar improvement in the Rietveld refinements of the LN-type
ZnSnOs3 once the Zn-splitting was introduced, the goodness of fit ( Rwp) was slightly reduced
from 8.1% to 7.7%. The lesser prominence of Zn splitting in TEM and the lesser effect on the
Rwp could indicate that the Zn-splitting in ZnSnO3 is only present in minor amounts, or less
correlated than in Zn.FeNbOs, and thus crystallographically acceptable refinements were still

achieved when ignoring the possible Zn-splitting.
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Figure 46. SAED patterns and HAADF-STEM images of ZnSnOs. (a) HAADF-STEM image along the
[241] orientation, where the dark dots correspond to the Zn atom columns and the bright dots to the Sn
atom columns. Some of the Zn atoms are shifted upwards, while some of them are shifted downwards
along the c direction, which is indicated by the green rectangles with arrows showing the direction of
shift. In the thicker areas, the two shifts both occur along the projected columns, appearing as splitted
Zn atom columns as shown by the blue rectangle and arrow. SAED pattern of zone (b) [001] and (c)
[100]. (d). HAADF-STEM image along the [100] orientation. No clear splitting of the Zn atom columns
is observed. The bright atom columns are Sn, and the darker atom columns are Zn.

By comparing the experimental results of the Zn-based LN-type materials, supported by first-
principle density functional theory (FP-DFT) calculations on these materials, it can be
concluded that the Zn-splitting in Zn.FeBOs (B = Nb, Ta) is a consequence of the charge
differences between intrapositional coupled Fe and Nb, together with the short-range ordered
atomic distribution. A more detailed explanation about the FP-DFT calculations can be found
in the paper [57]. The FP-DFT calculations also showed that the Zn-splitting could be
significantly reduced once the AFM interactions were taken into account. In the ideally
disordered case, so when Fe®*/B%* are distributed in a fully random manner in Zn,FeBOs and

equivalent to a (Fe, B)** ion, the periodic chemical potential wave (Coulomb repulsion towards
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the face-shared Zn partner) renders similar displacement of Zn towards opposite direction, and
thus statistically no Zn-splitting is observed as in ZnSnOz. However, the short-range ordering
of Fe**/B®* disturbs the periodicity of the Coulomb repulsion and yields different displacement
of the paired Zn atoms, which is manifested as local Zn-splitting and can be structurally taken
as intergrowth of two LN-type subcells (Figure 43b).

The magnetic interactions can energetically suppress, but cannot completely eliminate the Zn-
splitting in Zn,FeBOg (B = Nb, Ta). Therefore, the structure is compared to the isostructural
structure MnFeBOg (B = Ta, Nb) where the non-magnetic Zn?* is replaced by the magnetic
Mn?*. In this study, no A-site splitting has been experimentally discerned [66]. With this in
mind, calculations of the density of states have revealed the impact of the magnetic nature of
the A cation. In the case of Zn,FeNbOs, the Zn d orbitals lie much lower in energy than the Fe
d orbitals, and the valence bands near the Fermi energy come mostly from Fe d orbitals,
indicating that there is no bonding between Zn and Fe d electrons. However, in Mn2FeNbOe,
the Mn d and Fe d orbitals nearly lie in the same energy range and hybridize to form the valence
bands near the Fermi energy, indicating strong bonding between Mn and Fe d electrons. These
findings show that the A-site Mn splitting can also be considered to exist, but with a Mn-Mn*
distance of ~0.2 A, which cannot be experimentally detected from either X-ray refinements or
electron microscopy. Therefore, it might be safe to conclude that the degree of A site-splitting
is higher, the larger the size and charge difference between B and B’; and the stronger the
magnetic interactions and bonding (hybridization of valence bands between d electrons)
between A and B cations, the smaller is the degree of A-site splitting predicted. This universal
A-site splitting and defect structure is related to the high-temperature paraelectric state of LN,
and is theoretically not beneficial to the ferroelectric state other than solely estimated by the
Ebarrier Values. This could be partially responsible for the absence of robust polarization
switching in Zn,FeBOs (B = Nb, Ta) [60]. Refinements on the in-situ variable temperature
SPXD data for Zn,FeNbOs reveal that the proportion of split Zn-sites increases from 11%
(room temperature) to 18% and 21% at 523 and 573 K, respectively, suggesting that the LN
phase can gradually transform into the paraelectric HT-LN structure, and there should be no

clear ferroelectric to paraelectric transition expected upon heating
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4.3. Conclusion

In this study, we have experimentally observed A-site atomic splitting in Zn.FeBOs (B = Nb,
Ta), which is related to the observed short-range order of the B cations. The splitting of the A
cation could be partially responsible for the absence of robust polarization switching.
Comparing these results to the Mn-series Mn2FeBOg has shown that for a magnetic A cation
the enhanced magnetic interactions, together with the hybridization of the valence band of d
electrons between A- and B-site, strongly suppress the splitting displacement of A cation.
However, this bonding between A and B is usually accompanied by magnetostriction and
energetically disfavors ion-switching for ferroelectricity. Therefore, the incorporation of
transition metals into both at the A- and B-sites in a LiNbOs structure can render strong
magnetic interactions but is not favourable for ferroelectricity. A plausible approach is to place
strong magnetic cations at the disordered B/B’ sites for magnetic motif to suppress the A-site
splitting, and nonmagnetic cations at the A-site to prevent bonding between A and B/B’, as in
AFe3*B>* 06 (A = Mg, Zn; B = Mo, Re) if stable compounds can be formed.

LiNbOs-type ABX3 materials without mixed-B-cationic or anionic sites are more promising to
avoid the high-temperature paraelectric LiNbOz-related A-site splitting, and achieve
multiferroic magnetoelectricity as observed in the high-pressure and temperature prepared
FeTiOz [67]. Accordingly, the future design of LiNbOs-type multiferroic polar magnets should
avoid B-cationic and/or anionic site-mixing unless magnetic interactions can significantly

suppress the universal A-site splitting.

81



82



Conclusion Part |

In the study of these three series ALa,FeBSbOg (A = Ca, Sr, Ba; B = Ni, Co), AoLaFe>SbOg (A
= Ca, Sr, Ba) and Zn2FeBOg (B = Nb, Ta) we have shown that both A and B cation substitution
has a significant effect on the physical properties. In these mixed B cation perovskites, the size
of the A cation affects both the crystal structure and the degree of B cation order, which in turn
affects the electric properties, where polarization arises from atomic displacement and
octahedral distortion, and the magnetic properties, which are defined by the B cation order. The
B cations in these perovskites are d-block transition metals, and we have shown that the
combination of filled d° diamagnetic cations (Sb®*, Nb°>* and Ta®") and unpaired d" magnetic
cations (Fe®**, Ni?* and Co?*) can generate interesting properties, according to their B cation

order and possible second-order Jahn-Teller distortions.

The triple perovskites ALa;FeBShOg and A>LaFe>SbOg (A = Ca, Sr, Ba; B = Ni, Co) were
synthesized to create relaxor ferromagnets, such as LasNi2SbOg, but showed no relaxor
behaviour. The triple perovskites ALa,FeBShOo are all ferrimagnets, whereas the A;LaFe>SbOg
perovskites vary from ferrimagnetic to antiferromagnetic depending on the A cation
substitution. The absence of relaxor behaviour might be attributed to the next-nearest-
neighbour (NNN) interactions that are stronger for Fe®* than for Ni?*. The TEM study also
exposed the complexity of the local crystal structure caused by the multiple A and B cations
and their inhomogeneous distribution, which also contributed to the observed magnetic

properties.

The LN-type phases Zn.FeBOs (B = Nb, Ta) were synthesized in an attempt to produce
multiferroics with strong magnetoelectric coupling, but only Zn,FeTaOs shows a very weak
ferroelectric switchable component at low temperature, whereas no switchable component is
observed in Zn,NbFeOe. Nevertheless, the TEM study uncovered unexpected splitting of the
A cation in both compounds that could be partially responsible for the absence of robust
polarization switching in these materials. Moreover, this study allowed us to understand better
the interactions between the A and B cations, which was used to describe and compare the
mechanism of Mn2FeBOeg (B = Nb, Ta) and the anion mixed ATaO2N (A = Zn, Mn) [57].
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A key conclusion we can make from these studies is that for a structure that is not pure
monophasic and shows a more complex structure, i.e. local deviations from the average
structure up to multiple phases, neutron powder diffraction and X-ray powder diffraction can
miss crucial information and this can easily remain unnoticed, giving acceptable, though
wrong, refinements as judged by the R-factors and goodness-of-fit. Local structural deviations
play an important role in determining the physical properties, and electron microscopy is

necessary to explore the true structural mechanisms controlling the physical properties.
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Appendix Part |

Experimental details of TEM study:

The structure and composition of the perovskite compounds were studied by transmission
electron microscopy (TEM). The specimens for TEM were prepared by dispersing crushed
powder in ethanol and depositing a few drops of this solution on a copper grid covered with a
holey carbon film. Selected area electron diffraction (SAED) patterns were recorded with a
Philips CM20 microscope and an FEI Tecnai G2 microscope. High-angle annular dark-field
scanning transmission electron microscopy (HAADF-STEM) images, annular bright-field
STEM (ABF-STEM) images and energy-dispersive X-ray (EDX) maps were acquired with an
FEI Titan 80-300 “cubed” microscope equipped with a Super-X detector and operated at 300
kV. The experimental details about the other technigques used by the collaborators can be found

in the corresponding papers [37,38,57].

Synthesis ALa:FeBSbOg (A=Sr,Ca; B=Ni,Co) and Ba;LaFeNiSbOg

Polycrystalline samples of ALa2FeCoSbOy (A=Ca, Sr) were prepared using the standard
ceramic method. ACO3 (A=Ca, Sr), La203, Fe203, C0304 and Sh20s (purity >99.95%) were
weighed out in the appropriate stoichiometric ratio and ground together in an agate mortar for
30 minutes to give a homogeneous mixture. La2O3 was heated at 800 °C for 24 hours prior to
use to ensure it was completely dry. The mixture was then loaded into an alumina crucible and
fired at 800 °C for 24 h. It was then quenched to room temperature, reground and pressed into
a pellet which was fired in air at 1300 °C for 48 hours and subsequently annealed at 1300 °C
for another 48 hours after further grinding. Finally, the furnace was allowed to cool to 800 °C,
and then the sample was quenched to room temperature. Polycrystalline samples of
ALa2FeNiSbOy (A=Ca, Sr, Ba) were prepared under the same conditions with starting
materials of ACO3z (A=Ca, Sr, Ba), La203, Fe203, NiO and Sh.Os (purity >99.95%) in the

appropriate stoichiometric ratio.
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Synthesis AzLaFe>SbOs (A=Sr, Ca, Ba)

Polycrystalline samples of A2LaFe2SbOg (A=Ba, Sr, Ca) were prepared using the standard
ceramic method. ACOs (A=Ba, Sr, Ca), La0s, Fe:03, and Sb20s (purity >99.95%) were
weighed out in the appropriate stoichiometric ratio and ground together in an agate mortar for
30 minutes to give a homogeneous mixture. La2O3 was heated at 800 °C for 24 hours prior to
use to ensure it was completely dry. The mixture was then loaded into an alumina crucible and
fired at 800 °C for 24 h. It was then quenched to room temperature, reground and pressed into
a pellet which was fired in air at 1150 °C for 48 hours and subsequently annealed at 1150 °C
for another 48 hours after further grinding. Finally, the furnace was allowed to cool to 800 °C,

and then the sample was quenched to room temperature.

Synthesis Zn2FeBOs (B=Nb, Ta)

To make phase pure Zn2FeBOs (B=Nb, Ta), high pressure synthesis was applied. For
ZnyFeTaOs, a stoichiometric mixture of ZnO (99.9%, Alfa Aesar), Fe2O3 (99.999%, Sigma
Aldrich), and Ta20s (99.85%, Alfa Aesar) was pressed into a pellet and annealed between 1173
and 1523 K in air. Laboratory x-ray powder diffraction (XRPD) data, collected in a Bruker D8
Advance diffractometer, indicated that it was fully reacted to form a mixture of ZnFe>O4
(PDF#: 01 082-1042),6 ZnTa206 (PDF#: 00-039-1484)7, and FeTa,0s (PDF#: 01-083-0588)8
between 1473 and 1523 K (Figure S2). The pellet melted above 1523 K. The original oxide
mixture was pressurized typically over 8-12 hours and reacted at 1623 K under 9 GPa for 1 h,
in a LaCrOs heater lined with Pt capsule inside a MgO crucible in a multi-anvil press, and then
quenched to room temperature in a few seconds by turning off the voltage supply to the
resistance furnace. The pressure is maintained during the temperature quenching and then
decompressed typically in 8-12 hours.

Polycrystalline Zn,FeNbOe was prepared following the conditions for the parent Zn,FeTaOes,
by reaction of a stoichiometric mixture of ZnO (99.9%, Alfa Aesar), Fe20O3 (99.999%, Sigma
Aldrich), and Nb2Os (99.85%, Alfa Aesar) at 1623 K under 9 GPa for 1 h.

Polycrystalline ZnSnOs was synthesized by a solid-state reaction under high pressure at
elevated temperature. The mixture of stoichometric amounts of ZnO and SnO> was allowed to
react in a cubic multianvil-type high pressure apparatus at 7 GPa and 1000 °C for 30 min and

then was quenched to room temperature.
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Part II: Li-ion battery

cathode materials

In this second part of my thesis, | study the effects of cation substitution on the crystal
structure of Li-ion battery cathode materials upon charging and discharging. In
collaboration with the University of Hasselt, we investigated the structural changes
that occur upon cycling and whether cation substitution can prevent these structural
changes in order to improve the performance of the battery.

Chapter 5 provides a brief overview on Li-ion batteries and the relation between the
crystals' structure and their performance to clarify the chosen cation substitutions.

| first investigated, in Chapter 6, the structural and performance differences resulting
from different syntheses, using the representative and well-known cathode material
LMR-NMC. | also determine and discuss the differences in structure evolution upon
charging and discharging. In Chapters 7 and Chapter 8, | investigate two types of

cation substitutions to improve the electrochemical performance.
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Chapter 5. Introduction to Li-ion battery

cathode materials

Over the last decades, increased environmental pollution generated a need for clean, renewable
energy sources to reduce the use of fossil energy and create a sustainable society. As these
renewable sources, such as sunlight and wind, are not always available, this in turn also needs
next-generation energy storage devices. Lithium-ion batteries are considered to be a promising
energy-storage technology and are widely employed in portable devices and green
transportation systems such as electric vehicles. However, the current lithium-ion batteries still
do not fulfil the needs for their wide applications in electric vehicles and grid-scale energy
storage systems, because, depending on the exact type, they are either too expensive or not safe
enough, or do not have sufficient energy densities or sufficiently high charging rates.

Lithium-ion batteries consist of an anode, a cathode and an electrolyte. The electrode of the
battery that releases electrons during the discharge is called anode; the electrode that absorbs
the electrons is the cathode. The cathode material is a lithium-containing inorganic compound,
which contains channels that allow the Li-ions to go reversibly in and out of the structure.
During discharge, the chemical energy stored in the cathode is released and converted to
electrical energy through insertion of the Li-ions, which means that the Li-ions migrate from
the anode into the lithium-conducting electrolyte back into the host structure of the cathode.

The reversible process is called charge, where removal of the Li-ions occurs.

Charging Discharging

_ electrolyte
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Figure 47. Scheme of the charging and discharging processes. Left: when the battery is charged, a
higher voltage is applied, which results in the removal of Li-ions from the cathode. Right: in the
discharge process, the Li-ions move back to the host structure. The figure is based on [76].
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The power performance of such a lithium-ion battery strongly depends on the performance and
structural stability of the cathode material. Upon charging, a higher voltage is applied, which
results in electrochemical reactions (i.e. cationic and anionic redox processes), allowing the
lithium to leave the structure. The amount of lithium that is extracted from the structure is
translated into the capacity of the battery. In many cases, only a limited amount of Li can be
extracted, because the fully charged state (no lithium left in the structure) leads to structural
instability. Moreover, during the charge-discharge cycles, some irreversible electronic and
structural changes can occur in the cathode material that are directly related to the failure of
the battery described by capacity loss, voltage fade and oxygen loss. A better understanding of
the origin of these irreversible changes is needed to improve the cathode materials and enhance
the performance of the battery. Since these structural changes take place at the atomic level,
this requires a combination of techniques from the micro level to the atomic scale.

5.1. Types of cathode materials

An active cathode material should allow reversible (de)insertion of lithium. Therefore, the
crystal structure should contain paths for fast Li diffusion, which is realized by the formation
of a two-dimensional (2D) or three-dimensional (3D) framework. In the first case, the crystal
structure is layered, where the Li-ions can migrate through the interlayers. A three-dimensional
framework is formed when the polyhedra are all connected, leading to a percolating network
of channels through which the Li-ions diffuse during charging and discharging. The channels
themselves can then also form a 3D network of diffusion paths, as seen in the spinel framework
or consists of only 1D tunnels like in the olivine framework [77].

Layered “ Spinel Olivine
LiCoO, LiMn,O, LiFePO,

Figure 48. The crystal structures of the different types of cathode materials. The layered structure
describes a 2D Li* ions transport, while the spinel and olivine structures describe a 3D and 1D Li* ions
transport, respectively.
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The cathode materials can be divided into two categories: oxide-based cathodes and poly-
anionic based cathodes. In this research, the focus is on the first group, more specifically on

lithium transition metal oxides.

Lithium transition metal oxides

One of the most common cathode materials for rechargeable lithium-ion batteries is LiCoOs..
LiCoO> has a layered rock-salt-type structure with the R3m symmetry (Figure 49A) and is
very popular due to the structural stability, high energy density and stable quality in the
production process. However, only 50% of the Li can be reversibly cycled without causing cell
capacity loss, resulting in a specific capacity of only ~140 mAh/g compared to the theoretical
specific capacity of 274 mAh/g. Exceeding this limit leads to changes in the LiCoO: structure,
which is associated with poor stability of the electrode at low lithium contents [78,79]. In
addition to the structural instability, there is limited availability of cobalt, which causes it to
have a high price.

On the other hand, manganese-based oxides have long been studied as possible cathode
materials because of their low cost and nontoxicity compared to cobalt-based compounds. The
cathode material Li-MnO3z attracted much attention because it has a very high theoretical
capacity of ~458 mAh/g [80]. Li2MnQg, also described as Li[LiyzsMn23]O2, has a layered
structure and adopts the monoclinic C2/m symmetry, where the excess of Li occupies positions
in the Mn layers, resulting in LiMn2 layers, in which the Li atoms are surrounded by six Mn
atoms and form a honeycomb pattern (Figure 49B-C). Manganese is exclusively present in a
4+ oxidation state in pristine LizMnOs. The Mn>*/Mn*" redox couple is inaccessible as it is
situated below the top of the O-2p band (i.e. oxygen will be oxidized first), turning Mn** to be
electrochemically inactive in LioMnOs [81,82]. Nevertheless, LioMnOs demonstrates
noticeable electrochemical activity, attributed to anionic redox chemistry of the oxygen
sublattice. In the first charging-cycle, a characteristic voltage plateau at ca. 4.5V vs Li/Li* is
observed, which is considered to be the activation process.

Different studies showed that this long plateau indicates that delithiation proceeds through a
two-phase reaction. First, delithiation occurs without oxygen loss or phase transition and forms
MnOs:

LioMnO3z = 2Li" + MnOs + 2. (Reversible anionic redox reaction)
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The extraction of Li is accompanied by the oxidation of O% to O, forming (Mn*")(0?)(0)z,
where the O™ hole species are localized on the anion sites closest to the vacant Li sites [82]. In

the second reaction, when the voltage plateau is reached, oxygen release is involved:
LioMnO3 = 2Li" + MnO2 + %20, + 2e". (lIrreversible anionic redox reaction)

During this reaction oxygen dimers are formed: O" + O" = 0,* (i.e. a peroxo bond), leading

to oxygen release:
(Mn*)(0%)(0)2 > (Mn**)(0%); + %0x.

The absence of the stabilization of the created O-O dimers due to a lack of Mn-O covalency
leads to the oxygen release. The formation of strongly oxidized O-O dimers is accompanied by
a significant reduction of Mn** to Mn®*. In subsequent charge-discharge cycles, Mn®" is able
to contribute to the capacity because of the Mn3*/Mn*" redox couple, but the formation of the
oxygen dimers will trigger the migration of Mn towards empty lithium positions with the
formation of the spinel-structure and induces voltage fade [82,83].

In theory, LioMnOs has a capacity of ~458 mAh/g, but the specific discharge capacity only
reaches to a maximum of ~260 mAh/g [81].

Hexagonal (R3m) Monoclinic (C2/m)

(c) LiM, layer

Figure 49. The crystal structure of the layered rock-salt-type cathode materials. (A) represents the R3m
structure of LiCoO, and NMC, while (B) represents the monoclinic C2/m structure of Li,MnOs and
LMR-NMC. For LizMnQOs the lithium positions in the honeycomb layer are fully occupied by lithium,
while in LMR-NMC these positions are partially occupied by lithium and transition metals (TM). (C)
demonstrates the honeycomb order within these Li-TM layers. Figure based on [79].
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To overcome these problems, such as structural instability, oxygen release and phase
transitions, and still benefit from the advantages from both structures (i.e. electrochemically
active Co; anionic redox reaction in Li/Mn-rich oxides), partial cation substitution is applied.

Starting from the LiCoO; structure, Co®" can be partially replaced with Mn*" and Ni?* that leads
to the Li[NixMnyCo.]O, oxides (NMC), which have good stability and higher specific
capacities of ~200 mAh/g. Further substitution of lithium in these layered oxides has led to
materials termed as Li-rich NMC which combine the beneficial effects of Ni, Co and Mn with
some Li in the transition metal layers, exceeding a specific capacity of 280 mAh/g [79].
Specifically, the lithium-and manganese-rich oxides (LMR-NMC) have been extensively
studied as a promising alternative for the commercialised LiCoO due to their higher initial
specific capacities [84,85], higher thermal stability [85,86] and lower costs [78]. These oxides
are reported as Li[LixNiyMn1.x.y2C0,]O2 and follow the Li-MnQOs parent structure. The lithium
positions in the Li-TM layers (TM = Ni, Co, Mn) are partially occupied by lithium and
transition metals (TM) in contrast to Li2MnOgs, where the lithium positions are only occupied
by lithium. Despite the high capacity, the commercialisation of LMR-NMC is hampered by
significant voltage decay (a gradual decrease of the discharge voltage reducing the specific
energy), voltage hysteresis (voltage difference on subsequent charge and discharge, penalising
energy efficiency), and sluggish (de)intercalation Kkinetics compromising the battery
power [84,87]. Nowadays, it is understood that these drawbacks are intrinsic to the crystal and
electronic structure of LMR-NMCs. In these LMR-NMCs, not only the cationic redox reactions
contribute to the capacity (i.e. Co®* = Co** and Ni?* = Ni®*" and Ni**), but also the reversible
oxygen redox processes [87] that were also found in the parent compound Li2MnQOs. The
irreversible oxygen redox processes are the cause of the voltage fade. As the behaviour of the
first charge-discharge cycles is similar for LMR-NMC and Li2MnOs, it is interesting to
compare the crystal structure of both materials upon cycling, in order to have a better

understanding of the origin of the structural changes in LMR-NMC.
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5.2. Structural changes upon cycling

When the material is charged, the lithium migrates through the structure by hopping from one
octahedral site to another empty octahedral site in the lithium layer via an intermediate
tetrahedral site. This is called an O-T-O diffusion path and is illustrated in Figure 50A. If then
the material is further charged up to a potential of 4.5 — 4.6 \VV vs Li/Li* or higher, a highly
delithiated (charged) state is reached, and some transition metals (TMs) migrate to occupy
tetrahedral sites in the lithium layer (Figure 50B) and then part of them migrate further to the
emptied octahedral lithium positions in the lithium layer (Figure 50C). The energy barrier for
the migration to the tetrahedral sites is lower in the charged state compared to the discharged
state because of the vacant neighbouring lithium sites. The occupation of tetrahedral sites in
the TM layer is less favourable than in the lithium layer because all neighbouring octahedral
sites are still occupied by transition metals in the charged state [88]. Upon discharge, the TMs
are expected to return; however, this migration is not fully reversible, and some transition metal
cations remain trapped at the octahedral lithium positions and/or the tetrahedral interstices.
These trapped cations increase the energy barrier for Li diffusion and impede the lithium to
migrate through the structure, which in turn lowers the capacity. Further, the TM migration
also results in a shift of redox pairs to other potentials resulting in a shift (= fading) of the

discharge voltage.

O-T-O diffusion path Transition metal migration

Figure 50. Schematic illustration of lithium diffusion (left) and TM migration (right), where the TM
migrates from the octahedral position in the TM layer (A) through the tetrahedral interstices in the
lithium layer (B) towards the vacant octahedral position in the lithium layer (C). To simplify the
illustration, we assumed a layered structure with pure TM and Li layers. Figure based on [88].
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In Li-rich NMCs and LioMnOs, these defects accumulate, causing a gradual transition of the
layered C2/m structure to a layered structure (R3m), where the Li-TM layers become
disordered, to then a spinel-like structure and eventually to a disordered rock-salt structure, as
shown in Figure 51 for LioMnOs. After several cycles, the lithium positions within the Li-TM
layers are almost not occupied anymore. The vacancies left by the Li-ions in the Li-TM layers
may lower the energy barrier for transition metal migration [89], and therefore accelerate the
formation of a more disordered structure [90]. These structural changes are closely related to
the oxygen redox processes. The coupled oxygen redox/cation migration is believed to be the
cause for the voltage hysteresis, whereas the partial irreversibility of the cation migration

causes the voltage fade [91].
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Figure 51. The phase transition that occurs upon cycling in the case of the Li.MnO3 sample. After
cycling, first, the degree of disorder within the honeycomb layer will increase, which is followed by the
formation of a defect spinel-like structure that becomes more disordered with increasing the number of
cycles. The figure is based on [83].
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5.3. Fundamental questions

As the performance of batteries mainly depends on the cathode material, the research of new
Li-ion batteries with higher energy and power density, lower cost, and improved safety and
long-term stability is mainly dedicated to the study of new cathode materials.
Improving the performance of the cathode material requires a fundamental understanding of
how the cathode material functions and what structural and electronic properties limit the
battery performance. Within this research, many fundamental questions have to be solved, such
as:
= finding the optimal electronic configuration of the cations to reduce the TM migration
and prevent irreversible oxygen evolution from the material,
= investigating if the formation of O," species would promote reversible TM migration
and enhance Li diffusion;
= understanding how the surface structure changes during charge/discharge and finding
the exact origin of the formation of the surface blocking layer;
= figuring out the role of the particle size and morphology in controlling the battery
performance, and if an appropriate coating of the cathode particles may prevent the

formation of a surface blocking layer and the associated oxygen evolution.

In this thesis, we investigated the effect of two different synthesis methods and different cation
substitutions on the structure, morphology and performance of the cathode material.

We considered substitution of an element (M) that does not tend to adopt the Th coordination,
in order to reduce the migration to the lithium positions, and is not redox-active within the
investigated potential window, in an attempt to stabilize the structure whilst enhancing the
reversible anionic redox chemistry. Furthermore, these stronger M-O bonds are also expected
to stabilize the structure and prevent oxygen release. Examples of potential candidates are Sn**
and Ti*" [92-95].
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Chapter 6. Synthesis and structure of
LMR-NMC

The results of this chapter are incorporated into a paper that is in preparation:
M. Hendrickx, A. Paulus, M. Kirsanova, A.M. Abakumov, A. Hardy and J. Hadermann,
Differences in microstructure and electrochemical properties of LMR-NMC upon varying the

synthesis method

6.1. Introduction

Li1.2Nio.13Mno54C00.1302 was selected for our studies, as this composition is reported to
demonstrate the best capacity within the LMR-NMC family with a high reversible capacity
exceeding 250 mAh/g. However, besides the stoichiometry, the electrochemical performance
also strongly depends on the used synthesis method which can control the material properties,
such as the particle size and shape, phase purity, crystallinity and cation disorder [96]. Many
methods have been developed to synthesize these cathode materials with the goal of controlling
their material properties and enhance the performance. Initially, the LMR-NMC cathode
materials were usually synthesized through a high-temperature heat treatment that leads to
excessive particle growth and poor performance. Currently, among the various methods used
to synthesize cathode materials, the solution-gel (SG) and co-precipitation (CP) methods are
commonly applied, as they are powerful, low cost and easy preparation methods for large
production. Moreover, both methods are very popular due to their ability to achieve good
stoichiometry, to mix reactants homogeneously at an atomic level and to reduce the particle
size; however, the particle size of the materials prepared from the SG and CP methods is
different, ranging from nanoparticles to microparticles, respectively [96-98]. We compared
the structures of Li1.2Nio.13Mnos4C00.1302 particles prepared using the SG and CP synthesis
methods and investigated the correlation of the structural differences with the electrochemical
properties. The synthesis and measurements of the electrochemical properties were performed
by Andreas Paulus at the University of Hasselt. The structural study is my contribution.

A brief explanation of these two synthesis methods along with the details of the SG and CP
synthesis of LMR-NMC can be found in the appendix at the end of Part 11. The experimental
details of the used TEM techniques are listed in the same appendix.
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6.2. Solution-gel vs Co-precipitation

6.2.1. Experimental results

Galvanostatic ~ charge/discharge  measurements have been performed on the
Li1.2Nio.13Mno54C00.1302 sample synthesized by both the solution-gel and co-precipitation
method, referred to as the solution-gel and co-precipitation samples, and are shown in Figure
52. The materials have been imposed to 50 charge/discharge cycles at a C-rate of C/10 preceded
by an initial cycle at C/20. In both samples, the first charging step involves cation oxidation
(i.e., Ni?* = Ni** + Ni** and Cos" = Co*) and oxygen redox processes. In Figure 52, the
cation oxidation can be seen as the slope of the charging curve, which is followed by a voltage
plateau that is partially related to oxygen release. The applied upper potential of the solution-
gel sample is 0.05 V higher than for the co-precipitation sample, which might contribute to the
longer voltage plateau observed in the solution-gel sample. The specific discharge capacity of
the first cycle is higher for the solution-gel sample (~ 190 mAh/g) than for the co-precipitation
sample (~ 148 mAh/qg), but the capacity loss is significantly higher in the case of the solution-
gel sample. The voltage fade is represented by the black arrow, which can be drawn by
connecting the voltage values that correspond to half of the discharge capacity of each cycle.
This is marked by the dashed lines in the charge-discharge plot of the solution-gel sample. The
slope of the black arrow indicates the amount of voltage fade. The steeper the arrow, the higher
the voltage shift (= fading) during the successive cycles. As the black arrow of the co-
precipitation sample is steeper, it seems that the voltage fade is slightly higher in the case of
the co-precipitation sample.
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Figure 52. The charge-discharge plot of the Li12Nio.13C00.13Mno.5402 sample synthesized by the solution-
gel (left) and the co-precipitation (right) method. Voltage fade is indicated by the arrow. The slope of
the arrow corresponding to the co-precipitation sample is steeper, indicating that the voltage fade is
higher for the co-precipitation sample.
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Differences in the evolution of the capacity and voltage should be related to differences in their
structural properties. The HAADF-STEM images with the accompanying EDX maps (Figure
53) taken from both samples reveal their differences in particle size, morphology and purity of
the phase. The particles from the solution-gel sample are much smaller, ranging between 100
nm to 480 nm with an elongated shape and pronounced facets, while the particles from the co-
precipitation sample have a size from 250 nm up to 2 um, and have an irregular shape and a
rough surface. The average composition of both samples is in good agreement with the
expected one (i.e. Li12Nio.13Mnos54C00.1302), with ratios Nio.143)Mnos33)C00.13¢2) for the co-
precipitation sample and Nio.13(2)Mno.s22)C00.15(1) for the solution-gel sample. Furthermore, the
EDX maps show that for the main phase, the transition metals are homogeneously distributed,
but also expose a Co-rich additional phase in the case of the solution-gel sample. This impurity
might also contain lithium which cannot be detected by EDX as the energy of the characteristic
X-rays of lithium (Z=3) are too low to detect.

In order to know whether the differences observed in the shape and size are the only cause for
the differences in the electrochemical properties, a detailed structural investigation has been
performed to analyse the crystal structure.

solution-gel

co-precipitation

HAADF

Figure 53. The HAADF-STEM image (left) together with the mixed Mn/Co/Ni element map (right) from
the Li12Nio13C00.13Mno 520, sample prepared with the solution-gel (top) and co-precipitation (bottom)
method. The mixed element map of the sample prepared with the solution-gel method reveals the
presence of an additional Co-rich phase.
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The atomic resolution HAADF-STEM images taken from the solution-gel sample, shown in
Figure 54, show a structural modification at specific surface planes. We define the facets using
the corresponding SAED pattern (Figure 55). The {200} facets have a surface layer with a
homogeneous thickness of ~ 1.5 nm, and the accompanied EDX maps in Figure 54 revealed
that these {200} surface planes possess Ni-segregation while other surface facets do not have
a Ni-rich composition. The {002} and {202} planes exhibit Co-segregation. The Ni/Co
segregation is supported by the line profiles taken perpendicular to these different facets, which

are shown in Figure 56.

Figure 54. The HAADF-STEM image of a Li12Nio.13Mno54C00.1302 particle prepared with the solution-
gel method together with close-up HAADF-STEM images (top) and the corresponding element maps
(bottom) of the {200}, {202} and {002} facets. The HAADF-STEM images show a spinel structure of
only a few atomic layers at the {200} facets (see Figure 59 for more details). The mixed Mn/Ni/Co
element maps reveal that the spinel structure at the surface is Ni-rich, while the surfaces at the {202}
and {002} facets are Co-rich. The arrows marked with numbers 1, 2 and 3 correspond to the line
profiles that are shown in Figure 56.
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Figure 55. HAADF-STEM image (left) of a Li1.2Nio.13Mno.54C00.130- particle prepared with the solution-
gel method together with the corresponding SAED pattern (right). The axes in both the real space (a
and ¢) and reciprocal space (a* and ¢*) are shown that is used to index the facets of the particle shown

in the HAADF-STEM image. Note that @* (resp. ¢*) should be perpendicular to & (resp. @) and b (b
is oriented perpendicular to the image).

The line profiles (Figure 56) show the relative percentages of only Ni, Mn and Co, which
means that the targeted ratio is Ni:Mn:Co = 16.25:67.5:16.25 (i.e. the same ratio as
Nio.13Mnos54C00.13). Note that for the quantification of the entire line profile the observed
maximum counts of the sum of Ni, Co and Mn is set to 100%, and all other values are relative
to this maximum. Therefore, at regions where slightly less counts are observed the total
percentage will be slightly smaller than 100%, as can be seen from the black curve representing
the total amount of Ni, Co and Mn. At the surfaces, the concentration of the transition metals
decreases gradually rather than abruptly, which can be attributed to beam damage during the
EDX acquisition. Lu et al. demonstrated that lithium-containing oxides suffer from radiation
damage by high-energy electron beams that involves the creation of lithium vacancies and the
migration of transition metals [99]. From imaging before and after the acquisition of an EDX
map (i.e. 10 min or more in order to obtain a qualitative map, while HAADF-STEM images
only take a few seconds), we have observed that a cloud of contamination is formed at the

surface that mainly contains carbon but also a very small amount of transition metals.
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Figure 56. Line profiles taken perpendicular to the (200) (i.e., line profile 1 shown in Figure 54), (202)
(i.e., line profile 2), and (002) (i.e., line profile 3) facets. The line marked by surface denotes the surface
of the particle. Line profile 1 confirms the Ni segregation towards the surface at the {200} facet. Line
profiles 2 and 3 confirm the Co segregation towards the surface at the {202} and {002} facets as
observed in the element maps in Figure 54. The transition metal concentrations decrease gradually at
the surface, which can be attributed the radiation damage at the surface.

The same structural investigation has been performed for the co-precipitation sample, but
particles with pronounced facets were rare. Eventually, a few particles were found with such
facets, although not as well defined as those of the solution-gel sample. No structural
modifications or segregation were observed at any of the facets as can be seen in Figure 57.

In general, no structural modifications or segregation were observed in any particle of the co-
precipitation sample, while in the solution-gel sample every particle with pronounced {200},
{002} or {202} facets possess the described Ni/Co segregation with structural modifications.

As can be derived from the TEM results above, the solution-gel and co-precipitation samples

differ in particle size and morphology, but also differ at nanoscale in element distribution and
surface modifications.
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Figure 57. At the bottom, the HAADF-STEM image of a Li12Nio.13Mng54C00.130, particle prepared with
the co-precipitation method is shown with the element maps of the (200), (204) and (002) facets, which
do not show any segregation at any facet. At the top left the corresponding SAED pattern is shown
together with a close-up HAADF-STEM image on the right of the (200) facet that clearly does not show
spinel formation at the surface as was observed in the solution-gel sample.

To investigate the evolution of the surface modification upon cycling, we investigated the
surface of crystals synthesized using the SG method and 50x charged and discharged.

Figure 58 displays the atomic resolution HAADF-STEM images and SAED patterns along the
[010] orientation of the Liz2Nio.13Mnos4C00.1302 sample prepared by the SG method in the
pristine state and the cycled state. The intensity of the atom columns in the HAADF-STEM
images is proportional to the atomic number of the elements (I ~ Z2). Therefore, the bright dots
in the HAADF-STEM images correspond to the transition metal atom columns, while the atom

columns of lithium and oxygen are too weak to be clearly visualized.
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Pristine

Figure 58. HAADF-STEM images and SAED patterns taken along the [010] orientation from the
pristine and cycled Li1 2Nig.13Mno54C00.1302 samples prepared from the solution-gel method.

The surface of the (200) facet in the pristine sample consists of a spinel layer with on top one
or two disordered atomic layers. Figure 59 shows a close-up of the (200) facet from the pristine
[010] HAADF-STEM image in Figure 58 together with the models of the layered, spinel and
disordered rock-salt structure projected along the same orientation as the [010] HAADF-STEM
image. The comparison between the experimental image and the models confirms the
formation of the spinel structure with on top a disordered layer. The higher intensity at the
surface of the (200) facet can be associated with the higher amount of transition metals present
in the spinel structure: the spinel structure Li(TM)204 contains a higher concentration of TM
relative to oxygen and lithium than in the main structure Li1.2(TM)o.8O2. Also the surface at the
(202) facet has a much higher intensity caused by transition metals occupying the lithium

positions in the lithium layer. In contrast to the ordered spinel structure at the (200) facet, the
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surface layer at the (202) facet tends to form a rock-salt-like disordered structure, which is also
illustrated in Figure 59. Such structural modifications at the surface were also reported by
Shukla et al. in other pristine LMR-NMCs [100].
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Figure 59. Top: The models of the layered, spinel and disordered rock-salt structure projected along
the [010] orientation, which is equivalent to the [-1-10] orientation in the spinel and rock-salt
structures. Only TM and Li are shown in order to simplify the models. In the HAADF-STEM image,
only the TM positions will be clearly visible. The models should be rotated over 90° in order to compare
them to the experimental image. The surface of the (200) facet consists of a spinel layer with on top two
disordered layers. The surface of the (202) facet corresponds to a disordered rock-salt-like structure.

After 50 cycles, the [010] SAED pattern shows extra diffuse reflections, which are marked by
arrows in Figure 58. These extra reflections can only be indexed using a spinel structure. In
both the pristine and cycled sample, the SAED pattern is taken from the entire particle. In the
pristine sample, the contribution of the spinel structure at the {200} facets is very small
compared to the entire volume of the particle, and therefore the spinel reflections do not appear
in the SAED pattern of the pristine crystals. The appearance of the spinel reflections in the
cycled sample indicates that the volume-ratio of the spinel compared to the layered structure
has significantly increased. The HAADF-STEM image, taken from that particle, shows that

indeed the thickness of the spinel layer at the surface increased to approximately 1.7 — 2.2 nm.
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Since this is only slightly thicker than before, probably the extra reflections also originate from
spinel in the bulk. To investigate the element distribution, line profiles were taken from the
(200) and (202) facets (Figure 60) that show a reduction of the Ni- and Co-segregation,
respectively. According to the line profiles, segregation is only present at the (200) facet. While
in the pristine sample, only Ni-segregation was observed at the (200) facet, with an increase of
more than 10 at% compared to the bulk (line profile 1 in Figure 56), both Ni- and Co-
segregation occur in the cycled sample, but both with an increase of only approximately 5 at%
compared to the bulk (line profile 1 in Figure 60). Most probably the transition metal migration

that occurs upon cycling redistributes the elements at the surface.
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Figure 60. Left: HAADF-STEM image and corresponding EDX map, given in counts of the cycled
solution-gel sample. Right: line profiles taken perpendicular to the (200) (i.e. line profile 1) and (202)
(i.e. line profile 2) facets. The EDX map show Ni and Co segregation at the (200) facet. The line profile
of the (200) facet confirms the segregation. The transition metal concentrations decrease gradually at
the surface, which can be attributed the radiation damage at the surface.
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6.2.2. Discussion

This study showed that the method used to synthesize the Li12Nio.13Mnos54C00.1302 particles
also affects the electrochemical performance, as the sample prepared by the solution-gel
method exhibits a significant capacity decay compared to the sample prepared by the co-
precipitation method. On the other hand, the initial discharge capacity of the solution-gel
sample is higher and the voltage is much more stable upon cycling than for the co-precipitation
sample. The observed electrochemical properties can be explained by the differences in both

the morphology as well as in the atomic structure, observed by the TEM study.

The particles prepared by the solution-gel method are much smaller, ranging from 100 to 480
nm, compared to the particles obtained by the co-precipitation method, of which the size varies
between 250 nm and 2 pm. Our results of the particle size and electrochemical properties are
consistent with the study of Santhanam et al. [98] where the morphology of the
Liz.05Ni1sMn13C01302 sample prepared by the SG and CP methods is compared. Santhanam
et al. suggest that for nanoparticles, the rate capability is expected to improve due to the higher
surface area for charge transfer and the shorter diffusion length, but that, on the other hand, the
high surface area implies a high surface reactivity, which can lead to an increase of detrimental
surface side-reactions and poor inter-particle electrical contact. The solution-gel sample
delivers a higher capacity in the first cycle than the co-precipitation sample, which can be
ascribed to the higher kinetics due to the higher surface area; however, the capacity drastically
decreases during extended cycling, which is not the case in the co-precipitation sample. The
good capacity retention in the latter sample can be partially attributed to the decreased side-

reactions with the electrolyte, which is related to the lower surface area.

The TEM study also revealed structural modifications at selective surface planes in case of the
solution-gel method, where a Ni-rich surface layer is present at the {200} facets that adopts a
spinel structure, while a Co-rich surface layer is observed at the {002} and {202} facets, which
tends to form a rock-salt-type structure. The formation of the spinel or the disordered rock-salt
structure at the very surface of the particle essentially cuts off the lithium transport paths,
making the lithium in the particle inaccessible along these particular facets, which leads to both
voltage fade and capacity fade [101,102]. On the other side, as the spinel structure is highly
stable, the Ni-rich spinel layer can also be considered as a protective surface layer that slows

down the surface corrosion and structure degradation, which can reduce the voltage fade. This
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might explain the slightly lower voltage fade observed for the solution-gel sample. However,
the HAADF-STEM images of the cycled solution-gel sample clearly show the growth of the
spinel structure at the surface during cycling. The thickness increased from ~1.5 nmto 1.7—2.2
nm [102-104]. During the formation of the spinel, oxygen loss will occur as the ratio between
the transition metals and oxygen is 2:4 (TM:O) instead of 2:5 in Li12(TM)o.8O2, which is

partially responsible for the voltage plateau.

In addition to what was found by Santhanam et al. [98], it can be concluded that not only the
particle size but also the surface modifications contribute to the electrochemical performance.
The segregation of Ni and Co at selective surface facets of Li1 2Nio.13Mno54C00.1302 agrees with
that reported by Yan et al. [104]. Similar to our results, Yan et al. [104] found that Ni is
exclusively segregated at the {200} surfaces and adopts a spinel structure, while Co
predominately enriches the {202} and {002} facets with a rock-salt-like structure. However,
in their case, the Co-rich surface layer demonstrated a zigzag-shaped surface, whereas in our
case, no pronounced zigzag-shaped surface was observed. In literature, the appearance of Ni-
and Co-segregation was also observed for samples prepared by the CP method [104,105], while
our results show that it only occurs for the particles synthesized by the SG method. In our study,
carbonate co-precipitation was used, while the syntheses used in the references [104]
and [105] are based on hydroxide co-precipitation, which might be responsible for the

differences in obtained results.

According to this study about the comparison of syntheses, we can conclude that our applied
co-precipitation route is a better method, structural and electrochemical properties wise, than
our applied solution-gel route to synthesize Lii2Nio13Mnos4C00.1302. The structure is
homogeneous without surface modifications, and the specific capacity is relatively stable. On
top of that, the co-precipitation method ensures a pure phase, whereas the solution-gel method
showed the presence of Co-rich impurities. Unfortunately, the Li1.2Nio.13Mng54C00.1302 sample
prepared with the co-precipitation method suffers slightly more from voltage fade. As the
voltage fade is most likely related to TM migration and phase transitions that occur upon
cycling, we investigate the structure evolution of the Li12Nio13Mnos4C00.1302 sample

synthesized by the co-precipitation method into more detail in the following section.

108



6.3. Co-precipitation: Crystal structure of LMR-NMC

The structure of the pristine, charged (first charge only) and cycled Li1.2Nio.13Mno.54C00.1302
will be investigated. The cycled sample was charged and discharged 100 times and studied in

its final discharged state.

6.3.1. Experimental results and discussion

The SAED patterns corresponding to the pristine, charged and cycled sample of
Li1.2Nio.13Mno54C00.1302 are shown in Figure 61. The brightest reflections in all the SAED
patterns could be indexed by the monoclinic layered structure with the C2/m symmetry,
consistent with the O3-type layered structure without noticeable stacking faults in the close-

packed arrangement of the oxygen layers.

Pristine

Figure 61. SAED patterns of (top) the pristine, charged (middle) and cycled (bottom) sample along the
[100] and [010] zones, where the arrows mark the extra reflections originated from the spinel structure.

109



In the charged and cycled samples, reflections originating from regions with a spinel structure
are also present, indicated by arrows in the [100]/[110] and [010] diffraction patterns.

For the pristine sample, the HAADF-STEM and ABF-STEM images along the [010]
orientation are shown in Figure 62. The intensity of the atom columns in the HAADF-STEM
image is proportional to the atomic number of the elements, and so the bright dots in the
HAADF-STEM image correspond to the transition metal atom columns. Lithium and oxygen
are too weak to clearly observe their atom columns in the HAADF-STEM images. The inset in
the [010] HAADF-STEM image shows the outline of a few unit cells as corresponding to the
C2/m space group. In order to directly visualize the O3 cubic close-packed sequence of the
oxygen layers, an ABF-STEM image along the [010] orientation was acquired, where the
intensity is proportional to Z® and thus more sensitive to elements with low Z compared to
HAADF-STEM, and the image confirms the O3-type stacking (remember that on the ABF-

STEM images the atom columns are seen as the dark dots).
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Figure 62. The pristine LMR-NMC sample. Top: HAADF-STEM images along the [010] and [110]
orientations. The inset shows the unit cell of the structure, and the rectangle marks the area of which a
line profile has been taken, which is shown in Figure 68. The white line in the [110] image shows the
honeycomb stacking. Bottom: ABF-STEM images along the [010] and [110] orientations, confirming
the C2/m symmetry.
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Figure 63. A schematic model of Li-rich NMC along the [100], [110] and [-110] orientations, where
the green, purple and red atoms represent Li, TM and oxygen, respectively. The three different zones
show each a different projected stacking of the Li-TM layers.

The [100]/[110] SAED patterns of the three different samples are characterized by sharp
reflections (hkl) with k = 3n and diffuse weaker spots in the k # 3n reciprocal rows that originate
from the stacking of the honeycomb layers (i.e. Li-TM layers). In Figure 63, the different
possible stackings of the honeycomb layers are shown and their simultaneous occurrence, as
stacking faults, will give rise to diffuse streaks along the k # 3n reciprocal rows. The HAADF-
STEM and ABF-STEM image along the [100]/[110] orientation of the pristine sample are
shown in Figure 62 and Figure 64. In the [110] HAADF-STEM images, the honeycomb
ordering manifests itself by a prominent pattern of pairs of bright dots (i.e. atom columns of
transition metals) and less bright dots (i.e. atom column containing both Li and transition
metals) in between, which is illustrated by the blue line profile in Figure 64. The orange line
profile is also taken from a Li-TM layer, but shows a less pronounced pattern for honeycomb
ordering, indicating that this layer is partially disordered. Further, the green line profile reveals
the presence of a few transition metals in the lithium layer. It shows that also the pristine
material can contain initial structural defects, but these structural defects are only present in a
low amount. The HAADF-STEM images and the SAED pattern along the [100]/[110]
orientation of the pristine sample show that stacking faults are present in the honeycomb
ordered cation pattern. The particle studied in Figure 62 demonstrates a dominant stacking
corresponding to the [110] domains in the current viewing direction, with only a few stacking
faults (3 stacking faults in 32 Li-TM layers ~ 9.4%). However, the TEM study performed on
different particles has shown that the amount of stacking faults can vary from particle to

particle.
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Figure 64. The pristine LMR-NMC sample. Left: HAADF-STEM image along the [110] orientation.
Right: line profiles taken from the Li layer (green line profile) or the honeycomb layer (blue and orange
line profiles). The blue line profile represents the honeycomb ordering pattern. The structure does show
disorder in the honeycomb layers (orange line profile) and a low amount of TM migration towards the
Li layers (green line profile).

The extra reflections in the [100]/[110] and [010] SAED patterns that originate from the
formation of a spinel structure become stronger in the cycled sample which means that the TM
migration that occurs during charging is partially irreversible and forms a spinel structure that
grows with the number of cycles. In both the charged and cycled sample, [010] SAED patterns
were found with and without the extra reflections that correspond to the formation of the spinel
structure, showing that different particles do not degrade to the same amount during
electrochemical cycling. To understand how these structural changes proceed, high-resolution
STEM images were acquired from the charged and cycled samples, which are compared to the
pristine reference sample.

The HAADF-STEM images of the charged sample in Figure 65 prove that the TM migration
occurs during charging. Transition metals were observed in the empty octahedral positions in
the lithium layers (bright dots marked by yellow arrows with annotation ‘TM”) as well as in
the tetrahedral interstices between the layers (bright dots encircled in pink with annotation
“TM”). This can be explained by the diffusion path of the transition metals. In order to migrate
towards the lithium layers, the transition metals have to pass the tetrahedral holes, the so-called
O-T-O diffusion path, where they can get trapped. No atoms are observed in the lithium layers
in the ABF-STEM image in Figure 65, confirming that the lithium is extracted from the
structure, which subsequently enables the TM migration. Moreover, at the surface, the TM

migration leads to the formation of the spinel structure.
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Figure 65. The charged sample. Top: HAADF-STEM image along the [010] orientation; left: the
rectangle marks the area of which a line profile has been taken that is shown in Figure 68. At the
surface, the structure has changed to a spinel-like structure; right: a close-up, where TM migration is
observed. The yellow arrows show TM in the empty Li positions, while the pink circles indicate TM in
the tetrahedral holes between the two layers. Bottom: left: ABF-STEM image along the [010]
orientation. The lithium atoms are not visible since they left the structure upon charging; right:
HAADF-STEM image along the [110] orientation, in which the white line marks the stacking of the Li-
TM layers.

In several areas in the [110] HAADF-STEM image in Figure 65, the characteristic ordering
patterns in the Li-TM layers have become unclear, meaning that the Li-TM layers in these
regions are highly disordered, which is also caused by the delithiation followed by TM
migration.

In addition, some particles demonstrate the presence of domains with seemingly different
ordering, as shown in Figure 66, where a domain in [010] orientation (region 2) neighbours a
domain in [101] orientation (region 3). In region 3 also a narrow stretch with different ordering
pattern can be seen. This can be explained by the model shown at the bottom of Figure 66.
When no stacking-faults are present, the structure viewed along the [101] orientation looks like
a deformed honeycomb pattern, where the slightly darker columns, partially occupied by TM
(only 1/3; the 2/3 Li is removed in the charged state) are surrounded by six atom columns fully
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occupied by TM. When the structure contains stacking-faults, the different atom columns will
overlap, and the intensity distribution of all the atom columns becomes homogeneous. In the
HAADF-STEM image, the differences in the ordering pattern within region 3 can thus be
explained as due to regions with and without stacking-faults. The presence of such domains
with different orientations was also found in the pristine sample. (For the pristine sample, no
clear HAADF-STEM images of the interface between the domains were obtained.) These
domains are orientation twins that arise when the symmetry lowers from the cubic rock-salt
structure (Fm3m) to the layered monoclinic (C2/m) structure (most probably during the
synthesis), as these orientations are equivalent in the cubic structure. The occurrence of
orientation twins in Li-rich NMCs has already been reported by Jarvis et al. [106], and Shukla
et al. [100].
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Figure 66. Top: the charged sample. Left: HAADF-STEM image showing different domains. Right: the
corresponding FFTs of the areas marked in the HAADF-STEM image. The FFTs of areas 2 and 3
correspond to the zones [010] and [101], while the FFT of area 1 is a mixture of both. Bottom:
simulation of the model along the [010] and [101] orientation. In the [101] orientation, the blurred
atoms correspond to the positions that are partially occupied by TM (only 1/3 TM). When stacking-
faults are present, these positions will overlap with positions that are fully occupied with TM.
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The formation of these orientation twins most likely affects the diffusion paths and thus, the
electrochemical properties of the LMR-NMC. Jarvis et al. [106] suggest that these domains
result in pseudo-3D paths instead of 2D paths that would be favourable for lithium diffusion,
but that the overall lithium diffusion is inhibited due to a build-up of Ni at the interface between
these domains. Further, they also claim that the domain formation that arises from a disorder-
to-ordered phase transition (i.e. from cubic rock-salt to layered monoclinic) is only formed in
layered oxides containing nickel. On the contrary, our TEM study on LioMnQOs, which is
discussed in Chapter 8, shows a SAED pattern (Figure 85D) that demonstrates the coexistence
of the [010] and [101] domains in a single Li2MnOs particle, indicating that it also occurs in
layered Li-rich manganese-based oxides that do not contain nickel. In our case, we did not
observe an increased Ni content at the interface between the domains for LMR-NMC. We
suggest that the lithium diffusion paths of particles consisting of many domains next to each
other are disturbed, which will eventually hinder the fast lithium diffusion that is required for
these cathode materials. The domains with the [010] orientation have 2D planar lithium
diffusion paths, while the [101] domains only have 1D lithium diffusion paths in this same
plane if no stacking faults are present; stacking faults will block even these 1D paths.
Consequently, these domains cannot contribute to the charging and discharging process of the
material, which might explain the lower specific discharge capacity observed for the co-
precipitation sample than observed for the solution-gel sample, where no such twins were
observed.

When the structure is discharged, the lithium and the transition metals should move back to
their initial positions; however, the HAADF-STEM images in Figure 67 reveal that the TM
migration is only partially reversible, leading after 100 cycles to a permanent spinel structure
at the surface. The surface changes to a spinel structure, as shown in the [010] HAADF-STEM
images. The thickness of the spinel layer increases with every cycle, while the bulk structure
preserves the C2/m symmetry. The close-up HAADF-STEM image in Figure 67 clearly shows
the irreversible TM migration towards the Li positions at the surface (bright dots marked by
yellow arrows with the annotation ‘TM’). TM migration towards the tetrahedral positions is
not significant (bright dots encircled in pink with the annotation ‘TM”). The homogeneous
intensity in the Li-TM layers in the [100] HAADF-STEM image implies disorder, which is
significantly increased compared to the pristine sample.
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Figure 67. HAADF-STEM images of the cycled sample. Left: HAADF-STEM images along the [010]
zone where the surface has changed to a spinel-like structure. The shaded rectangle indicates the area
over which a line profile is taken, which is shown in Figure 68. A close-up is shown at the bottom right,
where the yellow arrows show the TM atoms in the Li layer and the pink circle shows TM in the
tetrahedral hole between both layers. Top right: HAADF-STEM image along the [100] orientation. The
white line marks the stacking of the honeycomb layer.

In order to analyse the amount of TM migration at both the Li positions and the tetrahedral
positions, line profiles were taken perpendicular to the layers in the HAADF-STEM images
along the [010] orientation from the pristine, charged and cycled sample, marked in
respectively Figure 62, Figure 65 and Figure 67. The line profiles are shown in Figure 68.
The peaks in the experimental data are fitted by Gaussian functions using the program
Fityk [43]. All the peaks corresponding to the Li-TM layers (peaks represented by "TM layer™)
are refined with the same full width half maximum (FWHM). Since the lithium atoms (Z = 3)
are not visible in the HAADF-STEM images, the peaks observed in the lithium layers (peaks
represented by "Li layer") entirely originate from the presence of transition metals. Therefore,
these peaks are refined with the same FWHM as the peaks in the TM layers. The intensity of
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these peaks provides information about the amount of TM migration towards the lithium layer.
The peaks corresponding to the position between these two layers correspond to either the
oxygen positions or the empty tetrahedral holes, which means that these peaks can give
information about the number of transition metals trapped in the tetrahedral holes. Oxygen
atoms (Z = 8) are commonly expected to be too light to visualize clearly in HAADF-STEM
images due to the contrast | ~ Z2; however, if the other elements also have low atomic numbers,
such as Mn (Z = 25), Co (Z = 27) and Ni (Z = 28), the oxygen atoms might contribute to the
intensity of these peaks. This conjecture is also supported by the line profile of the pristine
sample, where clear peaks were observed at these positions, while in the pristine structure no
transition metals are expected at the tetrahedral positions. In order to verify the actual
contribution of oxygen to these peaks, HAADF-STEM simulations have been made to compare
the line profiles to the experimental data.

HAADF-STEM images along the [010] orientation were simulated with the program
QSTEM [107] with three different thicknesses: 27 A, 98.5 A and 170 A shown in Figure 69.
The line profiles reveal the significant contribution of the oxygen atom columns to these peaks,
where the intensity increases concomitantly with increasing thickness. On the other hand, the
intensity of these peaks will also be affected by the number of transition metals trapped in the
tetrahedral holes. Therefore, HAADF-STEM images were simulated with 0%, 5% and 10%
Mn of the total amount of transition metals that are migrated towards the tetrahedral holes,
using a constant thickness of 98.5 A. The peak intensity significantly increases together with
increasing the occupancy of the tetrahedral holes. Unfortunately, combining both the variation
in thickness and the occupancy makes it impossible to derive the correct amount of TM
migration towards the tetrahedral holes, and one can only suggest their presence based on
variations in brightness among the peaks themselves.

In addition, HAADF-STEM images were simulated with 0%, 5% and 10% of the total amount
of transition metals that are migrated towards the lithium layers, using a constant thickness of
98.5 A (Figure 70). The simulations show that TM migration lower than 5% will be difficult
to detect; especially when the thickness increases and the intensity of the neighbouring peaks

increases due to the contribution of the oxygen atom columns
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Figure 68. Line profiles of the pristine, charged and cycled samples. The regions, of which the line
profiles are taken, are marked in Figure 62, Figure 65 and Figure 67. The experimental line profile is
fitted by Gaussian functions with Fityk [43].
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Figure 69. Top: simulation of the HAADF-STEM image along the [010] orientation of the pristine
structure for three different thicknesses. Bottom: similar simulations for one thickness, where the Mn
migrations varies with 0%, 5% and 10%. In the model, Mn atoms are added in the tetrahedral positions,
while the same amount of Mn is removed from the honeycomb layer. The HAADF-STEM images are
simulated by using QSTEM [100].



Taking into account the result of the simulations, we conclude that the pink peaks in the line
profile of the pristine sample arise from the oxygen atoms in the structure and that there is no
evidence of transition metals in the lithium layer for that sample. In the charged sample, a
significant amount of transition metals are observed in the lithium layers, which is expected
due to the migration of transition metals when delithiation occurs. This, in contrast to the cycled
sample, where ideally no transition metals should be observed in the lithium layer. The
HAADF-STEM image of the cycled sample (Figure 67) showed the transition to the spinel
structure at the surface, but the line profile is taken at a slight distance from the surface, similar
to the line profiles taken from the charged and pristine sample in order to have a better
comparison. From the line profile of the cycled sample, it seems that the number of transition
metals present in the lithium layer is lower compared to the charged sample, showing that part
of the migration is still reversible; however, a significant part of the transition metals are still
trapped in the lithium layer. Note that this is an assumption as we do not know the exact
thickness of the areas from which the line profiles were taken. Furthermore, for the cycled
sample, the intensity of the peaks at the oxygen positions and tetrahedral holes varies
significantly. Most likely this is due to a slight misalignment of the HAADF-STEM image
because the intensity varies in a periodic way that can be caused by a small misorientation of
the atom columns. However, we cannot exclude structural changes such as oxygen release

(lower peaks) or transition metals trapped at the tetrahedral holes (higher peaks).
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Figure 70: similar simulations for one thickness, where the Mn migration varies with 0%, 5% and 10%.
In the model, Mn atoms are added in the octahedral lithium positions, while the same amount of Mn is
removed from the honeycomb layer. The HAADF-STEM images are simulated by using QSTEM [107].
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6.4. Conclusion

In the first part of this chapter, we showed that the electrochemical performance not only
depends on the composition but that also the synthesis method affects the electrochemical
performance. The synthesis method has an influence on the morphology, which plays an
important role in the electrochemical performance. This study showed that the particles
synthesized by the solution-gel method are smaller than the particles synthesized by the co-
precipitation method. By comparing our observation to the electrochemical performance, we
were able to conclude that the significant capacity drop observed in the solution-gel method is
most likely partially related to the higher surface area which increases the surface side-reactions
with the electrolyte. Moreover, our TEM study also revealed surface modifications at selective
facets in the solution-gel sample that were not present in the co-precipitation sample. The
surface at the {200} facets adopts a Ni-enriched spinel structure of a few atomic layers that
grows with the number of cycles. The surface at the {002} and {202} facets possesses Co-
segregation and has a disordered rock-salt-like structure. As the electrochemical properties of
the solution-gel sample are worse than the properties observed for the co-precipitation sample,
we can conclude that these structural modifications are not beneficial for the cathode material,
and can only act as a barrier for Li diffusion at the surface. Consequently, we can conclude
that our applied co-precipitation route is a better method, structural and electrochemical
properties wise, than our applied solution-gel route to synthesize Li1.2Nio.13Mno54C00.1302. The
structure is homogeneous without surface modifications, and the specific capacity is relatively

stable.

The Li-rich, Mn-rich NMC synthesized by the co-precipitation method suffers from voltage
fade. We suggested that the observed voltage fade is caused by transition metal migration and
phase transition to the spinel structure upon cycling. Our TEM study indeed showed that part
of the TM migration is irreversible, leading to the formation of a spinel structure. The HAADF-
STEM images clearly show a high degree of phase transition to spinel and/or rock-salt at the
surface. For the charged and cycled sample, SAED patterns existed both with and without the
extra reflections corresponding to the spinel phase (the rock-salt reflections overlap with
existing reflections), showing that different particles do not degrade to the same amount during
electrochemical cycling. Furthermore, we also observed the formation of orientation twins in

the co-precipitations sample, which was not present in the solution-gel sample. These domains

122



might hinder the Li diffusion paths, which might be the cause of the lower specific capacity

observed in the co-precipitation sample than in the solution-gel sample.

Finally, we also want to emphasize the complexity of examining the structural changes that are
directly related to the charging and discharging of the material. The TEM study showed that
the amount of stacking faults can vary from particle to particle and that the pristine sample can
contain initial randomly distributed structural defects. As we cannot investigate, with current
existing techniques, the same particles in the pristine, charged and cycled state, no knowledge
is available about the pre-existing condition of any of the structural features prior to the

charging or cycling.
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Chapter 7. Sn-substitution in LMR-NMC

This section is based on the paper:

A. Paulus, M. Hendrickx, M. Bercx, O. Karakulina, M. Kirsanova, D. Lamoen, J. Hadermann,
A. Abakumov, M. K. Van Bael and A. Hardy. An in-depth study of Sn substitution in Li-
rich/Mn-rich as a cathode material for Li-ion batteries. Dalton Trans, 2020, 49, 10486 [108]

7.1. Introduction

Li1.2Nio.13Mno54C00.1302 demonstrates a high reversible capacity exceeding 250 mAh/g, and
only part of it (up to 140 mAh/g) originates from the Ni** — Ni*"** and Co®* — Co*" cationic
redox reactions, whereas a significant contribution comes from the reversible anionic redox
processes (20% — O™, with 3 > n > 1) above the potential of ~ 4.5 V vs Li/Li* [91,109,110].
As shown in the previous chapter, LMR-NMC suffers from oxygen release and phase
degradation, caused by the irreversible anionic redox processes, which is detrimental for the
voltage and capacity. Partial substitution of Mn** is suggested as a viable strategy for

stabilizing the layered structure upon cycling in order to prevent TM migration.

Sn** is believed to act as a structure stabiliser, as Sn** is not easily reduced to Sn?* and does
not tend to adopt tetrahedral coordination [111]. Substitution of Sn** for Mn** is, therefore, a
potential way to decrease the voltage fade of the LMR-NMC. The substitution of Sn** for Mn**
has already been reported for Ni-rich NMC (Li[Niog2C00.12Mno.0s]1-xSNx02) [94], LMR-
LNMO (Sn-stabilized Li[Lio.17Nio.2sMnosg]O2) [111] and LMR-NMC (Li12Nio.13Mngss-
xC00.13Snx02) [112]. All the studies showed an enhanced reversible performance, which has
been ascribed to the stabilisation of the lattice upon electrochemical cycling. Further, the
materials exhibit lower discharge capacities compared to the pristine materials, as expected due
to the presence of Sn that preserves its 4+ oxidation state. The significantly larger ionic radius
of octahedrally coordinated Sn** (0.69 A) than of Mn** (0.53 A) [47] will introduce strain, and
only a limited percentage of Mn** is expected to be replaced by Sn** in order to still retain the
structure of the pristine LMR-NMC. On the other hand, its larger size could enhance lithium
diffusion as it broadens intercalation pathways [111].
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Despite that Sn substitution in LMR-NMC, Li1.2Ni0.13Mno54-xC00.13SnxO2 with x < 0.2 [112],
has already been reported in literature, neither a structural investigation probing the Sn
substitution limit nor the influence of Sn** on voltage fade in partially charged LMR-NMC
were reported yet.

In this study, we have investigated the Sn concentration in Li1.2Nio.13Mno54-xC00.13SnxO2,
where 5% (x = 0.027), 10% (x = 0.054), 20% (x = 0.108) and 100% (x = 0.54) of Mn is replaced
by Sn. The samples are studied by using a combination of X-ray powder diffraction (XRPD),
transmission electron microscopy (TEM) and calculations within the Density Function Theory
(DFT) formalism. The effect of Sn substitution on the voltage fade was determined using
galvanostatic cycling. The samples are synthesized by co-precipitation, as discussed in the
previous chapter, including an extra begin product SnSO4. The reference sample is the LMR-
NMC discussed in the previous chapter. The DFT calculations were performed by Marnik
Bercx, the synthesis, XRD analysis and electrochemical measurements by Andreas Paulus.
The structural study is my contribution. The experimental details of the TEM study can be
found in the appendix at the end of Part 11, the experimental details of the other experiments
can be found in the corresponding paper [108].
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7.2. Experimental results and discussion

7.2.1. Morphology, microstructure and electrochemical properties of
Sn-doped LMR-NMC

The powder XRD patterns of the Lii2Nio.13Mnos4-xC00135nxO02 samples LNMC (x=0),
LNMCS5 (x=0.027), LNMCS10 (x=0.054), LNMCS20 (x=0.108) and LNCS (x=0.54)
synthesized via the co-precipitation route are displayed in Figure 71. The sharp peaks show
that the samples are well crystallised. Within the x range of 0 to 0.108, the strongest peaks can
be ascribed to the monoclinic C2/m structure typical for LMR-NMCs. The unit cell parameters
refined with the Le Bail method are listed in Table 8.

The samples demonstrate an increase in the unit cell parameters and volume with increasing
nominal Sn content, in agreement with the larger ionic radius of Sn** (0.69 A) as compared to
Mn** (0.53 A). However, the unit cell parameters and volume of the LNMCS20 sample are
close to those derived from the LNMCS10 sample, while between these two samples the
difference is expected to be more significant due to the much higher Sn concentration in the
LNMCS20. Moreover, in the XRD patterns of LNMCS10 and LNMCS20, extra peaks appear
(marked by asterisks) which reveal the presence of an additional phase. These peaks grow in
intensity with increasing x content and become dominant in the LNCS sample. From the XRD
pattern of LNCS, the phase could be identified as LioSnOs [113]. This means that the real
substitution degree is smaller than the nominal Sn content. Assuming the main phase is similar
to that of LNMCS10, the XRD patterns show that the contribution of the additional phase
increases for the LNMCS20 compared to LNMCS10, explaining why the differences observed
in the unit cell parameters and volume are smaller than would be expected if all Sn were

incorporated in the main phase.

Table 8. Cell parameters of LNMC (x=0), LNMCS5 (x=0.027), LNMCS10 (x=0.054) and LNMCS20
(x=0.108) derived from the XRPD data.

LNMC LNMCS5 LNMCS10 LNMCS20
a(A) 4.9360(2) 4.9507(2) 4.9560(2) 4.9668(4)

b (A) 8.5479(3) 8.5699(3) 8.5780(4) 8.5806(5)
c(A) 5.0172(2) 5.0265(2) 5.0417(4) 5.0345(4)

B (°) 109.017(3) 108.969(4) 109.302(4) 109.305(6)
V (R3) 200.133(9) 201.6781(9) 202.2875(9) 202.4966(1)
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Figure 71. XRPD patterns of LNMC (x=0), LNMCS5 (x=0.027), LNMCS10 (x=0.054), LNMCS20

(x=0.108) and LNCS (x=0.54). The peaks marked by an asterisk (*) do not correspond to the C2/m

monoclinic structure, but can be ascribed to the Li»SnOs structure, which is mainly present in the LNCS

sample.
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The real substitution degree has been assessed by EDX analysis. Mixed (Ni, Mn, Co, (Sn))
elemental maps of the LNMC, LNMCS5, LNMCS10 and LNMCS20 samples are presented in
Figure 72. The unsubstituted LNMC material consists of a single phase showing a
homogeneous transition metal distribution. Its derived transition metal ratio,
Nio.142)Mnos33)C00.132), IS in agreement with the expected stoichiometry. The Ni, Mn, Co and
Sn distribution in the LNMCS5 sample appear to be very homogeneous with a transition metal
ratio of Nio.13(1)Mnos512)C00.131)SNo.033(5) confirming that Sn preferentially substitutes Mn in the
LMR-NMC structure. No additional phase has been detected. The majority of the crystallites
in the LNMCS10 sample are also very homogeneous, providing the cation composition of
Nio.13(1)Mno502)C00.13(1)SNo.044(6). HOwever, small Sn-rich crystals are already present indicating
exsolution of the Li>SnO3 phase. The LNMCS20 sample consists of two phases: one is LMR-
NMC with the homogeneous Nio.141)Mno.482)C00.14(1)SNno.04¢1) cation composition, identical to
the LMR-NMC phase in the LNMCS10 sample taking into account the standard deviation; the
other one is Li2SnOs slightly doped with Ni and Mn (Nio.0s1)Mno.074/C00.012)Sho.s5)). Thus,
the Sn for Mn replacement does not exceed x ~ 0.045, which is a substitution limit of ca. 8.3%

of the Mn content.
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Figure 72. From left to right: The mixed (Ni, Mn, Co) elemental maps of a representative LNMC (x=0)
particle and the mixed (Ni, Mn, Co) and (Ni, Co, Sn) elemental maps of respective particles of LNMCS5
(x=0.027), LNMCS10 (x=0.054) and LNMCS20 (x=0.108). The elemental maps are given in counts.

Besides the unit cell parameters, also minor differences have been observed between the
particle sizes of the different samples. HAADF-STEM images of Li1.2Nio.13Mno 54-xC00.13SnxO2
(x=0-0.108) are shown in Figure 73, and the particle size is presented in Table 9. In contrast
to the unit cell dimensions, the average particle size becomes slightly smaller upon increasing
the Sn content to x = 0.054 (LNMCS10). The average particle size of LNMCS20 is comparable
to LNMCS10, which is expected regarding the Sn substitution limit. The non-doped LNMC
consists of large agglomerates of randomly shaped particles, whereas the Sn-doped samples

consist of more elongated particles.

LNMCS5

LNMCS10 LNMCS20

Figure 73. HAADF-STEM images of Li1.2Nio.13Mno 54-xC00.135n02: LNMC (x=0), LNMCS5 (x=0.027),
LNMCS10 (x=0.054) and LNMCS20 (x=0.108).
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Table 9. Particle size distribution of LNMC, LNMCS5, LNMCS10 and LNMCS20.

Particle size [nm] LNMC LNMCS5 LNMCS10 LNMCS20
Mean 682 411 380 373
Standard deviation 363 216 171 149
Minimum 256 70 100 145
Maximum 1960 1141 902 951

In order to further investigate the Sn solubility in Liz.2Nio.13Mno54-xC00.13SnxO2, the formation
energies of Sn-substituted structures for a range of x-values have been calculated within the
DFT framework. In an effort to reduce the computational complexity, the calculations were
limited to Liz.2Mno.g0-xSnxO2, which can be considered a reasonable strategy due to the similar
ionic radii of Mn, Co and Ni, as well as the low concentration of Ni and Co. The solubility of
Sn in this compound can be studied by considering the following decomposition reaction

(Li2SnO3 corresponds to the admixture phase as detected by XRPD):

X X
Lilleno_g_xSTlXOZ il (1 - ﬁ) * Lilleno_gaz + ﬁ (06 * LlZSTl03 + 02 * SnO),

with formation energy:
] x ]
Ef(x) = E(Li; ;Mngg_xSn,0;) — (1 - ﬁ) E(Liy2Mngg05)

x
0.8

[0.6 E(Li,Sn03) + 0.2 E(Sn0)].

Figure 74 shows the calculated formation energies for the Sn substituted structures compared
to their decomposition in Liz2MnggO2, Li2SnOs and SnO. The limited solubility of Sn is
confirmed by the DFT calculations. For the lowest Sn concentration, x = 0.042, the formation
energy of the lowest energy configuration is only 6.5 meV/atom above the convex hull. This
structure can reasonably be considered as metastable [114], and as such, the formation of a
single phase is feasible at low Sn concentrations. However, as the Sn-concentration x is
increased, the Lii12MnogxSnxO2 configurations become more unstable, increasing the
likelihood of a decomposition in Li12MnogO2, Li2SnO3 and SnO phases, as observed in the
XRPD results for the high Sn concentration samples. Note that if the Sn substituted orderings
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are generated randomly, i.e. without respecting the honeycomb pattern, the energies are
significantly higher compared to the honeycomb structures at each Sn concentration. This
matches the preservation of the honeycomb ordering for the Sn substituted structure found for
the HAADF-STEM results.
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Figure 74. Calculated formation energies of the Sn substituted structures for a range of Sn
concentrations x. Within the 2x2x2 supercell, this corresponds to a set of 5 different values for .v: {i/24
|i=1,2,3, 4,5} Every mark corresponds to a symmetrically non-equivalent Li-Mn-Sn ordering at a
specific Sn concentration.

As the main phases of LNMCS5, LNMCS10 and LNMCS20 are comparable based on the
STEM-EDX and XRPD investigation and as LNMCS10 and LNMCS20 are not a single phase,
the further electrochemical characterization and structural study (discussed in the next section)
is exclusively presented for LNMCS5, and will be compared to the unsubstituted LNMC
reference material, of which the structural study was discussed in the previous chapter.
Moreover, the additional Sn-rich phase of LNMCS10 and LNMCS20 immediately turns
amorphous under the electron beam, preventing its structural analysis via HAADF-STEM. As
this additional phase is believed to have no significant electrochemical activity within the
probed potential window, mainly due to the very low content of nickel and cobalt and the redox
inactivity of Sn** no further characterization has been performed.

In order to comparatively assess voltage fade for LNMC and LNMCS5 samples, galvanostatic
cycling has been performed within the 3.00 V - 4.55 V vs Li/Li" potential window. The lower
potential limit has been set at 3.00 V, as voltage fade dominates in the ~3.1 - 3.3 V voltage
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interval for LMR-NMC [115]. Selected charge/discharge curves are shown in Figure 75B and
Figure 75C. The slope region observed for both samples up to ~4.4 V is related to the oxidation
of Ni?* to Ni** and Ni** and Co®* to Co** [86]. Evidence for anionic redox chemistry of the
oxygen sublattice can be found for both samples in the voltage plateau, observed at around 4.5
V vs Li/Li* during the first charging step, which is shown in Figure 75A [116-118]. Currently,
it is still under debate in literature whether the released oxygen during the first charging step
originates from the bulk lattice or from the near-surface region of the LMR-NMC
particles [116-118]. Among the transition metal cations, localised hole formation on oxygen
is most facilitated by Mn** as the Mn**-O bond is less covalent than Ni**-O or Co**-O. The
Li*-O bond is characterized by an even lower covalency than Mn**-O and by consequence
contributes more to the localised hole formation on oxygen [109]. On the other hand, Sn** has
completely filled d orbitals, resulting in less directional bonds with oxygen, which enables the
rotation of the neighbouring oxygen bonds needed to form stable peroxo-like species (i.e.
species with O'—O" bonds), which is expected to reduce the irreversible oxygen redox
processes [119]. The voltage plateau depicted in Figure 75A at around ~4.5 V is comparable
for both unsubstituted LNMC and Sn substituted LNMCSS5, both reaching capacities of ~250
mANh/g. Plausible explanations can be found in the low Sn** dopant concentration. For the
subsequent 99 charge/discharge cycles, comparable voltage fade for both samples is observed,
as presented in Figure 75B and Figure 75C. It is unlikely that the replacement of just a few
molar percent of Mn** by Sn** will have a significant impact on the occurrence of transitions
from layered to spinel-type structure, despite the lower tendency of Sn** to undergo O-T-O
migration during galvanostatic cycling. In contrast to our study, Zhou et al. [112] observed
enhanced electrochemical properties upon Sn doping (0 - 3.7%) for fully charged LNMC up to
~4.8 V vs Li/Li+. The study showed that the optimal electrochemical performance is obtained
at Li12Nio13Mnos3C0013SN0.0102 (~ 1.85% Mn** replaced by Sn**) with a higher specific
discharge capacity and slightly reduced voltage fade. In our study, a minimum of 5% Sn is
substituted, and the specific discharge capacity measured after 100 cycles is slightly lower for
the Sn substituted LNMCS5 (~140 mAh/g) than for the unsubstituted LNMC (~150 mAh/g);
no reduced voltage fade was observed. Moreover, we would not expect a significantly
improvement of the electrochemical performance with only a few percentage of Sn in LMR-
NMC.

132



To fully understand the electrochemical properties, a structural TEM investigation was
performed on LNMCS5, which is discussed in the following section. The crystal structure of
LNMCS5 was studied in the pristine state (i.e. pristine sample), the first charged state (i.e.
charged sample), and the discharged state after 100 cycles (i.e. cycled sample). The
galvanostatic cycling was performed between 3.0 V and 4.55 V at a rate of 0.1C.
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Figure 75. (A) Initial charge/discharge cycle at C/20 for LNMC and LNMCS5. (B)/(C) Selected
charge/discharge curves (cycle number is given in the legend) in the 3.00V-4.55V vs. Li/Li+ voltage
window at a rate of C/10 for respectively LNMC and LNMCS5. Voltage fade is indicated by the arrow.
The slope of the arrow is the same for both, showing that the voltage fade is similar for both.
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7.2.2. Crystal structure of Sn-doped LMR-NMC

The SAED patterns corresponding to the pristine, charged and cycled samples of
Li1.2Nio0.13Mno.513C00.13SN0.02702 are shown in Figure 76. The SAED patterns of the pristine
sample do not show an obvious difference with the SAED of the unsubstituted pristine sample
(Chapter 6, Figure 61), and thus the structure can be described by the monoclinic C2/m
layered structure with the O3 cubic close-packed sequence of the oxygen layers.
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Figure 76. SAED patterns of (top) the pristine and (middle) charged sample along the [100]/[110] and
[010] zones; (bottom) the cycled sample after 100 cycles along the [100]/[110] and [010] orientation
indexed in the layered C2/m structure, and along the [112] orientation indexed in the spinel structure.
The white arrows mark the extra reflections, originated from the formation of the spinel structure, while
the green arrows indicate the streaks associated with the honeycomb stacking in the layered C2/m
structure.
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The HAADF-STEM and ABF-STEM images shown in Figure 77 confirm the layered
structure. A line profile was taken perpendicular to the layers in the [010] HAADF-STEM
image, which is shown in Figure 80. In order to obtain a good fit, we had to include peaks at
the lithium layers, where we would not expect to have any transition metals. However, the atom
columns indicated by arrows in the inset in the [010] HAADF-STEM image in Figure 77
affirm the presence of transition metals in the lithium layer. Since no extra reflections were
observed in the SAED patterns of the pristine sample, we can assume that these transition
metals are in low amount and/or randomly distributed. Further, the Sn atoms are
homogeneously distributed in the structure because, if nano-scale Sn-rich domains were
present, a clear intensity difference would be observed in the atom columns since Sn has a
much higher atomic number (Z = 50) than Mn (Z = 25), Co (Z = 27) and Ni (Z = 28), resulting
in much brighter projected columns. Similar to the non-substituted Li1.2Nio.13Mno.54C00.1302,
particles are found consisting of domains in [010] orientation neighbouring domains in [101]

orientation (Figure not shown; similar to Figure 66).

The inset shows the unit cell of the layered structure, where the arrows indicate transition metals at the
lithium positions, and the rectangle marks the area of which a line profile has taken, which is shown in
Figure 80. The white line in the [1110] image shows the honeycomb stacking. Bottom: ABF-STEM
images along the [010] and [110] orientations, confirming the C2/m symmetry.
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The SAED patterns of the charged and cycled samples show extra reflections that originate
from the formation of the spinel structure. The middle [010] SAED pattern of the charged
sample shows no extra reflections and thus no phase transition to the spinel structure, whereas
the extra reflections are clearly present in the right side [010] SAED pattern, which
demonstrates that different particles do not degrade to the same amount during electrochemical
cycling. The middle SAED pattern of the cycled sample is mainly spinel, because the joint
spinel-honeycomb reflections are very clear, while the reflections only due to honeycomb are
only barely visible, marked by the green arrows. For this particle, the structure has almost
entirely changed to the spinel structure. The presence of spinel reflections in the cycled sample,
as well as particles that are mainly spinel, indicate that the TM migration is partially irreversible
and forms a permanent spinel structure. Comparing the SAED patterns of the charged and
cycled sample with those obtained from the unsubstituted sample discussed in the previous
chapter, the reflections associated to the formation of the spinel structure are much brighter in
the Sn substituted sample. It seems that the structure degradation in the Sn substituted sample
is higher than in the unsubstituted sample and that the Sn substitution did not help to mitigate

the structural degradation.

HAADF-STEM and, in the case of the charged sample, ABF-STEM images were also
obtained. Due to the structure degradation in the cycled sample, the sample became too
sensitive to acquire clear ABF-STEM images. For ABF-STEM imaging, a higher electron dose
is needed than for HAADF-STEM imaging in order to visualize the oxygen atoms. The high-
resolution STEM images of the charged sample, shown in Figure 78, prove that the C2/m
structure is preserved, where the close-up HAADF-STEM image along the [010] marks the
TM migration towards the lithium positions (bright dots marked by yellow arrows) and the
tetrahedral holes (bright dots encircled in pink). This is also confirmed by the line profile
(Figure 80), which clearly shows some high peaks at the tetrahedral positions and peaks at the
lithium layers. Some of the peaks corresponding to either the oxygen or tetrahedral positions
in the line profile of the charged sample are significantly decreased, which might be associated

to oxygen release occurring after the oxidation of the transition metals.
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Figure 78. The charged sample. Top: HAADF-STEM images along the [010] orientation; left: the
rectangle marks the area of which a line profile has been taken that is shown in Figure 80, and the
arrows indicate atom columns that are brighter meaning that these atom columns contain more Sn;
right: a close-up, where TM migration is observed. The yellow arrows show TM in the empty Li
positions, while the pink circle indicates TM in the tetrahedral hole between the two layers. Bottom:
left: HAADF-STEM image along the [100]/[110] orientation, where the arrows show disorder within
the honeycomb layers, and the white lines mark the stacking of the honeycomb layers; right: ABF-
STEM image along the [100] orientation. The lithium atoms are not visible since they are extracted
from the structure during charging.

The HAADF-STEM images of the cycled sample along the [010] and [100] orientation in
Figure 79 clearly support the formation of the spinel structure at the surface. The [110] and
[100] HAADF-STEM images also reveal high disorder within the honeycomb layer
(homogeneous intensity in the Li-TM layers instead of the honeycomb pattern).

The line profile of the cycled sample also displays the migration of transition metals towards
the lithium, which supports our assumption of the formation of the spinel structure. Besides
that the line profile proves the TM migration to the lithium layer, the line profile also reveals
transition metals trapped at the tetrahedral positions. Some peaks at the tetrahedral positions
are much higher than only the contribution of the oxygen atom columns. This TM migration
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observed in the line profiles demonstrates that substitution of only 5% is not enough to inhibit
transition metal migration and the structural degradation during electrochemical cycling.

Both the HAADF-STEM images and SAED patterns reveal a higher structural degradation for
the Sn substituted LNMCS5 than for the unsubstituted sample. However, if the structural
degradation upon cycling would be significantly higher for LNMCS5 than for LNMC, we
would expect to also observe a higher voltage fade for the LNMCS5 sample, while that is not

the case.

Figure 79. HAADF-STEM images of the cycled sample along the [110] and [010] orientations. Top:
the left HAADF-STEM image and the inset show the spinel structure that is present at the surface, while
the right one shows that the layered structure is still preserved more towards the bulk. The rectangle
marks the area of which a line profile is taken, which is shown in Figure 80. Bottom: The arrows in the
[110] HAADF-STEM image indicate the disorder within the honeycomb layers, while the white lines
show the stacking of these layers; At the right, the structure clearly shows the formation of a spinel
structure at the surface.
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Figure 80. Line profiles of the pristine, charged and cycled samples. The regions of which the line
profiles are taken are marked in Figure 77, Figure 78 and Figure 79. The experimental line profile is
fitted by Gaussian functions with Fityk [43].
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7.3. Conclusion

The XRPD and STEM-EDX analysis showed that the limited Sn** substitution degree does not
exceed X = 0.045 in Li1.2Nio.13Mno54-xC00.13SnxO2. For x = 0.054 and x = 0.108 an additional
Sn-rich phase is formed next to a Sn-doped Li-rich/Mn-rich main phase, which is assumed to
be electrochemically inactive. The composition of the Sn-doped main phase is comparable for
all the Sn substituted samples, where the transition metals and Sn are homogeneously
distributed in the Li-rich/Mn-rich phase. Up to x = 0.108, a highly crystalline, layered structure
is formed, as confirmed by XRPD. A slight increase of the lattice parameters and volume is
observed when increasing the substitution of Mn*" by Sn** up to the sample x = 0.54 and
stabilises around x = 0.108. This is in agreement with the larger ionic radius of Sn** as
compared to Mn** and the limited solubility of Sn. Honeycomb ordering is maintained upon
replacing 5% of Mn*" by Sn**.

Galvanostatic cycling has been performed on the x=0 and x=0.027 compositions. LNMC and
LNMCSS5 are characterized by discharge capacities around respectively ~150 mAh/g and ~140
mAh/g at C/10 for 100 cycles. The comparable electrochemical properties are in agreement
with the similar structural properties of the x = 0 and x = 0.027 compositions based on our
TEM and qualitative XRPD study. The substituted (x = 0.027) sample adopts a layered
structure with a honeycomb ordering in the TM layer similar to the unsubstituted LMNC
sample.

For the substituted sample, the TEM study showed that TM migration occurs during charging
and that it is only partly reversible, leading to trapped transition metals in the lithium positions
and the tetrahedral positions in the lithium layers. After 100 cycles, the TEM study showed
that a permanent spinel structure is formed at the surface that grows concomitantly with the
number of cycles. The TM migration and the phase transition at the surface hinder the lithium
diffusion paths and eventually lead to voltage fade and capacity loss. Based on the TEM study,
the structural degradation of the Sn substituted LNMCS5 seems to be significantly higher than
observed for the unsubstituted sample after 100 cycles.

To conclude, we observed that, under our synthesis conditions, replacing a few molar percent
of Mn** by Sn*" in LMR-NMC is not considered a valuable strategy to significantly inhibit
voltage fade upon extended galvanostatic cycling below the fully charged state. This is most
probably related to the inability of Sn** to inhibit the structural transition from a layered

structure to a spinel-type structure upon extended galvanostatic cycling.

140



Chapter 8. Ti-substitution in Li2MnQOs;

This section is based on the paper (in preparation):

A. Paulus, M. Hendrickx, M. Batuk, G. Reekmans, A. M. Abakumov, P. Adriaensens, J.
Hadermann, M. K. Van Bael and A. Hardy. Understanding the role of local coordination
environment on the coupling between cationic and anionic redox chemistry in Ti** substituted

LioMnO3 as a cathode material for Li-ion batteries

8.1. Introduction

Both Li2MnOs and LMR-NMC suffer from irreversible anionic redox reactions, which results
in voltage fade due to oxygen release and phase transition. In contrast to LMR-NMC, where
mainly cationic redox reactions contribute to the capacity, the redox chemistry in LioMnOg is
dominated by the anionic redox reactions. Therefore, LioMnO3 is an interesting material to
study the influence of cation substitution on the structural degradation and oxygen release upon

cycling, which can be used as a building block for other Li-rich, Mn-rich cathode materials.

In the continuation of the previous study, we will investigate the partial substitution of Mn**
by an element (M) which is able to form a solid solution in LizMn1.xMxO3, which does not tend
to adopt Th coordination (to impede migration to other octahedral sites via these tetrahedral
sites) and is not redox-active within the investigated potential window. Titanium substitution
is proposed as a potential stabiliser for LioMnOz [120,121]. | studied the structure, and its
evolution upon cycling of the Li2MnOs and Li2MnogTio203 samples using transmission
electron microscopy, expect for the compositional analysis, which is performed by Maria
Batuk. The effect of Ti substitution on the electrochemical properties is determined using
galvanostatic cycling by Andreas Paulus. Li2MnOz and Li2MnogTio.2O3 have been prepared via
an aqueous solution-gel method by Andreas Paulus, and the details of the synthesis can be
found in the appendix at the end of Part 11. The appendix also contains the experimental details
of the TEM study.
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8.2. Experimental results and discussion

8.2.1. Morphology, microstructure and electrochemical properties of
Li2MnOs and Li2MnogTio203

A preliminary TEM study showed that substitution of 30% titanium (Li2Mno.7Tio303)
demonstrated significant Ti segregation at the surface of the particles. When the titanium
concentration was lowered to 20% (Li2MnosgTio203), the titanium distribution is rather
uniform. Therefore the study was continued using this sample LioMnogTio203. A few TiO>
crystals were found, and a very small amount of titanium segregation at the surface of some
particles was observed, as can be seen in Figure 81. Since the TiO; particles do not contain
lithium, this additional phase does not contribute to the electrochemical reactions upon cycling
and can be ignored. The average Mn:Ti atomic ratio measured with EDX from the main phase
of Li2MnogTio203 is close to 82(1):18(1), which is close to the expected composition. The
crystal structure and electrochemical properties of the LizMno.gTio203 (LMTO) sample will be

compared to the reference sample Li-MnOs (LMO), prepared using the same synthesis method

except for the Ti doping.

HAADF
n 600 nm

Figure 81. The HAADF-STEM image (left) together with the individual Mn or mixed Mn/Ti element
map (right) from the Li-MnOs sample, referred as LMO, and the Ti-substituted Li>MnogTio20s sample,
referred as LMTO (Images courtesy of Maria Batuk).
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The particles of the LixMnQ3 reference sample and the Ti substituted LioMnogTio 203 sample
have similar morphologies. Some particles have smooth edges with sizes between 300 nm -
600 nm (LMO) and 100 nm - 700 nm (LMTO), present as both individual particles and
agglomerates. In the case of LMTO, these particles have a shape close to spherical. In both
samples, there is also another type of particles with an irregular shape and a rough surface, with

a size from a few tens of nanometre to 1 um (LMO) or to 700 nm (LMTO).
Table 10 shows the unit cell parameters and volume derived from the XRPD analysis done by
Andreas Paulus. The unit cell increases with the substitution of titanium, which can be

explained by the larger Ti**(0.605 A) than Mn** (0.53 A) [73].

Table 10. Refined cell parameters and volume of LioMn14TixO3, LMO (x=0) and LMTO (x=0.2)

LMO LMTO
a (A) 4.9342(6) 4.9554(8)
b (A) 8.5335(3) 8.5784(5)
c (A 5.0226(0) 5.0556(0)
B(°) 108.879(9) 109.331(4)
V (A% 200.100(0) 202.794(3)

The LMO and LMTO samples were galvanostatically cycled for 50 cycles at C/10 after two
initial cycles at C/20 in the voltage interval 2.0 V — 4.8 V vs Li/Li*. The corresponding
charge/discharge plots are depicted in Figure 82.

The shape of the initial charging step is similar for both samples. The voltage plateau at around
4.5V vs Li/Li" dominates the first charge capacity that is related to irreversible oxygen redox
processes. The slope region for the charging steps of subsequent charge/discharge cycles can
be ascribed to the Mn**/Mn** redox couple.

The obtained first charge capacity of LiMnOs only reaches ~ 60 mAh/g at 4.8 V, which is
considerably lower than the theoretical capacity of LioMnOs (460 mAh/g). The discharge
capacity only reaches ~50 mAh/g and subsequently drops to ~35 mAh/g. In literature, the
described discharge capacity varies from publication to publication, with values ranging from
a few to ~ 200 mAh/g. The electrochemical performance of the material is found to depend

strongly on synthesis conditions and test conditions [81,83,122-124].
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The voltage plateau of LMTO is only half of the voltage plateau of LMO, with a first charge
capacity of ~30 mAh/g. The smaller voltage plateau could indicate that Ti** is able to
effectively hamper the oxygen release from the lattice and the corresponding migration of
manganese. The significantly smaller voltage plateau also means that less lithium has been
extracted from the active material, and thus, less Mn** is expected to be reduced to Mn3*. As a
consequence, the discharge capacity of LMTO (~ 25 mAh/qg) is significantly lower than for the
LMO sample. In contrast to LMO, during the first 30 cycles, the discharge capacity of the
LMTO increases up to ~70 mAh/g but eventually drops to a discharge capacity similar to LMO
(~35 mAh/g) in the subsequent 70 cycles. The substitution of Ti** for Mn** enlarges the Li*
diffusion channels due to its larger ionic radius compared to Mn**, which might contribute to
the higher discharge capacity before the capacity drop.

The voltage fade is represented by the arrows in Figure 82, where the steeper the slope of the
arrow means the higher the voltage fade. Since the capacity of LMTO first increases and then
decreases, the arrow corresponding to LMTO only takes into account the cycles 20 to 50, where
the capacity decreases. Therefore, we can only compare the voltage fade from the last 30 cycles,
where voltage fade is higher for LMO than for the LMTO sample.

In the following section, the crystal structure of LMO and LMTO is investigated before cycling

and after 50 cycles.
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Figure 82. The charge and discharge plot of the LMO (left) and LMTO (right) sample. The LMO and
LMTO samples are galvanostatically cycled for 50 cycles at C/10 after two initial cycles at C/20 in the
voltage interval 2.0 V to 4.8 V vs Li/Li*. The arrows represent the voltage fade. The slope of the arrow
corresponding to LMO is steeper than the arrow corresponding to LMTO, indicating that the voltage
fade is higher for LMO.
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8.2.2. Crystal structures of Li2MnOz and Li2MnogTi0.203

The SAED patterns and HAADF-STEM images for both samples, which are shown in
respectively Figure 83 and Figure 84, confirm the monoclinic C2/m symmetry with the O3-
stacking. In the pristine state, the structure is similar for both samples. The amount of stacking
faults strongly varies from crystal to crystal, for example, the [100]/[110] SAED patterns of
LMTO suggest that LMTO has a higher amount of stacking faults than LMO (LMTO shows
diffuse streaks; LMO shows discrete reflections with weak streaks), while the [100]/[110]
HAADF-STEM images in Figure 84 show no significant difference in the amount. These
samples are made by the solution-gel method, similar to the LMR-NMC particles we discussed
in Chapter 6, where we found that particles synthesized by the solution-gel method showed
segregation and structural modifications at the surface. The structural modifications were
related to Ni- and Co-segregation (Ni-rich spinel structure at the {200} facets; Co-rich rock-
salt-type structure at the {002} and {202} facets). As mentioned above, a very small amount
of Ti segregation was observed in the current samples, but no structural modifications were
observed at the surface. As no Ni or Co is present in these samples and such structural
modifications are absent, it further supports our observation that the structural modifications

are specifically related to the Ni and Co-presence in LMR-NMC.

Figure 83. SAED patterns along the [100]/[110] and [010] zones obtained from the LMO and LMTO
samples.
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Figure 84. HAADF-STEM images along the [100]/[110] and [010] orientation of the LMO and LMTO
samples. The white lines indicate the stacking, while, in the case of the LMO samples, the white arrows
show disorder within the honeycomb layer. The [010] HAADF-STEM images confirm for both samples
the O3-type stacking, where the inset shows the monoclinic unit cell.

Next, the crystal structure was investigated to explain the capacity drop. The structures from
LMO and LMTO samples after 50 charge/discharge cycles have been comparatively assessed
by HAADF-STEM and SAED. For both samples, the SAED patterns show particles that
preserve the layered C2/m symmetry and particles that are partially degraded towards a spinel-
type structure with symmetry Fd3m and a rock-salt-type structure with Fm3m symmetry.

For the cycled LMO sample, the SAED patterns A and C depicted in Figure 85 are taken from
the same particle, along the same orientation, showing that the structural degradation does not
evolve homogeneously within a single particle. Many reflections in the SAED patterns are
broad and slightly diffuse, which points towards a reduced crystallinity. The SAED pattern in
Figure 85D represents a particle that is partially degraded. The bright reflections could be
indexed by the rock-salt structure, while the weak broad reflections marked in blue correspond
to the spinel structure. This means that the structure has partially degraded to the spinel and
further to the rock-salt structure. The sharp reflections, encircled in orange, could only be
indexed by the [101] orientation of the C2/m layered structure, indicating that this domain is

not affected by the degradation during cycling. Since this domain is oriented differently, it is
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possible that the Li was not able to leave the structure upon charging (as explained in Chapter
6), making the domain inactive, and consequently, not subjected to TM migration and structural
degradation. It shows that the domain formation prevents some domains of contributing to the
performance of the active cathode material. Figure 86 shows the calculated ED patterns of the
different domains that are observed in Figure 85D. It shows that domains with two different
orientations ([010] and [101]) of the layered C2/m structure (i.e. orientation twins) are present
in the investigated particle of which the [010] domains are degraded to the spinel structure (the

equivalent zone is [110]) and the rock-salt structure (the equivalent zone is [110]).

[110]

rock-salt

Figure 85. SAED patterns of the cycled LMO sample, taken along the [100]/[110] and [010]
orientation in the C2/m symmetry, where the two top patterns (A-B) show that the C2/m symmetry is
mainly preserved, in which the white arrows indicate the diffuse reflections that arise from the
formation of the spinel structure, while the two bottom patterns (C-D) show the same [100]/[110] and
[010] orientations but already degraded to the spinel and rock-salt structure, respectively. The SAED
patterns (A) and (C) are obtained from the same particle, showing that the structure does not degrade
homogeneously within a single particle during electrochemical cycling. The SAED pattern (D) indexed
in the [110] orientation of the rock-salt structure shows some diffuse reflections corresponding to the
spinel structure (blue circles), and the sharp reflection marked by orange circles show the presence of
a separate domain that still preserves the C2/m symmetry. For the latter SAED pattern, calculated ED
patterns corresponding to the different domains and symmetries are shown in Figure 86.
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Combination of the different patterns

Figure 86. The different calculated ED patterns that are present in the experimental SAED patterns at
the bottom right in Figure 85 are shown separately and combined as in the experimental SAED pattern.
Top: the SAED patterns along the two orientations [101] and [010] in the C2/m structure. Middle:
SAED patterns along the [110] orientation in the spinel structure Fd-3m and the rock-salt structure
Fm-3m (equivalent to [010] in C2/m). The domains corresponding to [010] in the C2/m structure are
degraded to these SAED patterns in the spinel and rock-salt structure. Bottom: The combined SAED
patterns comparable to the experimental pattern in Figure 85.
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As for the cycled LMO sample, an inhomogeneous structural degradation is observed for the
LMTO sample. The SAED patterns of LMTO depicted in Figure 87C-D show the presence of
spinel Fd3m and rock-salt Fm3m type structures within a single particle. The indexed
reflections are present in the three different structures: layered, spinel and rock-salt, but for
both the layered and spinel structure, additional reflections should be present. The weak streaks
and reflections that correspond to the C2/m symmetry are marked by green arrows and circles
respectively, while the blue circles show the weak reflections that could only be indexed by the
spinel structure. The indexed reflections are much brighter than those marked by arrows or
circles, which indicates that the particle has partially changed to a rock-salt structure where the
structure has mixed Li and TM positions. Nevertheless, the weak reflections marked by the
arrows (resp. circles), reveal that a small part of the particle still has a layered (resp. spinel)
structure. A reduced crystallinity is also observed for the LMTO, as indicated by the broad
slightly diffuse reflections in the SAED patterns.

[110]

rock-salt rock-salt

v

Figure 87. SAED patterns of the cycled LMTO sample, taken from two different particles divided in top
and bottom. The top SAED patterns (A-B) taken along the [010] and [100]/[110] orientations could be
indexed in the monoclinic C2/m symmetry, indicating the layered structure is preserved for this
particular particle. The bottom two SAED patterns (C-D) could be indexed in the rock-salt structure.
The weak streaks and reflections, marked by green arrows and circles respectively, correspond to the
C2/m symmetry, while the blue circles show the weak reflections that could only be indexed by the spinel
structure.
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Although the SAED patterns show similar structure degradation, the HAADF-STEM images
of the cycled LMO and LMTO, shown in respectively Figure 88 and Figure 89, reveal the
structural difference that arises after 50 cycles. The majority of the particles of the cycled LMO
sample are still crystalline with exclusively an amorphous surface layer, of which the thickness
varies between 0 — 10 nm, while in the case of the cycled LMTO, the amorphous surface layer
varies from a few nanometres to entire amorphous particles. The average amount of amorphous
phase present in the structure is significantly higher for the cycled LMTO sample than for the
cycled LMO sample. This difference can be missed by a SAED investigation since particles
that are completely amorphous do not show any reflections, thus while mapping the sample in

reciprocal space, these particles will go unnoticed.
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Figure 88. Representative HAADF-STEM images taken from the cycled LMO sample. Left: particles
that remained mainly layered, right: particles with considerable structural degradation at the surface,
either amorphous or spinel.
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Based on the TEM study, the structural degradation of the LMTO sample after 50 cycles is
significantly higher than for the LMO sample, while the voltage fade is slightly smaller for
LMTO. However, the voltage fade of LMTO can only be determined for the last 30 cycles, as
the capacity of LMTO first increases in the former 20 cycles. We suggest that the Ti** stabilises
the structure in the first cycles and that the ~20'" cycle can be seen as a turning point where the
structure becomes subjected to structural degradation. In order to understand how the crystal
structure changes during the different cycles, the crystal structure should also be investigated
after 20 cycles (i.e. when the capacity is the highest), but to investigate the sample, the

electrochemical cell should be opened, which prevents further cycling.

[010]

amorphous; Sy

amorphous

Figure 89. Representative HAADF-STEM images taken from the cycled LMTO sample. The bulk of the
particles is mainly layered (left side images), while the surface is a combination of amorphous and
spinel (right-side images). The darker regions are amorphous.
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8.3. Conclusion

The XRPD and STEM-EDX analysis showed that Ti** could be substituted in LizMnOs.
Additional TiO particles were found in the LizMnogTio.2O3 sample, which is expected to be
electrochemical inactive as it does not contain lithium. The TEM study showed that the Ti

substituted LiMnOs preserves the monoclinic C2/m symmetry with honeycomb ordering.

Galvanostatic cycling was performed on LioMnOz (LMO) and Li2MnogTio.2O3 (LMTO) in the
voltage interval 2.0 V to 4.8 V vs Li/Li*. The obtained first charge capacity for LMO only
reaches ~60 mAh/g at 4.80 V, which is considerably lower than the theoretical capacity of
Li-MnOs of 460 mAh/g, which indicates that the synthesis conditions are most probably not
optimal. The synthesis (i.e. solution-gel method) is the same as discussed in Chapter 6 that
showed structural modifications at the surface. However, in this case, no structural
modifications were observed, which is most probably due to the absence of nickel and cobalt.
The observed voltage plateau of both LMO and LMTO is related to irreversible oxygen redox
processes, and as the observed voltage plateau of LMTO is significantly smaller than the one
observed from LMO, this could indicate that, in the first cycles, Ti*" is able to effectively
hamper oxygen release from the sublattice and the corresponding migration of manganese. The
discharge capacity during the first cycle of the LMTO sample is about half of the one of LMO,
but in the subsequent 20 cycles, the discharge capacity increases up to ~70 mAh/g and
eventually drops to a discharge capacity similar to the LMO sample (~35 mAh/qg).

Based on the TEM study, we can conclude that after 50 cycles the structural degradation is
significantly higher for the LMTO sample than for the LMO sample. Both samples are partially
degraded to the spinel and the disordered rock-salt structure, but the HAADF-STEM images
reveal that the average amount of amorphous phase present in the structure is significantly

higher for the cycled LMTO sample than for the cycled LMO sample.

The comparison between the TEM results and the measured electrochemical properties shows
that Ti** might help to reduce the TM migration in the first cycles, but that after extended
cycling the structure is subjected to structural degradation, and Ti** substitution is not sufficient

to mitigate TM migration and voltage fade.
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Conclusion Part 11

First, the crystal structure and properties resulting from different syntheses were studied. Two
different syntheses were performed to produce Lii2Nio.13Mnos4C00.1302 (LMR-NMC):
solution-gel and co-precipitation. We found that the LMR-NMC particles synthesized by our
solution-gel route possess Ni and Co segregation at selective facets, related to a phase transition
at these surfaces: Ni-rich spinel structure at the {200} facets; Co-rich rock-salt structure at the
{002} and {202} facets. These structural modifications were not observed in the particles
synthesized by our co-precipitation route. In literature, we found that for other studies these
structural modifications also appear for particles synthesized by the co-precipitation method,
indicating that even with the same type of synthesis, small differences in the synthesis method
can lead to structural changes which subsequently will result in differences in the

electrochemical properties.

The other two studies were performed in an attempt to mitigate the voltage fade present in
lithium-rich manganese-based layered oxides: Li12Nio.13Mnos54C001302 (LMR-NMC) and
LioMnOs. The voltage fade is related to oxygen release and phase transition to the spinel
structure, and therefore, we tried to substitute cations (M = Ti**, Sn**) with stronger M-O bonds
and larger ionic radius, in order to reduce the TM migration and oxygen release.

The Sn substitution in LMR-NMC revealed a limit of Sn solubility of about 8-9%. The TEM
study also showed that the substituted Lii.2Nio.13Mnos4xC00.13SnxO2 (X = 0.027) sample
preserves the monoclinic C2/m symmetry with honeycomb ordering within the Li-TM layers.
Similarly, in the study where Ti was substituted in LioMnQg, the substituted LioMnogTio.2O3
sample preserves the monoclinic C2/m symmetry. Unfortunately, for both studies, the cation
substitution did not stabilise the structure upon charging, and so, did not succeed in mitigating

the voltage fade.
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In all these studies, we have investigated these samples ex-situ. This means that the sample is
cycled outside the TEM, and thus different particles are investigated. Therefore, the crystals
investigated of the pristine, charged and cycled state are inevitably always different particles.
Consequently, the possible prior existence of structural defects in a specific studied
charged/cycled crystal before it was charged or cycled is unknown. For example, we showed
in our studies that the amount of stacking faults varies from particle to particle. As a result,
using ex-situ investigations, it is impossible to track the evolution of defects during cycling.
This information is needed to understand better the cause of the TM migration and structural
degradation, which are needed to figure out which cation substitutions will succeed in the
stabilization of the structure. This can be realized by investigating the particles in-situ, which

is discussed in the following Part I11.
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Appendix Part I

Experimental details of TEM study:

The structure and composition of the Li-ion battery cathode materials were studied by
transmission electron microscopy (TEM). The samples for SAED, STEM and STEM-EDX
were made by crushing the powder in ethanol and subsequently dispersing it in this solution
using an ultrasonic bath. The powder used for the particle size investigation was not crushed.
A few droplets of the obtained suspension were deposited on a Cu grid covered with a holey
carbon layer. The SAED patterns were recorded with a Philips CM 20 and an FEI Tecnai G2
microscope, the HAADF-STEM and ABF-STEM images were acquired with an FEI Titan 80-
300 “cubed” microscope operated at 300 kV, and the STEM-EDX mapping was acquired at an
FEI Osiris microscope equipped with a Super-X detector and operated at 200 kV.

The charged and cycled samples were transferred to the TEM via a vacuum transfer holder to
exclude contact with ambient atmosphere. The charged and cycled samples were prepared in
the glove box, where the powder is scratched from the cathode punch and crushed. Then a
copper grid with holey carbon layer is dipped into the dry powder.

The experimental details about the other techniques used by the collaborators can be found in

the corresponding paper [108].

Synthesis LMR-NMC: sol-gel vs co-precipitation
Aqueous solution-gel method

The first step of the solution-gel synthesis typically involves mixing of dissolved metal salts
(e.g. nitrates) with a chelating agent. Citric acid is often used as a chelating agent because due
to its three carboxylic groups per molecule, it can form bridges between different metal ions
upon deprotonation by increasing the pH. The following step is the solvent evaporation that
results in the formation of a viscous gel by crosslinking of the different metal ion ligands.
Finally, the thermal decomposition of the multimetal ligand gel during the calcination at
elevated temperature leads to highly crystalline particles [96,125].

Li1.2Nio.13Mno54C00.1302 was prepared via an aqueous solution-gel method by using aqueous
LiNOgz, Ni(NOz)2, Co(NOz)2 and Mn(NOz)> monometal precursors. Consecutively, citric acid
(CsHgO7, Sigma Aldrich, 99%) was added to an aqueous mixture containing stoichiometric
amounts of before mentioned metals in a 1.5:1 ratio of citric acid: TM (TM = transition metal

ion). A lithium excess of 5 molar % has been used to compensate for the loss of volatile Li-
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containing products at elevated calcination temperatures. After stirring for about 15 min at
room temperature to dissolve the citric acid, the pH was increased till ~7 by dropwise addition
of NHz (Merck, extra pure, 32%). The resulting mixture was refluxed at 80 °C for 1 hour.
Afterwards, the mixture was placed in an air flow oven for gelation under atmospheric
conditions at 60 °C overnight. The obtained viscous gel was pre-calcined under atmospheric
conditions at 200 °C in an air flow oven. The grinded pre-calcined brown-colored powder was
decomposed and calcined in a tube furnace at a heating rate of 10 °C/min up to 900 °C with an
isothermal period for 12 hours. The heating step up to 900 °C was performed under a dynamic
dry air atmosphere (AirLiquide, al, 99.999%). The isothermal period at 900 °C was performed
under static ambient air. After naturally cooling down to room temperature the end product has

been grinded and stored in closed glass vials in an Argon glovebox for further use.

Co-precipitation method

The co-precipitation synthesis involves two main steps: in the first step, particles are formed
and precipitated during the co-precipitation reaction initiated by the simultaneous addition of
dissolved metal salt starting products and co-precipitating agent at controlled pH. The
precipitate is typically washed and centrifuged for multiple times to remove the precipitating
agent’s metal cation, the metal salt’s counterion and non-reacted starting products. Inevitably,
a fraction of the precipitate is also washed away. The materials after washing are dried to
remove the remaining solvent. In the second step, the precursors are mixed with a lithium
source and calcined at elevated temperatures to produce the final active cathode material [97].
Li1.2Ni0.13Mno54C00.1302 was prepared by a carbonate co-precipitation method, where the
precursor is a mixed Ni, Mn, Co carbonate phase. The co-precipitation reaction was performed
in a stirred Globe batch reactor (Syrris Ltd., UK) under N2 atmosphere at 60 °C. Stoichiometric
amounts of NiSO4.7H20, C0S04.7H20, MnSO4.H20 (all — Ruskhim, > 99 %.) are dissolved in
distilled water. On forehand, the water content has been determined via TGA measurements
(Netzsch STA 449 F3 Jupiter). The mixture with a total metal ion concentration of 2 mol/L
was added dropwise at room temperature simultaneously with a 2 mol/L Na>COsz (Ruskhim,
99.5 %) solution at a fixed rate of 1 mL/min into the reactor (preheated at 60 °C) under
continuous stirring whilst adjusting the pH to stay constant at 7.5 by addition of dilute NH3
(Khimmed, puriss. p.a. > 25% NHz in H20) or H2SO4 (Khimmed, 98 w. % H>SO4 in H20).
After six hours the stirrer and temperature controller were automatically switched off. The
resulting precipitate was washed by distilled water and centrifuged for three minutes at 5700
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rpm for three times. After drying at 75 °C overnight in a vacuum furnace, the intermediate
precipitate NMC was obtained, which was dry mixed with Li.COsz (Sigma Aldrich, anhydrous
>99%). An excess of 10 mol % Li.COz was added over the stoichiometric amount to
compensate for lithium loss during calcination. After grinding, the samples were consecutively
calcined at a heating rate of 5 °C/min up to 500 °C with an isothermal period for 5 hours. Then
they were naturally cooled down, grinded again for 15 min by mortar and pestle, and calcined
at a heating rate of 5 °C/min up to 900 °C with an isothermal period for 12 hours in a tube
furnace. The heating step up to 500 °C was performed under a dynamic dry air (AirLiquide,
al, 99.999%) atmosphere. The isothermal period at 500 °C and the full calcination at 900 °C
were performed under static ambient air. The resulting product LMR-NMC was grinded after
naturally cooling down to room temperature and stored in closed glass vials sealed with

parafilm under ambient air for further use.

Synthesis unsubstituted and Ti-substituted Li2MnOs:

Li>Mn1xTixO3 has been prepared via an aqueous solution-gel method. Aqueous Li citrate and
Mn(NOz)> precursors are obtained by dissolving respectively Li(l) citrate hydrate
(LisCsHs07.xH20, Sigma Aldrich, 97%) and Mn(ll) nitrate hydrate (Mn(NO3)2.xH20, Sigma
Aldrich, 98%) in Milli-Q water. An aqueous Ti** solution precursor is prepared by adjusting
the protocol described by Hardy et al. [126] An amount of 6 mL of Ti(IV) isopropoxide
(Ti[OCH(CH3),]4, Acros Organics 98+%) has been added to 60 mL of Milli-Q H2O. The
obtained titanium oxyhydroxide precipitate has been washed with water by means of vacuum
filtration. In the meantime, 3.84 g of citric acid (CeHgO7, Sigma Aldrich, 99%) has been
dissolved in 10 mL of Milli-Q H20 and subsequently mixed with 2 mL hydrogen peroxide
(H202, Merck, 35%). This mixture has been added to the washed precipitate and stirred at 60
°C to dissolve the precipitate. Hereafter the pH is increased till 6.5 by dropwise addition of
ammonia (NHs, Merck, extra pure, 32%). Nextly, the precursor is heated at 108 °C for about
10 min. After cooling down to room temperature the pH has been increased by the dropwise
addition of NHs till 7. After vacuum filtration and adjusting the total volume to 100 mL, the
final 0.2 M Ti*" solution precursor has been obtained. The concentrations of the monometal
precursors have been determined by inductively coupled plasma coupled with atomic emission
spectroscopy (ICP-AES, Optima 3300 DV, PerkinElmer). Citric acid (CA, Sigma Aldrich,
99%) has been added to an aqueous mixture containing stoichiometric amounts of Li citrate,
Mn(NOs)2 and Ti** solution precursors in a 2:1 CA:Mn(NO3), molar ratio. A lithium excess of
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10 molar % has been used to compensate for the loss of volatile Li-containing products at
elevated anneal temperatures. After stirring for about 15 min at room temperature (RT) to
dissolve the citric acid, the pH is increased till ~7 by dropwise addition of NH3 (NH3, Merck,
extra pure, 32%). The resulting mixture is refluxed at 80 °C for 1 hour. Afterwards, the mixture
is placed in an oven for gelation under atmospheric conditions at 60 °C overnight. The obtained
viscous gel is pre calcined under atmospheric conditions at 200 °C. The grinded pre calcined
brown-colored powder is consecutively annealed at 500 °C for 5 hours under dynamic O (Air
Liquide, industrial) atmosphere, cooled down and grinded for 15 min by mortar and pestle and
annealed at 900 °C for 12 hours under dynamic dry air atmosphere (DA, Air Liquide, al)
during the heating step (DA gas bottle is closed after reaching a furnace temperature of 900
°C). Both anneals were performed in a tube furnace. A heating rate of 5°C/min has been applied
for heating up to respectively 500 °C and 900 °C. Li-MnOs has been prepared via the same
procedure as described above while excluding the addition of Ti*" solution precursor. The
obtained end products have been grinded and stored sealed in glass vials in an Argon-filled

glovebox for further use.
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Part II1: In-situ TEM

In the last part of my thesis, | will dedicate a short Chapter to my first attempts at
working with an in-situ electrochemical liquid cell inside the TEM. In Chapter 9, |
will first explain the importance of these in-situ experiments. Then I will point out the
challenges and problems | have encountered during the experiments along with the
possible solutions to tackle these problems. Finally, in the conclusion, 1 will

summarize the following steps needed to progress with these in-situ experiments.
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Chapter 9. In-situ electron diffraction

using an electrochemical liquid holder

9.1. Introduction

As discussed in Part 11, ex-situ experiments are not sufficient to solve all the questions related
to the structural changes induced during charging and discharging of the Li-ion battery cathode
materials and leaves room for misinterpretation of artefacts due to air exposure, vacuum
exposure and relaxation as being real cycling-related changes. Furthermore, we have shown
that the pristine layered cathode materials can contain initial structural defects, such as
disordered honeycomb layers and transition metals in the tetrahedral positions or in the lithium
layers. When the charged material is investigated ex-situ, there is no knowledge of the initial
structural defects that might be present, which complicates the investigation of the structural
changes directly caused by the charging and discharging. In addition to that, stacking faults are
known to exist in pristine as well as in charged layered battery cathode materials, but their
evolution upon cycling has not yet been studied, due to a lack of appropriate techniques. As
the stacking faults change the available diffusion paths, they might very well also be correlated
with battery degradation. Therefore, it would be of great interest to investigate the crystal- and
microstructure evolution upon cycling.

In order to solve these questions and follow the structure evolution upon cycling, the same
particle should be studied in the different stages, i.e. pristine, charged, discharged, which can
be achieved by in-situ TEM. This means that the particle is studied in the same environment in
which it underwent changing conditions, in this case charging and discharging. Therefore, in
the last part of my PhD, | started to work in-situ using an environmental liquid holder in order
to create an electrochemical cell inside the transmission electron microscope to study the
structural changes directly upon charging (Figure 90A). Although the cell itself is
commercially available, it has not yet been used in literature to study changes in the crystal

structure, only for low magnification imaging.
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In order to investigate the crystal structure of these particles in liquid, the final goal is to be
able to use electron diffraction tomography (EDT). EDT is based on the acquisition of a series
of electron diffraction patterns by tilting a crystal around a random single axis, from which the
complete structure can be refined (Figure 90B-D) [127,128]. In this chapter, we will only focus
on the acquisition of a single electron diffraction pattern in the filled liquid cell, as even this

has not yet been reported in literature.

The acquisition of an electron diffraction pattern in liquid is challenging due to the strong
scattering of the electrons by the thick liquid layer, which significantly decreases the signal-to-
noise ratio [129,130]. The liquid also drastically reduces the resolution, which makes it
impossible to acquire high-resolution images to solve the crystal structure. Up to date, the only
successful in situ EDT experiment in an electrochemical cell was only possible after partially
evaporating this thick layer of liquid using an intense electron beam [131]. This evaporating
of the liquid left contamination behind on the investigated crystal, both a carbon layer and in
the form of nanoparticles, blocking further electrochemical reactions. Thus, such procedure
would not allow following the structure evolution among different cycles. It can only observe
one step per crystal and per experiment. Therefore, we want to explore the possibilities for

eliminating the need for partially evaporating the liquid by using a thinner cell.
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Figure 90. The in-situ EDT procedure to determine the crystal structure, based on [131]. (A) illustrates
the electrochemical liquid cell inside the TEM, whereas (B) demonstrates the EDT experiment that will
be performed on a particle in the liquid cell. (C) shows the reconstructed reciprocal space acquired
from the EDT series, that will be used to refine the structure (D).
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We carry out our in-situ experiments using the Liquid Stream holder that has considerably less
space between the windows, and thus a thinner liquid layer, than previously available TEM
electrochemistry cells. The nano-cell chip is composed of a bottom and top chip with a spacing
between both chips of 200 nm that create the electrochemical nano-cell. The windows of both
chips are 50 nm thick SiN membranes that are transparent for the electrons. The bottom chip
is shown in Figure 91 and contains a counter (C), a reference (R) and a working (W) electrode,
which are all non-transparent Pt electrodes. The end of the working electrode is decomposed
in branches that partially lie in the SiN window. Particles should be deposited on the working

electrode where the electrochemical reaction takes place (i.e. charging and discharging).
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Figure 91. Left: Design of the liquid Stream holder that consists of a bottom and top chip with an O-
ring in between to seal the nano-cell. Right: images of the bottom chip, where W, C and R represent the
Pt working, counter and the reference electrode, respectively. The end of the working electrode is
composed of branches that partially lie in the SiN window, which is coloured in red.

In the environmental liquid holder, the liquid flows through the electrochemical cell by internal
tubing that is connected to a flow system based on the differential pressure, where the flow is
controlled by the pressure in the inlet and outlet tube. This flow system should allow reducing
the thickness of the liquid that can make the signal from the crystal itself stand out better from
the signal from the liquid. The flow system also allows refreshing the liquid in between data
sets if necessary, removing contamination.

An electrochemical cell is composed of an anode, cathode and an electrolyte. In the nano-cell
in the environmental liquid holder, the working electrode, together with the investigated Li-ion
battery cathode material that is attached to the working electrode, operates as the cathode,
whereas the counter electrode will function as the anode. The electrolyte is a lithium conducting

liquid, and in our experiments, we will use LiPFs in a solution of (1:1) EC/DMC.
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One of the main challenges is the fact that the electron beam reacts with the liquid and causes
a high amount of inelastic scattering, which will drastically reduce the signal-to-noise ratio,
and thus the quality of the electron diffract pattern. Therefore, it is very important to control
the thickness of the liquid inside the electrochemical cell and optimize the sample preparation

and the set-up of the experiment. These challenges will be discussed in the next section.

9.2. Experimental results

9.2.1. Sample preparation and deposition

The spacing between the bottom and top chip is 200 nm without liquid. When liquid goes
through the nano-cell, the SiN windows will bulge, and the spacing between the bottom and
top window will increase to approximately 500 nm. As the layer of liquid will disperse the
electron beam, the thinner the liquid layer, the better the signal-to-noise ratio. Therefore, the
particles of interest should be big enough, because when the particles are too small (Figure
92A), the contribution of the inelastic scattering of the liquid is much higher than the elastic
scattering of the particle, resulting in a bad signal-to-noise ratio. On the other hand, when the
particles are too big (Figure 92B), the SiN windows can break when the top and bottom chips
are sealed, or can bulge which significantly increases the liquid thickness, which in turn leads
to a bad signal-to-noise ratio. Therefore, we want to achieve a particle size ranging between
100 - 200 nm.

(A) particle size << 200 nm (B) particle size >> 200 nm
electron electron
beam beam
crystals

crystals

=7 1

SiN window SiN window

liquid thickness > particle size window will break or significantly bulge
=>» liquid thickness > other particles (<200 nm)

Figure 92. lllustration of the influence of the particle size on the signal-to-noise ratio. (A) When the
particles are too small, the contribution of the liquid will be much higher than the contribution of the
particle, resulting in a bad signal-to-noise ratio. (B) When the particles are too big, either the windows
can break or bulge. In the case the windows bulge, the thickness of the liquid will significantly increase,
and will also result in bad signal-to-noise ratio. Ideally, the particles should range between 100-200nm.
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To obtain a particle size between 100-200 nm, the sample is crushed in a mortar with ethanol,
followed by sonication of about 60 min to prevent clustering. Then by sedimentation between
24-48 hours, depending on the sample, the top layer is separated and used as a new solution.
Depending on the size distribution, this procedure can be repeated. The solution is always
stored in a glass vial to avoid contamination. We have also tried to make use of a sterile
cellulose filter with a pore size of 200 nm, but it absorbs almost all particles larger than

approximately 100 nm.

The next step is to drop cast the particles onto the bottom chip. In order to investigate the
deposited sample on top of the chip, scanning electron microscopy (SEM) is used. This
technique is based on the detection of the secondary electrons, which originate from the surface
and the near-surface regions of the sample and provides information about the surface of the
sample [132]. As shown in Figure 93, the window on which the sample will be deposited has
a width of only 7-8 um. The bottom chip is first plasma cleaned with Ar 100% for 60 seconds
to make the SiN window hydrophilic in order to attract the particles in the solution. Once the
droplet of solution has dried, we examine the bottom chip in the TEM or SEM to check for the
presence of particles on the SiN membrane. When no particles are attached to the SiN
membrane, this procedure can be repeated until we find a few particles on the SiN membrane,

after which we can seal the top and bottom chip in the liquid holder.
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Figure 93. SEM images of the deposition of the powder onto the bottom chip. The particles are first
attracted to the Pt electrodes, which are approximately 70 nm thick and lie on top of the SiN window.
The purple dot shows the ideal position for a particle to investigate.
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As can be seen in Figure 93, the particles are attracted to the Pt electrode and the surrounding
Si chip rather than to the SiN windows. As the Pt electrodes are not transparent for electrons,
the investigated particle should lie at the side of the electrode (position is marked as a purple
dot in Figure 93). In this way, the particle is connected to the electrode and can be cycled,
while the particle lies in the transparent region (i.e. the SiN window) that allow us to investigate
the particle. The Pt electrode lies on top of the SiN window and has a thickness of ~70 nm.
This means that the droplet of solution will first touch the electrode. In order to get particles
on the window, many drops are needed resulting in a large cluster on the Si chip and electrode.
This will eventually lead to an increase of the spacing between the top and bottom chip which
is detrimental for the liquid thickness and thus the signal-to-noise ratio for the diffraction

patterns.

We have also tried to reduce the accumulation of particles at the electrodes and Si chip by using
double-sided tape to protect the chip, as shown in Figure 94. Most of the chip is covered with
the tape to keep it clean, but still, the area that is exposed to the solution is too big compared
to the size of the window. This means that the particles will still cluster on top of the electrodes.
We have also observed that the glue of the tape dissolves due to the ethanol present in the

solution. The contamination originating from the glue and the clusters of particles will also

lead to an increased distance between the top and bottom chip.

Figure 94. lllustration of the double-sided tape method we have tried. The left image is a photo of the
tape used to cover the chip. The right image is an SEM image of how the chip looks after the deposition
with the double-sided tape method.
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To overcome this problem, a high-resolution deposition technique should be used to control
the deposition on micro-scale. One of the strategies in literature is a silicon mask with an
opening of the same size as the SiN window to allow the whole SiN window to be covered with
particles after drop-casting, as shown by Ortiz Pefia [133]. Another strategy was proposed very
recently by Tarnev et al. [134], where they deposit particles on micro-scale by scanning
electrochemical cell microscopy (SECCM) derived approach using a pulled glass capillary
filled with the solution of interest. The capillary approaches the chip surface in air until a fast
feedback loop stops the approach when the droplet at the end of the capillary comes in contact
with the chip surface. Subsequently, the particles from the solution are deposited at the droplet

landing site of only a few micrometres.

9.2.2. Flushing the liquid through the nano-cell

During the experiment, the liquid (i.e. the electrolyte DMC/EC (1:1) with 1M LiPFs) flushes
through the nano-cell by changing the pressure difference from the inlet and outlet. During the
TEM study, the liquid flow is stopped by setting the pressure difference to zero. However,
during the acquisition, we have observed that the thickness of the liquid fluctuates, as shown
in Figure 95. Besides the particles, also the electrodes are not visible through the bubble of
liquid, indicating that the liquid is at least a micrometre thick or even thicker. These variations
will vary the contribution of inelastic scattering, which, in turn, will affect the intensity of the

reflections and introducing errors in the structure refinement.

AM'LiPF, EC/DMC

Figure 95. STEM images of the SiN window with the branches of the working electrode. As the electrode
is Pt, these electrodes are not transparent and are shown as bright branches on the transparent dark
window. When no pressure difference is applied, the liquid moves inhomogeneously through the nano-
cell.
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The variation of the thickness of the liquid is a result of the drop-casting of the particles. As
mentioned in the previous section, the particles cluster on top of the electrode, which increases
the space between the bottom and top chip, giving the liquid more freedom to flush through
the chip. When the cluster of particles on top of the electrodes exceeds the thickness of 200
nm, the spacing between the top and bottom chip also become more than 200 nm. In Figure
96, the blue lines represent the spacers that control the spacing between both chips. Inside these
spacers, the flow of the liquid is controlled, where the liquid enters the nano-cell at the inlet
and leaves the nano-cell at the outlet. When the spacing between the chips is larger than 200
nm, the liquid is able to pass the spacers and will cover the whole chip. When such a big area
is covered with liquid, the liquid is not controllable anymore and will create liquid bubbles
even without a differential pressure.

In order to control the liquid flow better and to achieve a homogeneous flow, we first have to
tackle the problem of the deposition of the particles. When the particles (size < 200 nm) are
deposited on the window, the spacing between the top and bottom chip will only be defined by
the spacers, which are 200 nm thick. Consequently, the liquid should only flow within the blue
area (Figure 96) and should be much better controlled.

outlet

Figure 96. Image of the bottom chip. The blue line marks the spacers that have a thickness of 200 nm
to create the spacing of 200nm between the top and bottom chip. The green arrows show the flow
direction from the inlet to the outlet, which are both marked by green squares. The SiN window is
marked in red.
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9.2.3. Acquisition of diffraction patterns

Despite the problems with the liquid flow and the deposition of the particles, we have tried to
acquire electron diffraction patterns. The problems above will increase the liquid thickness,
and therefore, we have chosen to first work with gold nanoparticles in water to investigate and
optimize the TEM conditions in order to acquire an electron diffraction pattern. Gold (Au, Z =
79) has a much larger scattering factor than the layered battery cathode materials, which consist
of relatively light elements (Z < 30), resulting in a better signal-to-noise ratio for the diffraction
pattern.

Gold nanoparticles were deposited onto the window of the bottom chip. Figure 97A shows a
clear electron diffraction (ED) ring pattern (i.e. a combination of ED patterns of multiple
particles randomly oriented) taken from the gold nanoparticles without liquid. The electron
diffraction patterns shown in Figure 97A-C are obtained with conventional SAED in TEM
mode. Figure 97B shows a diffraction pattern when the nanoparticles are embedded in water.
Due to the inelastic scattering of the water, no clear reflections originating from the
nanoparticles are observed. Then the liquid was partially removed, and only very weak
reflections could be observed (Figure 97C). However, for our experiments, the acquisition has
to be done when the cell is completely filled with liquid to ensure the particles are completely
embedded in liquid.
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Figure 97. Selected area electron diffraction patterns taken from gold nanoparticles (A) without liquid,
(B) with liquid and (C) when the liquid is partially removed.
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In order to improve the signal-to-noise ratio, we started to work in STEM microprobe, which
provided a better signal for diffraction. In liquid, it is important to minimize the area exposed
by the beam during the TEM acquisition in order to reduce contamination, but more
importantly, to reduce the contribution of the inelastic scattering from the liquid. Therefore, |
tried to use scanning-TEM (STEM) diffraction with a quasi-parallel microprobe [135-137].
Conventional TEM diffraction works with a widespread parallel beam, where a selected area
(SA) aperture selects the region of interest to create the corresponding diffraction pattern,
whereas, in STEM microprobe only the area needed for the diffraction pattern is illuminated.
The size of the microprobe can be adjusted to the size of the particle of interest, which improves
the signal-to-noise ratio by reducing the contribution of background scattering. In our

experiments, the size of the microprobe was approximate ~ 200 = 50 nm.

Figure 98 shows diffraction patterns from gold nanoparticles in liquid obtained in the STEM
microprobe mode. The diffraction patterns taken from the gold nanoparticles in Figure 98A-B
shows reflections, indicating that this method provides a better signal for diffraction patterns
than conventional SAED in TEM mode. However, the intensity and sharpness of the reflections
in both patterns are significantly different, which arises from the thickness of the liquid. The
ED pattern shown in Figure 98A is taken from nanoparticles that are flushed through the nano-
cell with the water (i.e. without drop-casting). In contrast, the nanoparticles in Figure 98B are
drop-casted, which proves the detrimental influence of the deposition of the particles on the
thickness of the liquid and thus, the quality of the diffraction patterns. Finally, we also used
this technique for a lithium-ion battery cathode material (LMR-NMC) in the lithium
conducting electrolyte. The quality of the pattern is worse compared to the gold nanoparticles.
However, this ED pattern confirms that with this technique, we are able to observe reflections
without the need to evaporate the liquid. Note that the reflections in the last image are more
disc-shaped than in the other two ED patterns because in this case, a bigger C2 aperture was
used that causes a higher convergence angle (i.e. incident beam is not quasi-parallel anymore).
Bragg reflections are sharp reflections when the incident beam is parallel, but when the beam

is converged, the reflections become disk-shaped reflections.
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Figure 98. Electron diffraction patterns taken with a STEM microprobe of (A) gold nanoparticles in
water that were flushed, (B) gold nanoparticles in water that were deposited onto the window, and (C)
Li-ion cathode material in the electrolyte, which was also deposited onto the window. The grey circles
mark the electron beam position.
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We also investigated the stability of the nanoparticles under the electron beam to investigate
whether we have to consider to flush our particles rather than depositing them. Figure 99 shows
that the orientation of the flushed gold nanoparticles is unstable under the electron beam, as the
diffraction pattern slightly changes. The nanoparticles are not well attached to the SiN window,
and thus, will rotate under the electron beam. The rotation of the particle due to the electron
beam will affect both the position and intensity of the reflections of the diffraction pattern.
Stability of the particles is very important during the acquisition of the EDT series; otherwise,
it can introduce artefacts in the reconstructed 3D reciprocal lattice used for the characterization

of the crystal structure.

Au nanorod
H,0

Figure 99. Left: HAADF-STEM image of the gold nanoparticles. Right: The electron diffraction
patterns obtained in STEM microprobe mode of the region marked in the HAADF-STEM image. The
electron diffraction pattern changes due to a change in orientation of the particle caused by the electron
beam.

From the different studies done with the environmental liquid holder, we suggest that with the
microprobe STEM mode it is possible to obtain a useable signal-to-noise ratio for the electron
diffraction patterns, at least in the case of heavy atom compounds already, which scatter
strongly.

The next step is the optimization of the deposition of the particles on the SiN window but in
contact with the working electrode. A very promising method proposed in literature is based
on using a drop dangling from a nanocapillary, which closes an electric circuit when touching
the electrode, leading to an automatic stop of all movement [112]. For this, a scanning
electrochemical microscope is necessary, which currently is not available in our group.
Therefore, the deposition method has to be left for future research outside of the scope of this

thesis.
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9.3. Conclusion

In this study, we have investigated the optimal method to acquire electron diffraction patterns
in the filled liquid cell, by comparing two techniques: conventional SAED in TEM mode and
STEM microprobe ED. From the experiment, we can conclude that the signal-to-noise ratio of
the electron diffraction patterns obtained with the microprobe STEM method is better than for

the patterns obtained with conventional SAED in TEM.

The studies have also shown that the deposition of the particles onto the SiN window is the
main problem. The particles are more likely to cluster on top of the non-transparent Pt
electrodes and Si chip than on the transparent SiN window, which results in an increase of the
liquid thickness and reduces the controllability of the liquid flow. This, in turn, drastically

decreases the signal-to-noise ratio of the electron diffraction patterns.

We have tried different strategies to overcome this problem. We have investigated the
possibility of flushing the sample with the liquid through the nano-cell instead of drop-casting.
This study was done with gold nanoparticles, and flushing the particles after sealing the nano-
cell prevented the particles to cluster, which resulted in a better signal-to-noise ratio of the
diffraction pattern. However, the orientation of the flushed particles slightly changed under the
electron beam as they were not well attached to the SiN window or electrode. Therefore, to
ensure the immobilization of the particles, we conclude that flushing the particles is not a
valuable strategy to avoid clustering. Another strategy we have tried was creating a mask of
double-sided tape to cover the chip except for the window, but the exposed area was still too
large, and the tape left contamination behind on the chip. Because of the micrometre
dimensions of the window, a high-resolution deposition technique is needed to deposit the
particle at the area of interest. A possible solution was published recently, using the nano-
capillary based method [134]. Unfortunately, the necessary instrumentation for this technique
is currently not available in our group. Therefore, further research into the deposition method
is left for future research outside of the scope of this thesis.
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The next step is to optimize the deposition of the sample on the SiN window at the side of the
electrode by trying the nano-capillary based method [134]. Next, the TEM conditions should
be optimized for the acquisition of microprobe STEM electron diffraction specifically for Li-
ion battery cathode materials instead of nanoparticles. In this case, a balance has to be found
between a high enough electron dose to achieve a good signal-to-noise ratio of the electron
diffraction pattern and a low enough electron dose to prevent decomposition of the electrolyte

or radiation damage of the Li-ion battery cathode material itself during cycling.
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General conclusion

The main focus of my thesis is the investigation of the crystal structure of new materials and
the correlation with their physical properties. | focussed on two groups of materials: perovskites
and layered lithium-ion battery cathode materials, where, in collaboration with other groups,

we tried to adjust the physical properties by cation substitution.

In Part I and Part Il of my thesis, | investigated the crystal structure of these two groups of
materials by using advanced transmission electron microscopy (TEM) in both reciprocal space
(i.e. electron diffraction) and real space (i.e. imaging techniques) combined with energy-
dispersive X-ray spectroscopy (EDX). In the last part of my thesis, Part 111, | extend my work
to initiate the implementation of in-situ electron diffraction tomography using an
electrochemical liquid cell in order to follow the structural changes in Li-ion cathode materials

induced by electrochemical cycling.

In Part I, | studied the effect of cation substitution on the crystal structure of triple and

double perovskites and the correlation to their physical properties.

| investigated the crystal structure of the series ALa;FeBSbhOg and A2LaFe>SbOg (A = Ca, Sr,
Ba; B = Ni, Co) in Chapter 3. In collaboration with the group of Prof. Dr. Peter Battle at
Oxford University, triple perovskites containing Fe** were synthesized in an attempt to create
perovskites that exhibit relaxor ferromagnetism, as was observed in LasNi>SbOg [22]. Both
series, unfortunately, did not show relaxor behaviour. The absence of the relaxor behaviour
might be attributed to the next-nearest-neighbour (NNN) interactions that are stronger for Fe*
than for Ni?*. The TEM study also revealed an inhomogeneous distribution of the A and B
cations, missed by XRPD and NPD, where the A and B contents vary while preserving their
total net charge. We also determined that increasing the size of the substituting A cation (Ca <

Sr < Ba) will reduce the distortions in the structure, and thus increase the symmetry.
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For the ALa;FeBSbOyg (A = Ca, Sr; B = Ni, Co) and BaLaxFeNiSbOg series, the compounds
with calcium and strontium adopt the same monoclinic P2i/n symmetry, while for
BaLa2FeNiShOs, the A and B cation inhomogeneity results in two phases: monoclinic P21/n
and 12/m. The latter arises from a higher Ba content that reduces the structural distortions. All
triple ALa FeBShOg perovskites show B cation ordering between Ni/Co and Sbh. As the
magnetic moment between both B-sites differs, these perovskites behave as ferrimagnets at
relative high Curie temperatures.

The second series AoLaFe.ShOg (A = Ca, Sr, Ba) uncovered that the degree of ordering
decreases with increasing the size of the substituting A cation. CazLaFe>SbOg adopts a
monoclinic P2:/n symmetry with B cation ordering between Fe and Sb. The substitution by Ba,
which is much larger, results in the disordered cubic Pm3m symmetry with the formation of a
few ordered nanodomains within the disordered matrix. In the case of SroLaFe>SbOg, the
inhomogeneity causes a significant degree of phase separation within the sample, consisting of
an ordered (12/m or 14/m) and a disordered (Pbnm) phase. The variation in the degree of cation
ordering leads to a change from ferrimagnetism in CaxLaFe>SbhOg to antiferromagnetism in
BazLaFe>ShOo. In both cases, the inhomogeneity results also in the presence of a spin glass

phase.

| also investigated partial B cation substitution in the LN-type Zn,FeBOs (B = Nb, Ta),
synthesized by our collaborators at Rutgers, State University of New Jersey, in an attempt to
produce multiferroics with strong magnetoelectric coupling, which is discussed in Chapter 4.
In the case of Zn,FeTaOe, a weak polarization switchable component is present, which is absent
in the Zn2FeNbOgs sample. In the TEM study, | uncovered unexpected splitting of the A cation
that is related to the observed short-range order of the B cations. The splitting of the A cation
could be partially responsible for the absence of robust polarization switching in these
materials. These observations also allowed us to understand the interactions between the A and
B cations. Comparing these results to the Mn-series Mn2FeBOg (B = Nb, Ta) has shown that
for a magnetic A cation the enhanced magnetic interactions, together with the hybridization of
the valence band of d electrons between A- and B-site, strongly suppress the splitting
displacement of A cation. However, this bonding between A and B is usually accompanied by
magnetostriction and energetically disfavours ion-switching for ferroelectricity. Therefore, the
incorporation of transition metals into both the A- and B-sites in LiNbOs structure can render

strong magnetic interactions but is not favourable for ferroelectricity.
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Finally, from the studies in Part I, | can also conclude that for a structure that has local
deviations from the average structure, up to multiple phases being present within the crystals
not only among the crystals, neutron powder diffraction and X-ray powder diffraction analyses
fail in the characterization although it is not always apparent that they fail. | have shown that
the local structural deviations play an important role in the physical properties, and electron
microscopy is therefore necessary to explore the true structural mechanisms controlling the

physical properties.

In Part 11, I investigated the structure evolution of Li-ion battery cathode materials upon
electrochemical cycling and the effect of synthesis and cation substitution on the crystal

structure and the performance.

In the first study, discussed in Chapter 6, | studied the crystal structure and the structure
evolution of the promising layered cathode material Li12Nio.13Mnos54C00.1302 (LMR-NMC)
upon electrochemical cycling. Our collaborators at the University of Hasselt synthesized LMR-
NMC using both the solution-gel and the co-precipitation method. | first compared these two
different syntheses, where | have shown that not only the composition but also the synthesis
strongly affects the electrochemical properties. I found that the LMR-NMC particles
synthesized by our solution-gel route possess segregation accompanied by a phase transition at
selective facets: Ni-rich spinel structure at the {200} facets and Co-rich rock-salt structure at
the {002} and {202} facets, which was not observed in the particles synthesized by our co-
precipitation route.

In literature, these structural modifications were also reported for particles synthesized by the
co-precipitation method, indicating that differences in the synthesis conditions can also lead to

differences in the structure, which will affect the electrochemical properties.
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In Chapter 7 and Chapter 8, | studied the crystal structure of two series of cation substitution
in an attempt to mitigate the voltage fade observed in these lithium-rich manganese-based
layered oxides: Li12Nio.13Mno54C00.1302 (LMR-NMC) and LizMnQj3 by substituting Sn** and
Ti**, respectively. The larger ionic radius of Sn and Ti and their stronger bond with oxygen are
expected to reduce the transition metal (TM) migration and the oxygen release that is related
to the voltage fade.

The Sn substitution in LMR-NMC (Chapter 7) showed that the Sn solubility is limited to 8-
9% and that the substituted Li1.2Nio.13Mno54xC00.13SnxO2 (X = 0.027) sample preserves the
monoclinic C2/m symmetry with honeycomb ordering within the mixed Li-TM layers.
Similarly, in the study where Ti was substituted in LioMnOz (Chapter 8), the substituted
Li2MnogTio2O3 sample preserves the monoclinic C2/m symmetry. Unfortunately, for both
studies, the cation substitution did not stabilize the structure upon charging, and so, did not

succeed in mitigating the voltage fade.

In all these studies of Part |1, we have investigated the pristine, charged and cycled state of a
specific sample ex-situ, which means that the sample is cycled outside the TEM and the
different states had to be studied from different particles. Consequently, the initial structural
defects that might be present in the investigated particle are unknown when investigating the
charged or cycled state. As a result, we were unable to investigate, for example, the evolution
of the stacking faults, as we showed in our studies that the amount of stacking faults varies
from particle to particle which prevented us from comparing the stacking faults in the pristine,
charged and cycled state. In general, investigating these samples ex-situ complicates the
investigation of any structural changes that are directly related to charging and discharging.
This investigation is needed to understand better the cause of the TM migration and structural
degradation, which will help us to find better cation substitutions to stabilize the structure. This
can be realized by investigating the particles in-situ, which is discussed in the following part:
Part I11.
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Finally in Part I11, | investigated the ability to acquire electron diffraction patterns from
Li-ion battery cathode materials in an electrochemical liquid cell without evaporating the

liquid in an attempt to follow the structural changes caused by charging and discharging.

In Chapter 9, | explained the steps | have undertaken in order to enable the future acquisition
of electron diffraction patterns in filled electrochemical cells.

| have shown that the deposition of the particles on the SiN window is the main problem. The
particles prefer to cluster on top of the non-transparent electrode and on the Si chip, which
increases the liquid thickness and decreases the signal-to-noise ratio of the electron diffraction
pattern. We investigated the possibility to flush the particles instead of drop-casting, but the
particles are then not well attached to the SiN window and will rotate under the beam, which
for our goal of electron diffraction tomography series is unacceptable. | have tried different
strategies to drop-cast the particles on the window, but because of the micrometre dimension
of the window and the electrode, a high-resolution deposition technique is needed to deposit
the particle at the area of interest [134], which could not be performed in the current thesis due
to the unavailability of the necessary equipment.

I have also compared two methods to acquire electron diffraction patterns and found that the
signal-to-noise ratio for the electron diffraction patterns obtained with the microprobe
scanning-TEM (STEM) method is better than for the patterns obtained with conventional
selected area electron diffraction (SAED) in TEM. The microprobe STEM mode will be used

as a starting point to improve the setup of these in-situ experiments.
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Algemene conclusie

De focus van mijn thesis is het onderzoeken van de kristalstructuur van nieuwe materialen en
de relatie met de overeenkomstige fysische eigenschappen. De bestudeerde materialen kunnen
worden opgedeeld in twee groepen: perovskieten en gelaagde lithium-ion batterij kathode
materialen. In samenwerking met andere groepen hebben we geprobeerd de fysische
eigenschappen van deze materialen te verbeteren of aan te passen door kation substitutie toe te

passen.

In deel I en deel 11 van mijn thesis heb ik de kristalstructuur van deze twee materialengroepen
onderzocht met behulp van geavanceerde transmissie elektronenmicroscopie (TEM) in zowel
de reciproke ruimte (elektronendiffractie) als in de reéle ruimte (beeldvormingstechnieken)
gecombineerd met energie dispersie X-stralen spectroscopie (EDX). In het laatste deel van
mijn thesis, deel 111, onderzoek ik de mogelijkheden om de lithium materialen te bestuderen
aan de hand van in-situ elektronendiffractietomografie in een elektrochemische cel gevuld met
vloeistof. Op deze manier kan men tijdens het laden van het lithium-ion batterij kathode
materiaal, de structurele veranderingen volgen die veroorzaakt worden door het opladen en

ontladen van de batterij.

In Deel I heb ik het effect van kation substitutie bestudeerd op de Kkristalstructuur van
drievoudige en dubbele perovskieten en de relatie met de overeenkomstige fysische
eigenschappen.

Ik heb de kristalstructuur van de series ALa;FeBSbOg en AzxLaFe>SbhOg (A = Ca, Sr, Ba; B = Ni,
Co) onderzocht en uitgelegd in Hoofdstuk 3. De perovskieten met Fe3* zijn gesynthetiseerd in
een poging om relaxor ferromagneten te creéren, zoals LasNi>SbOg [22]. Beide series
vertoonden echter geen relaxor-gedrag. Dit kan gedeeltelijk worden toegeschreven aan de
tweede-naaste-buur (NNN) interacties die sterker zijn voor Fe** dan voor Ni?*. Daarnaast
onthulde de TEM studie een inhomogene verdeling voor de A en B kationen, waarbij de A en
B concentraties variéren met behoud van de totale netto lading, die de magnetische
eigenschappen ook zal beinvlioeden. We hebben ook een verandering in symmetrie
waargenomen als gevolg van de vervanging van het A kation met verschillende grootte: hoe
groter het gesubstitueerde A kation (Ca < Sr < Ba) hoe minder vervormingen er aanwezig zijn

in de structuur, en dus hoe hoger de symmetrie.
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Voor de ALa;FeBSbOg (A = Ca, Sr; B = Ni, Co) en BalLaxFeNiSbOg perovskieten, kan de
structuur van de calcium en strontium materialen worden beschreven door de monokliene P2:/n
symmetrie, terwijl in het geval van BaLa>FeNiSbOe, de inhomogeniteit van de A en B kationen
resulteert in twee fasen: monoklien P2:/n en 12/m, waarbij de tweede fase (12/m) het gevolg is
van een hogere concentratie aan Ba die de structurele vervormingen verlaagt. Alle onderzochte
ALa;FeBShOg perovskieten bevatten kation ordening tussen Ni/Co en Sb. Aangezien het
magnetische moment tussen beide bezette posities verschilt, zijn deze perovskieten
ferrimagneten bij relatief hoge Curie temperaturen.

De TEM studie van de tweede serie AoLaFe>SbOg (A = Ca, Sr, Ba) heeft aangetoond dat naast
symmetrie ook de mate van ordening verandert met de A kation substitutie: de mate van B
kation ordening neemt af naarmate de grootte van het gesubstitueerde A kation toeneemt. De
structuur van CazLaFe>SbOg kan worden beschreven door een monokliene P2:/n symmetrie
met B kation ordening tussen Fe en Sh. De substitutie van Ba, die groter is dan La, Ca en Sr,
resulteert in een ongeordende kubische Pm3m structuur met de vorming van enkele geordende
nano-domeinen binnen de ongeordende matrix. In het geval van Sr.LaFe>SbOy, veroorzaakt de
inhomogeniteit de vorming van twee fasen, namelijk een geordende (I2/m of 14/m) en een
ongeordende fase (Pbnm). De variatie in de mate van kation ordening leidt tot een verandering
van ferrimagnetisme in Ca;LaFe>SbOg naar antiferromagnetisme in BazLaFe>SbOy. In beide
gevallen zorgt de inhomogeniteit van de A en B kationen ervoor dat er bij lage temperatuur een

spin glass fase aanwezig is.

Vervolgens, heb ik ook gedeeltelijke B kation substitutie in de van perovskiet afgeleide LN-
type fasen Zn,FeBOs (B = Nb, Ta) onderzocht in een poging om multiferroic materialen te
produceren met een sterke magneto-elektrische koppeling. Dit onderzoek wordt besproken in
Hoofdstuk 4. In het geval van ZnyFeTaOs is er een zwakke schakelbare polarisatie aanwezig
bij lage temperatuur, die afwezig is in Zn,FeNbOs. In de TEM studie heb ik een onverwachte
splitsing van de A kation positie ontdekt dat verband houdt met de waargenomen korte-
afstands-ordening van de B kationen. De splitsing van het A kation kan de oorzaak zijn voor
de afwezigheid van robuuste schakelbare polarisatie in deze materialen. Deze waarnemingen
lieten ons toe de interacties tussen de A en B kationen beter te begrijpen. De vergelijking van
deze resultaten met de Mn-serie MnFeBOs (B = Nb, Ta) heeft aangetoond dat bij een
magnetisch A kation de verhoogde magnetische interacties, samen met de hybridisatie van d-
elektronen van de valentie band, de splitsing van de A kation positie sterk kan onderdrukken.

Echter, dit gaat meestal gepaard met magnetostrictie en is nadelig voor de ionenwisseling voor
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ferro-elektriciteit. De substitutie van overgangsmetalen in zowel de A als B positie in de
LiNbOs-structuur kan dus sterke magnetische interacties veroorzaken, maar kan ook nefast zijn

voor ferro-elektriciteit.

Tot slot, kan er uit de studies in Deel I worden geconcludeerd dat voor een structuur die niet
puur monofasisch is en een complexere structuur vertoont, de structuuranalyse gebaseerd op
neutronenpoederdiffractie en X-stralen poederdiffractie kan falen, hoewel het niet altijd
duidelijk is dat ze falen. Ik heb aangetoond dat lokale structurele afwijkingen een belangrijke
rol spelen bij het bepalen van de fysische eigenschappen, en daarom is elektronenmicroscopie

nodig om de structurele mechanismen te onderzoeken die de fysische eigenschappen bepalen.

In Deel Il heb ik de structuurevolutie van Li-ion batterij kathode materialen voor en na
opladen/ontladen onderzocht. Ook het effect van de synthese en kationen substitutie op

de kristalstructuur en de elektrochemische eigenschappen is bestudeerd.

In de eerste studie, besproken in Hoofdstuk 6, heb ik de kristalstructuur en de structuurevolutie
voor en na opladen en ontladen van het veelbelovende gelaagde kathode materiaal
Li1.2Nio.13Mno54C00.1302 (LMR-NMC) bestudeerd. Ik heb eerst twee verschillende syntheses
vergeleken: oplossing-gel en co-precipitatie, waarbij ik heb aangetoond dat niet alleen de
samenstelling, maar ook de synthese de elektrochemische eigenschappen sterk beinvloedt. In
de LMR-NMC-deeltjes gesynthetiseerd door de oplossing-gel methode, is Ni en Co-segregatie
aanwezig op bepaalde facetten. De segregatie is gerelateerd aan een verandering van de
structuur: Ni-rijke spinelstructuur aan de {200} facetten en Co-rijke zeezout structuur aan de
{002} en {202} facetten. Deze structurele veranderingen aan het oppervlak werden niet
waargenomen in de deeltjes die werden gesynthetiseerd door de co-precipitatie methode. In de
literatuur zijn er echter studies waarin deze structurele veranderingen wel zijn waargenomen
voor deeltjes die zijn gesynthetiseerd met de co-precipitatie methode, wat aangeeft dat zelfs
met dezelfde type synthese kleine verschillen in de synthesemethode kunnen leiden tot
structurele veranderingen die vervolgens zullen resulteren in verschillen in de

elektrochemische eigenschappen.

185



In Hoofdstuk 7 en Hoofdstuk 8 heb ik de kristalstructuur van twee reeksen met kation
substitutie bestudeerd in een poging het spanningsverlies in lithiumrijke mangaan gebaseerde
gelaagde oxiden te verminderen: Li12Nio.13Mno54C001302 (LMR-NMC) en LiMnOs. Het
spanningsverlies is gerelateerd aan zuurstofverlies en een fasetransformatie naar de
spinelstructuur. Daarom hebben we geprobeerd Mn te vervangen door kationen (M = Ti*,
Sn*") die sterkere M-O-bindingen vormen en een grotere ionenstraal hebben, om op deze
manier de transitiemetaal (TM)-migratie en het zuurstofverlies te verminderen.

De studie van de Sn-substitutie in LMR-NMC (Hoofdstuk 7) heeft aangetoond dat de
oplosbaarheid van Sn gelimiteerd is tot ongeveer 8-9%, en dat het gesubstitueerde
Li1.2Nio.13Mno54-xC00.13Snx02 (X = 0.027) sample een monokliene C2/m symmetrie heeft met
een honingraatordening binnen de gemengde Li-TM lagen. Gelijkaardig, toont de studie waarin
Ti werd gesubstitueerd in LioMnOz (Hoofdstuk 8) aan dat ook hier de structuur van het
gesubstitueerde Li2MnogTio2O3 materiaal de monokliene C2/m symmetrie behoudt. Helaas,
voor beide studies zorgt de kation substitutie niet voor een stabilisatie van de structuur tijdens
het opladen en ontladen en slagen we er bijgevolg niet in om met deze strategie het

spanningsverlies te verminderen.

Voor alle studies van Deel 11 geldt dat het niet mogelijk is om eenzelfde deeltje van een bepaald
materiaal te bekijken in de pristine, opgeladen en ontladen toestand, doordat de deeltjes ex-situ
worden bestudeerd, wat betekent dat het materiaal buiten de microscoop wordt opgeladen en
ontladen, en dus verschillende deeltjes worden onderzocht. Bijgevolg is de voorkennis van de
initiéle lokale structurele defecten die aanwezig kunnen zijn onbekend bij het onderzoeken van
een deeltje in de geladen toestand. Als gevolg hiervan is het niet mogelijk om bijvoorbeeld de
evolutie van de stapelfouten te onderzoeken. Onze studies tonen aan dat de hoeveelheid
stapelfouten varieert van deeltje tot deeltje, waardoor de hoeveelheid stapelfouten in de
verschillende toestanden niet kan worden vergeleken. In het algemeen, wordt het onderzoek
naar de structurele veranderingen die veroorzaakt zijn door opladen en ontladen bemoeilijkt
doordat de deeltjes ex-situ bestudeerd worden. Het onderzoeken van eenzelfde deeltje is nodig
om de oorzaak van de TM migratie en structurele afbraak beter te begrijpen dat op zijn beurt
nodig is om erachter te komen welke kation substitutie leidt tot stabilisatie van de structuur.
Dit kan worden gerealiseerd door de deeltjes in-situ te onderzoeken, wat in het volgende deel
wordt besproken: Deel 111.
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Ten slotte heb ik in Deel 111 de mogelijkheden onderzocht om elektrondiffractiepatronen
op te nemen van Li-ion batterij kathode materialen in een elektrochemische cel gevuld
met vloeistof. Op deze manier kunnen de structurele veranderingen die veroorzaakt

worden door laden en ontladen direct worden onderzocht.

In Hoofdstuk 9 heb ik stapsgewijs uitgelegd wat ik heb onderzocht om de toekomstige opname
van elektronendiffractiepatronen in gevulde elektrochemische cellen mogelijk te maken.
Uit ons onderzoek is gebleken dat het deponeren van de deeltjes op het SiIN membraan van de
chip het grootste probleem is dat moet worden opgelost. Het is waarschijnlijker dat de deeltjes
bovenop de niet transparante elektroden clusteren in plaats van op het transparante membraan,
wat resulteert in een toename van de vloeistofdikte en vervolgens een drastisch verlaagde
signaal-ruisverhouding van het elektronendiffractiepatroon oplevert.

We hebben de mogelijkheid onderzocht om de deeltjes door de nano-cel te spoelen in plaats
van te deponeren, maar de deeltjes bevestigen dan niet goed aan het SiN membraan.
Vervolgens zullen de deeltjes roteren onder de elektronenbundel, wat voor ons doel, namelijk
elektronendiffractietomografie, niet werkbaar is. Ik heb verschillende strategieén toegepast om
de deeltjes op het membraan te deponeren, maar vanwege de micrometer-afmeting van het
membraan en de elektrode is een depositietechniek met hoge resolutie nodig [128]. Dit is de
volgende stap om dit in-situ onderzoek mogelijk te maken, waarvoor nieuwe apparatuur nodig
is.

Ik heb ook twee methoden vergeleken om elektronendiffractiepatronen op te nemen. In deze
studie heb ik ontdekt dat de signaal-ruisverhouding voor de elektronendiffractiepatronen
verkregen met de microprobe scanning-TEM (STEM)-methode beter is dan voor de patronen
verkregen met conventionele SAED in TEM. De microprobe STEM-methode zal als beginpunt

worden gebruikt om deze in-situ experimenten te verbeteren.
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Outlook

The research about the cation substitution in perovskites presented in this thesis has opened a
number of research lines that can be further investigated. The complexity of the crystal
structure of cation substituted perovskites due to short-range order or the coexistence of
multiple phases hinders the XRPD and NPD refinement. Therefore, another strategy to refine
the crystal structure is to use electron diffraction tomography (EDT). EDT is based on the
acquisition of a series of electron diffraction patterns by tilting a crystal around a random single
axis, of which the complete structure can be refined. EDT has already been successfully used
for quantitative structural characterization of numerous materials [138-140]. By extending the
refinement to multiple phases, it might be possible to refine both phases present in the structure.
In electron diffraction, we showed that we could distinguish both phases, and thus, it should be

possible to also distinguish both phases in the 3D reconstructed reciprocal lattice.

In the continuation of my research on Li-ion battery cathode materials, | aim to enable the in-
situ experiments in liquid. The ability to investigate the crystal structure of the same particle
of a Li-ion battery cathode material in different stages (i.e. pristine, charged and discharged),
will enable us to follow the evolution of the crystal structure upon cycling and correlate it to
the electrochemical performance. These in-situ experiments would help understanding better
which electrochemical processes are related with which structural changes in order to choose
better the possible cation substitutions.

In order to succeed in these in-situ experiments, | will first focus on optimizing the deposition
of the particles at the side of the electrode without forming clusters. Besides the particle
preparation, | will also focus on the optimization of the TEM conditions to improve the signal-
to-noise ratio of the electron diffraction patterns without damaging the electrolyte and the
investigated material. When | succeed in acquiring qualitative electron diffraction patterns, |
will extend the experiment to the acquisition of an EDT series, and characterize the crystal
structure in different stages and for different cycles. For example for the Ti-doped Li2MnO3
sample, 1 only investigated the crystal structure before and after 50 cycles, while the capacity
fluctuates (first increases from 20 mAh/g to 70 mAh/g and then drops to 40 mAh/g) within
these 50 cycles. In ex-situ experiments, the cathode materials can only be investigated when

the electrochemical cell is opened, which prevents the researcher from investigating the
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material every 10 cycles to follow the structural changes. With in-situ TEM, | will be able to
investigate the crystal structure of the Ti-doped LioMnOs at, for example, every 5 cycles to
study whether these fluctuations are caused by changes in the structure, while at this point one

can only suggest the reason for the observed fluctuations.
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